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Abstract

The aim of this thesis is to investigate the effects of additives, reactive elements and
impurities, on the lifetime of thermal barrier coatings. The thesis consists of a number
of studies on interface adhesion, impurity diffusion, grain boundary sliding and cleavage
processes and their impact on the mechanical behaviour of grain boundaries.

The effects of additives and impurity on interface adhesion were elaborated by using
total energy calculations, electron localization and density of states, and by looking into
the atomic separations. The results of these calculations allow the assessment of atomic
level contributions to changes in the adhesive trend. Formation of new bonds across
the interface is determined to improve the adhesion in reactive element(RE)-doped
structures. Breaking of the cross interface bonds and sulfur(S)-oxygen(O) repulsion is
found responsible for the decreased adhesion after S segregation.

Interstitial and vacancy mediated S diffusion and the effects of Hf and Pt on the
diffusion rate of S in bulk NiAl are studied. Hf is shown to reduce the diffusion rate,
and the preferred diffusion mechanism of S and the influence of Pt are revealed to be
temperature dependent.

Finally, the effects of reactive elements on alumina grain boundary strength are
studied. Reactive elements are shown to improve both the sliding and cleavage resis-
tance, and the analysis of atomic separations suggest an increased ductility after the

addition of quadrivalent Hf and Zr to the alumina grain boundaries.
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Chapter 1

Introduction

1.1 Thesis Motivation and Outline

Improvements in technology have led to a need for high performance gas turbine engines
that can work at high operating temperatures and harsh environments. Application of
advanced cooling schemes together with deposition of thermal barrier coatings (TBCs)
on engine components can maximize the engine efficiency and lifetime. With the appli-
cation of TBCs, the need for cooling air is decreased and higher operating temperatures
can be reached without affecting the component integrity, leading to reduction in fuel
consumption and increase in the power to weight ratios.

TBCs typically have 3 main components: the bond coat (NiAl) deposited on turbine
blades, the thermally grown oxide (TGO (AlyO3)) which grows as a result of oxidation,
and finally the top coat to protect the component from high temperatures. The failure
of TBC systems mostly occurs at the TGO /bond coat interface, and addition of reactive
elements or diffusion of impurities to this interface affects the bonding strength and the
lifetime. The reactive elements are also known to segregate from the interface to TGO
grain boundaries (GB), altering the GB strength and changing the threshold stresses
required for the onset of deformation. A literature review about the TGO /bond coat
interface, diffusion of segregants in NiAl, and the Al,O3 grain boundaries is provided

in Chapter 1.



Microscopic level models are developed for investigating the TGO /bond coat inter-
face, diffusion in the bond coat, and the TGO properties where the interactions between
atoms are elaborated using density functional theory to link microscopic mechanisms
to macroscopic properties. The computational methods used are explained in Chapter
2 and a brief theoretical review is provided in Chapter 3.

Chapter 4 concentrates on the effects of alloying element (Pt), reactive elements
(Hf, Cr, Zr, Y) and impurity (S), alone or in combination on the adhesive trends of
the TGO /bond coat interface. S diffusion in NiAl and the effects of Hf and Pt on the
diffusion rate of S are analyzed in Chapter 5. Finally, Chapter 6 focuses on the ¥3
Al,O3 GB and the effects of reactive elements on the cleavage and slip behavior of this
GB.

Chapter 7 is the conclusion of this thesis summarizing the key findings and outlining

further research.

1.2 Literature Review

TBCs exhibit low thermal conductivity that is essential for reducing the heat transfer
from the hot combustion gas to the turbine blade substrate. In addition, some advanced
TBCs also provide protection against oxidation and hot corrosion. In order to achieve
both low thermal conductivity and high oxidation resistance, a multilayered coating
scheme is used (Figure 1.1).

In a typical TBC system, there are three primary layers: the top coat, the bond
coat and the thermally grown oxide (TGO). The thermally insulating ceramic-based
top coat is deposited on top of a metallic bond coat that protects the substrate from
oxidation and hot corrosion. Yttrium stabilized zirconia (YSZ) is preferred as the

ceramic top coat material while the bond coat is a nickel-based alloy (for instance (-



+=p Bond Coat
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Figure 1.1: Cross section of a TBC: The thermally insulating top coat, the bond coat to
alleviate the thermal expansion mismatch and the thermally grown oxide that grows from the
oxidation of the bond coat.

NiAl) that usually contains elements such as Cr, Pt, Y and Hf to increase its lifetime
[1]. The bond coat acts as a bridge, connecting the substrate and the top coat in order
to minimize the strains caused by the thermal expansion mismatch [2]. The TGO
layer is formed through oxidation of the bond coat and it provides protection against
oxidation and corrosion. However, its thickening causes spalls along the TGO-bond
coat interface [2], thus the bond coat is designed to form Al,O3 that has a low growth
rate and greater stability and adherence compared to other oxides [3].

Among ceramics, ZrO, is found to be the ideal choice as a top coat material owing to
its low thermal conductivity, high thermal expansion coefficient and good thermal shock
resistance [4]. At low temperatures, from 0 to 1180°C, ZrO, has a monoclinic symmetry.
However at higher temperatures, above 1180°C, it becomes unstable, decomposing to a
mixture of cubic and tetragonal zirconia [5]. In order to overcome this issue, the cubic
phase of ZrQOs is stabilized at ambient temperatures by doping with Y50O3. The dopant

cations substitute for Zr sites and create oxygen vacancies. The presence of vacancies



reduces the zirconia coordination number from eight (in cubic and tetragonal) to a
value closer to seven as in monoclinic phase.

There are two major types of metallic bond coats that are designed to form a-
Al,O3 as their oxides. One is based on a MCrAlY-type composition (M stands for one
or more of these elements Co, Ni, Fe). In these type of metallic bond coats, Y improves
the adherence of the oxide scale by gettering S, and Cr functions to increase the chemical
activity of Al. The other type of metallic bond coat is a Pt modified nickel-aluminide
(PtNiAl), which is preferred in higher temperature operating conditions.

The two principal deposition techniques that are used in TBC fabrication are the
plasma spraying (PS) and the electron beam physical vapor deposition (EB-PVD). Both
techniques are used for deposition of the top coat and the bond coat, however both
have their drawbacks. The discontinuity formation during the solidifying process in PS
technique may cause weak adhesion; while in EB-PVD method, there is a possibility
of spallation occurring at the top coat-bond coat interface during the cooling process
[1]. Different failure mechanisms are observed in EB-PVD and PS deposited TBCs.
PS deposition is preferred on rough bond coats and failure occurs by crack evolution
in the top coat, whereas EB-PVD is used on smoother bond coats and failure occurs
at the TGO/bond coat interface by the loss of adherence [3]. When compared, TBCs
deposited by the EB-PVD method have a longer lifetime, smoother surface finish,
superior erosion resistance and better stress compliance due to their columnar structure
[4, 6].

Failure mechanisms have been extensively studied by several researchers [3, 7-10]
in order to improve the lifetime of TBCs. The two main factors that initiate the TBC
failure are observed as: i) the interfacial structure; weakening of the adhesion between
the bond coat/TGO and the topcoat/TGO interfaces and ii) the elastic and thermal
property mismatch (thermal expansion and thermal conductivity) among these layers.

During oxide growth, the bond coat roughens and causes localized flaws that even-

4



tually link together with nearby flaws and cause large scale buckling and spallation
failure. As the TGO layer thickens, lateral compressive stresses are developed due to
the thermal expansion mismatch between the materials used. However, because the
TGO is adhered to the bond coat, it cannot expand and it undulates to reduce the
strain energy. This undulation causes oxide and alloy deformation and localized voids
at the interface. These voids start a folding effect, leading to cracking and spallation of
TBC at various points. Cracking causes the TBC to lose its function, and the substrate
becomes thermally unprotected [3]. Since the failure of TBC often results from delam-
ination of the TGO/bond coat interface, it is important to understand the nature of
the interfacial elastic and thermal properties together with the mechanisms and factors

initiating the failure.

1.2.1 TGO/Bond Coat Interface

It is necessary to understand the interfacial bonding mechanism and develop methods
to improve the adhesive strength of interfaces since most spallation in TBCs occurs
at the TGO/bond coat interface [11-15]. After deposition, the bond coat shows a
homogeneous [-NiAl structure. However during thermal cycling, aluminum depletes
due to oxide formation and some parts of S-NiAl transforms into 7’-NigAl. The oxide
(Al;O3) forms on the NiAl(110) surface with different surface terminations and usually
crystallizes in the corundum (sapphire, a-Al,O3) form that grows with its (0001) plane
parallel to NiAl(110) [11, 16, 17]. In order to observe the failure mechanisms and
effects of thermal cycling on the TGO/bond coat adherence, Al,O3/Ni, Al,O3/NiAl
and Al,O3/NizAl interfaces have been studied both theoretically and experimentally
[12, 13, 18-25).

Nickel has a face-centered-cubic (FCC) structure with a melting point of 1453°C.

The adhesion of Al;O3 on pure Ni substrate is investigated since the interactions



between Ni and Al,.;4. atoms play a major role on the interfacial adhesion trends of
Ni/Al O3, NiAl/Al, O3 and NigAl/Al,O3. Special attention is given to Ni(111) surface
because it possess the lowest lattice misfit with Al;O3(0001) [25] and forms the most
stable interface [16]. 7’-NizAl also has an FCC structure and the (111) surface is its
closest-packed surface. It possesses 75 %at Ni, 25 %at Al, and has a surface rippling
of 0.06 A [26, 27]. At high temperatures, a-Al,03(0001) is found to grow parallel to
this surface, and formation of 7’-NizAl is proposed to facilitate the formation of Ni-Al
bonds instead of a brittle spinel phase containing Ni-O bonds [16, 20].

NiAl, unlike NizAl and Ni, has a body-centered-cubic (BCC) lattice structure with
1640°C melting point. Although it is highly resistant to oxidation at high tempera-
tures, it has a poor fracture resistance at ambient temperatures [18, 28]. The ordered
NiAl has a typical CsCl-type structure with a lattice constant of 2.887A. Its (110)
plane (dimensions 2.887A x 2.887+/2A and interlayer spacing 2.887/v/2A) consists of
composite Ni-Al layers with each layer containing 50-50 Ni-Al sites (Figure 1.2). A
rippling geometry at the outer layer of this plane is observed in several experimental
studies [29-33]. At the topmost layer, Al atoms are observed to move outwards, while
the Ni atoms were relaxing inwards, towards the second Ni-Al layer, corresponding to a
rippling amplitude of 0.22A. A rippled structure is found in the first layer of NiAl(110)
using theoretical approaches, in agreement with previous experimental observations,
[27, 34, 35]. Kang and Mele [35] proposed two different forces that might be causing
the inward relaxation of Ni atoms, i.e., enhanced interlayer attraction due to reduc-
tion of repulsive s, p electrons between layers, and the interaction of ion cores and d
electrons of Ni atoms with redistributed s, p electrons. For the second layer, a smaller
oscillatory rippling is observed compared to the first layer, with Ni atoms displacing
up away and Al down towards the bulk NiAl [33, 35]. Such oscillatory behavior is
explained by the repulsion between the Ni atoms from the first layer and the Al s, p

electrons from the second layer. However, since the results found were within the error



bars of the experiments and calculations, no certain conclusion is made about relaxed

structure of the second layer.

<—a—>

Figure 1.2: Ideal NiAl(110) surface. orange, light blue, red and blue colors corresponds to
1st layer Al 1st layer Ni, 2nd layer Al and 2nd layer Ni atoms respectively

In previous experimental studies [11-15, 36, 37], a well-defined long range structure
of a distorted hexagonal Al,O3 as the oxide film formed on the NiAl(110) surface is
observed, and the Al terminated Al;Oj3 layer is found to form the most stable interface.
The oxide mesh formed on NiAl is determined to be rotated by 24° with respect to
the substrate, and its real space unit mesh is calculated as (A1:10.55A, A,=17.88A,
~=88.7) using low energy electron diffraction (LEED) [36] and X-ray diffraction [13] ex-
periments, which is much larger than that of the NiAl(110) mesh (A;=2.887, A,=4.083,
~v=90) [12, 14, 37]. Furthermore, greater rippling of Al and Ni atoms is observed on
the oxide covered NiAl(110) compared to the oxide-free NiAl(110) surface [13].

Sulfur is present at every step of deposition as well as in combustion gases and is
known to have detrimental effects on the oxide/bond coat adherence. During oxide
growth, it segregates to the metal surface and to the metal/oxide interface, promoting
void and defect formation, decreasing the interface and surface energy, and consequently
causing spallation [38-44]. The segregated S is observed to get trapped at the inter-
face, contributing to void growth, and with increasing S content, an increased cavity
formation followed by a significant mass loss is detected [44]. The effects of sulfur on

the bond coat/TGO interface are studied using computational methods to understand

7



the atomic-scale aspects of spallation [17, 45-48]. The simulations showed that the S
atoms segregating to the bond coat-oxide interface tend to reside on the metal surface
rather than moving towards the oxide. Carling et.al. studied the site preference of S
on the NiAl(110) metal surface and found the three-fold 2Ni-Al site as the most stable
adsorption position for S [49].

Various methods are being developed in order to mitigate the detrimental effects of
S. Modifying the bond coat structure using additives is one of the strategies employed.
Pt is known to improve the oxide adhesion and is shown to slow down the S segregation
to the interface [50, 51]. In compositional profile analyses, the Pt atoms segregating
to the interface are found to substitute for Ni atoms [25]. In short term isothermal
oxidation tests, it is observed to improve the scale adhesion by increasing the oxide
growth that fills up the voids and reduces the void formation [25, 40, 52, 53]. However
in long term cycles, again due to increased scale growth rates, thickening of the oxide
layer eventually triggers creep and plastic deformations and causes spallation.

The effects of Pt are also studied in atomic level using density functional theory
(DFT) calculations [54-57]. Two different Pt adsorption sites are modelled: 1) as a
Ni or Al substitute and 2) at the metal/oxide interface. Once Ni site preference of
Pt atoms in B-NiAl is verified using DF'T methods, the adhesion of the clean, and
Pt modified interfaces are calculated. Even though, experimentally, Pt is shown to
improve the TBC lifetime, no significant change in the interface adhesion is observed
after its addition in DFT calculations. In order to clarify this conflict, it is suggested
to improve the lifetime by promoting Al diffusion to the interface concomitant with
increased oxide growth that prevents formation of fast growing, brittle Ni-rich oxides.
Supporting this proposition, Marino et. al. observed an increase in Al diffusion rate in
the presence of Pt [58]. Thus, reduced S segregation and increased Al diffusion to the
interface are considered to be the main causes of enhanced TBC lifetime.

At lower temperatures, the oxide grows on the bond coat with its metastable, fast



growing v and 6 phases. In general, reactive elements (RE) are known to promote
transformations from fast growing ~ and #-Al,O3 phases to stable, protective and
slow growing a-Al;O3 phase [59, 60]. Thus, addition of most reactive elements into
the bond coat is found to slow down the oxide growth rate, increase the stability of
its -phase and consequently improve the lifetime of the TBC [61-63]. In addition to
reducing the oxide growth rate, REs are also known to increase the TBC lifetime by
inhibiting the void formation and forming strong sulphides within bulk NiAl to stop S
diffusion to the interface [43, 44, 64-66]. Especially Hf, Y and Zr are known to be the
most effective dopants in decreasing S segregation and improving the cyclic oxidation
resistance [60, 67]. These positive effects of REs are also suggested to be associated
with their segregation from the bond coat to metal-oxide interface, towards the oxide
grain boundaries to form RE-oxides [63, 68].

To explain the improved scale adherence in atomic level, using DFT calculations
a metal-oxide interface with an Hf additive is modeled. These calculations showed
that its tendency to move towards the oxide is due to the strong, partly ionic-partly
covalent Hf-O bonds [17]. Moreover, as expected, addition of Hf to the interface or as
a substitute in the bond coat is determined to increase the adhesion of the interface
(17, 46].

Just like other reactive elements, Cr promotes 6 to v phase transformations, de-
creases the interfacial void growth and increases the fracture toughness of NiAl [69, 70].
However it is proposed that addition of Cr deteriorates the oxide adhesion by increasing
the oxide formation rate [68, 71, 72]: At the early stages of Cr containing bond coats,
the hexagonal CryO3 is formed at the bond coat surface which acts as nuclei to form
finer grained hexagonal a-Al;O3. Due to its fine grained structure, it provides more
paths for Al and O diffusion that causes greater oxidation. In addition, it is found
to co-segregate with S, increasing S content at the interface [73]. This behaviour is

shown to cause plastic deformations and result in reduced TBC lifetime. Addition of



Zr to Cr containing alloys is found to improve oxidation resistance, however not enough
to outweigh the increased oxide growth rate due to presence of Cr [74]. Similarly, Cr
addition to a Hf doped bond coat is found to increase oxide growth and spallation rates
[68].

Compared to Hf or Zr, Y is shown to be less effective in reducing the oxide growth
and small amounts of yttrium-sulfide is observed at the metal-oxide interface [75, 76].
Furthermore, co-doping Y with Hf or Zr is found to be more efficient than purely Y,
Hf or Zr doped structures, and a slower oxide growth is observed in Y+Zr and Y+Hf

doped interfaces [77-79].

1.2.2 Diffusion in NiAl

Self-diffusion and diffusion of REs or impurities in NiAl are dominant mechanisms
effecting the oxide growth and oxide spallation rates in TBCs. As explained previously,
segregation of impurities, such as S, reduces the surface energy and initiates void and
crack nucleation, while self-diffusion of Al to the metal surface increases the oxide
growth rate. Thus the diffusion phenomenon is very important in understanding oxide
adherence and in enhancing the TBC lifetime.

Since both Ni and Al atoms possess large atomic radii, the self-diffusion in NiAl
occurs via vacancy formation. However, more complex vacancy mediated diffusion
mechanisms have been proposed for self-diffusion in NiAl, because diffusion by a random
nearest neighbor jump creates disorder in the structure. Triple defect mechanism (TD),
anti-structural bridge mechanism (ASB), next nearest neighbor jump (NNN) and six
jump cycles (6JC), all of which requires complex defect structures, are explained in
detail in Chapter 3. NiAl is known for its capacity to accommodate excess Ni and Al
atoms and it is agreed upon that the concentration of the NiAl alloy is a factor affecting

the diffusion mechanism [80, 81]. Depending on the concentration and the temperature,
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four types of defects exist in NiAl; vacancy on a Ni (V ;) or an Al (V 4;) lattice site, and
anti-structure atoms (Ni atom at an Al site (Niy;) or an Al atom at a Ni site (Alyy)).
The NiAl anti-structure atoms are commonly encountered in Ni-rich NiAl alloys while
the Vy; vacancies are common in Al-rich compositions [80]. Some of the factors used
in determining the diffusion rate are the migration energy, formation energy and the
jump frequency. These factors, which are explained in detail in Chapter 3, are also

considered to be important in determining the preferred diffusion mechanisms.

Ni self-diffusion in NiAl

Self-diffusion of Ni in B2-NiAl alloy is measured at various compositions and over a
wide temperature range, since the preferred diffusion mechanisms are known to be
concentration dependent. It is agreed that at temperatures over 1000K, for Al-rich
and stoichiometric compositions, Ni prefers a triple defect mechanism while for Ni-
rich side of the composition the ASB mechanism is shown to be dominant [80, 82].
In agreement with experimental data, theoretically, the TD is found to be the most
plausible mechanism due to its low diffusion barrier [83, 84], and for Ni-rich side, an
increased anti-site concentration that is essential for diffusion by the ASB mechanism is
predicted [85, 86]. In addition, the NNN mechanism is proposed to occur concurrently
with other mechanisms due to its low energy barrier [87]. Finally, even though some
researchers proposed the 6JC as the major diffusion mechanism, it is later shown to

be dominant at low temperatures (T<1000K) and at stoichiometric composition only

88-90].
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Al self-diffusion in NiAl

Minamino et. al. [91] calculated the formation and migration energies of Al self-
diffusion in Ni rich and stoichiometric NiAl. For Al self-diffusion, they proposed NNN
or Ni-ASB mechanism in Ni-rich NiAl, and a possible TD mechanism in stoichiometric
NiAl. In agreement, Nakamura et. al. [82] used Kirkendall effect and showed that at
high temperatures, TD is dominant for Al self-diffusion in stoichiometric and Ni-rich
compositions. Furthermore theoretically Xu et. al. [85] predicted the ASB mechanism
for Al diffusion while Marino et. al. [58, 86] proposed ASB would contribute only to
short range Al diffusion and that TD mechanism will dominate long range Al diffusion
in both Ni rich and stoichiometric compositions.

In order to assess the effects of additives on Ni and Al self-diffusion, Marino et.
al. studied Ni and Al self-diffusion in the presence of Pt using first principles [58, 86].
In agreement with previous experimental data [52, 92|, they found that addition of Pt
increased the diffusion rate of Ni and Al for all proposed mechanisms by decreasing the
migration barrier. They concluded that an enhanced Al diffusion rate due to the Pt

addition is one of the reasons for increased TBC lifetime.

Diffusion of Impurities and Additives in NiAl

Diffusion of S within NiAl is proposed to be by an interstitial mechanism due to its
lower diffusion rate compared to Ni self-diffusion in NiAl [38, 93]. Whereas the diffusion
of Pt in NiAl is observed to be mainly by TD, ASB and NNN at stoichiometric, Ni-rich
and Al-rich sides of the composition, respectively [91]. Since Pt is suggested to have
an effect on S diffusion rates in NiAl, Christien ef. al. [94] measured the concentration
profiles by Auger electron spectroscopy. They found that below 900°C, S atoms are
diffusing faster after Pt addition, while beyond 900°C, Pt was delaying the S diffusion

to the interface. Similarly Hou et. al. showed that Pt was reducing the S segregation
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on both stoichiometric and Ni-rich NiAl surfaces [50].

1.2.3 Al,O3 Grain Boundary

Failure is an important phenomenon in determining the lifetime of TBCs, and the
stresses acting on the TGO layer play a major role. During thermal cycles, most
imperfections occur at TGO grain boundaries (GB), and the stresses caused by thermal
expansion mismatch and the TGO growth are alleviated by displacement of neighboring
grains parallel or perpendicular to the boundary. Due to its wide range of applications,
mechanical properties of Al;O3 GBs and the effects of segregants on the properties
of these GBs are studied by many researchers [95-113]. Sliding is determined as the
dominant process in creep of alumina grain boundaries which is shown to be affected by
segregation of reactive elements. Hf, Y, Zr, and other REs are determined to decrease
the creep rate significantly, and in tensile tests, YSZ addition is observed to improve
the tensile strength of the oxide.

Fabris ef. al. analyzed different terminations of the ¥13 (1014) Al,O3 symmetrical
tilt and the 33 (1010) Al,O3 GBs using DFT for both, and additionally ELNES for
the 33 GB. In their study they demonstrated that a combination of experimental and
computational observations is far more reliable compared to the information gathered
from individual methods [95, 98, 99, 108, 109, 114]. A similar conclusion, that a com-
bination of methods is more reliable, is drawn from Milas et. al.’s studies, in which
the cohesive properties and sliding barriers of X 11 tilt GB with and without segregants
are calculated [111, 112]. Even though, a weaker adhesion is determined after Y seg-
regation, the sliding barrier in the Y and other RE doped grain boundaries are much
higher than the un-doped interface as expected. In addition to improving the sliding
barrier, Y is shown to improve the tensile strength of 33 GBs in theoretical tensile

tests, in agreement with experimental observations [100, 102, 106, 111, 115]. Vacancy
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formation, however, at the >3 tilt GB is calculated to decrease the sliding threshold
stress in low energy GBs [116].

The bond structure between two grains influences the creep resistance [96, 113].
During 13 [1210] pyramidal twin GB sliding, breaking and re-bonding of the bonds
at the boundary, especially the Al-O bonds, are found to be the controlling factor of
this process [117]. In addition, for twin alumina grain boundaries, the Al-Al nearest
neighbor pairs and the repulsion caused by short range anion packing is shown to
dominate the interfacial energetics [110]. In RE containing GBs, REs are detected
to form partially covalent transition metal-O bonds that are predicted to improve the
creep resistance and GB strength for ¥3, ¥7 and ¥13 alumina GBs [96, 100, 102].
During these calculations, the main factor affecting the segregation energy is proposed

to be the ionic radius of segregants [96, 100].
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Chapter 2

Computational Methods

2.1 Introduction

Atomic-scale modeling creates an ideal laboratory environment and offers a way to
investigate the dynamic behavior of systems that are currently impossible to explain
using traditional experimental schemes. Computational methods are essential in inves-
tigating the microscopic nature of metal-ceramic interfaces, such as the NiAl/Al,O5
interface. A better understanding of a particular interface structure helps elucidate
ways to optimize fabrication parameters in order to maximize thermal insulation and
minimize spallation. Furthermore, calculating phonon frequencies and ground state
energy by means of computational methods will help determining the effects of atomic
and electrostatic interactions on diffusion coefficients and diffusion paths. By analyz-
ing the influence of dopants on impurity diffusion, the crucial effects of dopants on the
performance of the TBC can be determined.

In this thesis, electronic structure relaxations are conducted to calculate the energy
of an interface or a system with a diffusing atom, using the ab initio: density functional
theory as implemented by Vienna Ab initio Simulation Package (VASP) [118]. The
transition state energies are found using the Nudged Elastic Band (NEB) method [119]
and phonon frequencies are determined using the supercell method [120] as utilized in

Alloy Theoretic Automated Toolkit (ATAT)[121].
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2.2 Density Functional Theory

In quantum mechanics, information regarding material systems can be obtained by
solving the Schrodinger equation of the many electron system. Solving a many-electron
system is a mathematical challenge thus several approximations have been proposed
to simplify it. These approximations can be categorized as: (i) methods based on
the wave functions, which have led to the development of Hartree and Hartree-Fock
approximations, (ii) methods utilizing the electron density as the main variable, which
are initiated by Thomas-Fermi Model and led to development of DFT by Hohenberg
and Kohn[122].
A single electron under the influence of a potential field, defined by the wave function
Y(r), satisfies the time independent Schrodinger equation:
52
HO0) = (=50, 94 U0 ) 0(6) = 20, 21)
For the case of a many body problem consisting of N interacting electrons under
the influence of a potential defined by the wave function ¥ = W (ry,rs,...,ry), the

Schrodinger equation takes the form:
(V| T+U+V|¥)=FEVU (2.2)

where the first term is the kinetic energy operator, the second term represents the
interaction of electrons with the nuclei at position R, and the last term is the Coulomb

energy caused by the electron-electron interactions:

() = 5o SV (2.3
Vi) = 7Y |r_1R| (2.4)
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(2.5)

Thus, Eq. 2.2 can be rewritten as:

(Z<_;nv2 QZ| 4—R|>+ Zm r]|) (r) = EY¥(r) (2.6)

i=1 i#]

In order to simplify Eq. 2.6 and derive a one electron Schrodinger equation, one assumes
a single electron moving under the influence of the potential energy created by other
electrons. According to the Thomas-Fermi approximation, if other electrons are treated
as a smooth distribution of negative charges with the electron charge density n(r), Eq.

2.5, can be rewritten:

1
v — |

U(r) = Ugln ——e/drn (2.7)

where the electron density, in terms of the independent wave functions is given as:

) = — 3 [di(r)]” (23)

Hohenberg and Kohn[122] have developed two important theorems: (i) the ionic
potential has one to one correspondence with the electron charge density n and (ii)

only the correct density that satisfies the normalization condition:

—eN = / n(r)dr (2.9)

minimizes the ground state energy. Hohenberg and Kohn have also defined a universal

functional, F'[n] which only depends on the kinetic energy of the electrons and the
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potential due to electron-electron interactions.
Fn| =(V (T +U)| V) (2.10)

The universal functional does not have an exact expression since the energy due to the
interaction of electrons cannot be derived analytically.
Using the Hartree approximation to express the N-electron wave function in terms

of N one-electron wave functions:

U(ry,ro,...,ry) = ¥1(r1)a(re) ... Yn(ry) (2.11)

and placing Eq.’s 2.7 - 2.11 into Eq. 2.6, the one-electron Hartree Equations are ob-

tained:

VR E) + V() +

éz/wwww|]m®:wm><mm

1
r—r|

Within the Thomas-Fermi approximation, the electron-electron interactions are not
taken into consideration and the kinetic energy is approximated as the kinetic energy

of the non-interacting electrons Ts[n].

T'[n] = Ts[n| (2.13)

LN (2.14)

where V, = V 4+ Uy + T — T, if n,(r) = n(r).

Kohn and Sham[123] constructed a system using fictitious non-interacting electrons

18



with the same density as interacting electrons in order to satisfy the Pauli Principle and
to include the correlation of electrons. They used single particle orbitals and introduced

the exchange correlation energy F,.(r).

A

n|T+U+V|v

W[n]) (2.15)

where E,. is composed of (U — Uy) and (T — Ts). For a non-interacting system the
kinetic energy is the sum of the individual kinetic energies[124], T[n], which can be
written in terms of single-particle orbitals that are functionals of the electron density,
n:

h2
Lo = =503 [ droi vt (2.16)
where the Kohn-Sham wave function is constructed using the single particle orbitals:

v — \/%Det[@@ - éu] (2.17)

The ground state energy with respect to the electron density is minimum when its

derivative with respect to n(r) is zero.

8£

on

OLIn) | OV . Uy  OE
on(r)  On(r)  On(r) Gn( )
OT[n]

- (o) +0(r) + v (r) + vge(r) (2.18)

Similarly, for a system of non-interacting particles the derivative with respect to n(r)

1S:

OFE 0Ts[n] N 0Vs[n|

on  on(r) ' on(r)
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0T[n]
on(r)

+u,(r) =0 (2.19)

These Eq.’s (Eq. 2.19 and Eq. 2.18) have the same solution, ns(r) = n(r), if vy is
chosen to be:

0,(1) = 0(x) + g () + Vye(r) (2.20)

As a result, the electron density of an interacting system under the influence of a
potential v(r) can be calculated by solving the following Schrodinger equation of a

system of non-interacting particles in a potential vg(r):

[‘#vz 0] 06) = e (221)

2m

A self-consistent approach is followed, to obtain the electron density. An initial guess
of n(r) is made to calculate V; and Eq. 2.21 is solved for ¢; to obtain a new density
n(r). This iteration continues until the desired accuracy is obtained.

The exchange-correlation term is not explicitly known, thus different approxima-
tions are made to define F,. in terms of the electron density. Local Density Approxima-
tion (LDA) and Generalized Gradient Approximation (GGA) are the most commonly

used approximations.

2.2.1 Local Density Approximation (LDA)

LDA assumes that the exchange-correlation energy per electron e,.(r) at any point r
is equal to the exchange-correlation energy per electron in a uniform electron gas with

the same density at point r[123]:

Exe[n(r)] = e3¢" [n(r)] (2.22)
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giving
Epln()] = [ enln@)n(ydr = [ (e )] + eln(@n@)dr  (223)

Here €,[n(r)] and e.[n(r)] are the exchange and correlation energies of a uniform electron
gas with density n(r) where the exchange correlation functional for a uniform electron
gas is [125]:

ELPA[(r)] = —Z (3>1/3 / n(r)Y3dr (2.24)

™

The correlation functional does not have an explicit analytical expression, however ap-
proximate values are derived for various densities using Quantum Monte Carlo calculations[126].
LDA is successful in harmonic frequencies and equilibrium structure calculations, how-
ever it does not provide accurate binding energies. In order to suppress its over-binding

effects various improvements have been proposed.

2.2.2 Generalized Gradient Approximation (GGA)

On top of its over binding problem, LDA fails when the density undergoes rapid changes.
The GGA overcomes this problem and accounts for inhomogeneities by considering the

gradient of the electron density[127]:

E.. = ES%n(r), Vn(r)] (2.25)
which has the form[128]:
1/3
EOGA — i <3) / n(r)Y3 F(s)dr (2.26)
s

where the function F'(s) is:

 1+40.19ssinh™"(7.79s) + (0.27 — 0.15¢71905°) &2

F
(s) 1+ 0.19ssinh 1 (7.795) + 0.004st

(2.27)
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and a scale density gradient s is:
V|
S =
2]€FTL

(2.28)

where kp = (372n)'/? is the Fermi wave vector for a homogeneous electron gas with
density n.

Compared to LDA, GGA gives better results for binding energy calculations. How-
ever there are some cases that GGA over-corrects the problems in LDA leading to

under-binding[129, 130].

2.2.3 Pseudopotentials

Calculation of v(r) by including all electron wave functions is an expensive and time
consuming process [131]. The physical and chemical properties of materials are mostly
determined by valence electrons. Thus in order to obtain a faster but still an accurate
algorithm, the frozen core approximation is introduced in which only the effects from the
valence electrons are taken into account and the effects of core electrons are replaced by
a pseudopotential with a pseudo-wavefunction WS [132]. According to its definition,
this wavefuntion mimics the all electron wavefunction beyond the core radius while
removing the nodes within the core region (Figure 2.1). Pseudopotentials reduce the
cost by decreasing the number of Kohn-Sham equations to be solved but introduce the
expense of creating the new pseudopotentials that requires large plane wave basis sets

for transferability and norm-conserving properties.

Ultra-Soft Pseudopotentials

In order to avoid large basis sets, large cut-off radii leading to less accurate solutions
are chosen. Non norm-conserving pseudopotentials were first introduced by Vanderbilt

to avoid large basis sets [133]. Within his approximation, the pseudo wavefunctions
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Figure 2.1: All electron and pseudo potential and wavefunction

are equal to the all electron wavefunctions outside the cutoff radius, whereas inside the
cutoff radius they are as smooth as possible where localized augmentation charges are
introduced to make up for the charge deficit caused by relaxing the norm-conserving

constraints [132]:

(UP9)1 4+ NPS|WPS) = (WAE | pAF), (2.29)

Here W4¥ ig the all-electron wavefunction and N** is the nonlocal charge augmentation
operator. Using the pseudo-wavefunctions, the ultrasoft pseudopotentials(US-PP) and

the charge density within US-PP approach become:
Vos = ‘/loc(r) + Z Dlm|6l><ﬂm| (230)
lm

n(r) =3 [i@)]* + 32 3 (¥l B1) Qo (v) (B 101) (2.31)

i Im
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where (), are the augmentation charges that are defined by the charge difference

between the all-electron and pseudo wave functions and |5;) are the projectors.

Projected Augmented Wave Method

A similar approach, relaxing the norm-conserving constraint is introudced by Bloch in
which a linear transformation connects the pseudo and all electron wave functions as
[134]):

|UAEY = T|WPs) (2.32)

where T is the transformation operator that leads to:
[OAE) = [07%) + D 2(16") — o)) (32 ™) (2.33)

|d:) = |dime) are the partial waves and J; are the projector functions. This way the all
electron wavefunctions can be reconstructed from pseudo wavefunctions by subtracting
the real oscillatory part close to an atom and replacing it by a pseudo function as
represented schematically in Figure 2.2 [135-137]. Similarly, the electron density and

the potential become a combination of three terms as:
n(r) = nps(r) — npg(r) + nlyp(r) (2.34)

and

E = FEps— Ebg + ELyp (2.35)

where npg(r) is the pseudo charge density, nhg(r) is the compensation charge and

nYy5(r) is the onsite all electron charge density.
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Figure 2.2: Schematic representation of PAW formalism
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2.3 Nudged Elastic Band Method

Nudged Elastic Band (NEB) method is used for finding the minimum energy path
(MEP) between the initial and final states of a transition[119]. The maximum energy
along this path refers to the saddle point energy which determines the migration barrier
for the diffusion process. A chain of images at the intermediate positions between the
end point configurations of the diffusion path denoted by [Rg, Ry, -+, Ry], is created
and all intermediate images are simultaneously optimized to obtain the MEP as shown
in Figure 2.3a.

The NEB method incorporates strong aspects of the Locally Updated Planes (LUP)
method [138] and the elastic band methods. In the LUP method, local tangents to the

path connecting the images are introduced:

~ Ri+1 B Rifl
= ol Tl 2.36
" Ri — R (230

and within the hyperplane with normal ¢;, the potential energy of each image is mini-

mized:
OR;
ot

= -VV(R)I[1 — ¢:q] (2.37)

After every M steps of relaxation according to Eq. 2.37, new R,; values are obtained
and used to recalculate the tangents, ¢;. Since the images are not connected, the LUP

method ends up in an uneven distribution of images along the path that can cause a
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(a) (b)

Figure 2.3: (a) The dashed straight line is the interpolated image before relaxations. The
straight line shows the MEP after convergence. (b) Forces that make up FV¥B; parallel spring
force FZ-SH and the perpendicular component of the potential Ff‘. The tangent is defined along
the path as the unit vector towards the higher energy neighboring image.

discontinuity in the case of two or more MEPs, between the end points[139]. In elastic
band methods, the images are connected with springs, with spring constant k, and an

object function is defined as:
i= N

SRy, Ry_1) =Y V(R) +Z§(Ri ~Ri,)? (2.38)

=1

=2

[e=]

.

The object function is minimized with respect to the intermediate images while keeping
the end points fixed. In LEPS potentiall, the total force on image i is the superposition

of the true force, caused by the potential field, and the spring force[140]:

F,= -F! +F; (2.39)

where the true force can be obtained by F/ = —VV(R,;) and the spring force F? is

London-Eyring-Polanyi-Sato(LEPS) Potential, an elastic band method
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given as:

F} = ki1 (Riy1 — Ri) — ki (Ri — Rioy) (2.40)

The drawback of this method is that if the spring force is relatively small compared to
the parallel component of the true force to the path, the images around the saddle point
will shift towards the end points and if the spring force is chosen higher, the saddle
point will be overestimated because of the perpendicular component of the spring force.
In the NEB method, different from Eq. 2.36, the local tangents are defined by:
T;r if Vigr > Vi >V

o it Vi < Vi< Vi

7

where ;" = R; 11 — Ry, ;7 = R; — R;_; and V; = V(R;) is the energy of image i [141].
If both of the adjacent images are lower or higher in energy than image 7, the tangent
is the weighted average of 7;" and 7;~, where the weight is determined by the energy of
adjacent images. If the energy of image i is greater or smaller than both the adjacent

images; Vix1 < V; >V, or Viuy > V; < V;_1, then the minimum and the maximum

energy differences are defined as:

AV = maz (|Vigr — Vil [Vier = Vi)

AV = min ([Vigr = Vi, [Vier = Vi) (2.42)

which can be used to obtain the new normalized tangent estimate 7; = 7;/ |;| where

Ti+A‘/imaac + TlfA‘/imin if V;+1 > ‘/;71
Ti-‘rAv;min + Ti—Av;maz if ‘/i-‘rl < ‘/z‘—l

Moreover, to overcome the problems encountered in LEPS, the perpendicular com-

ponent of the spring force and the parallel component of the true force to tangent are
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removed, and only the parallel component of the spring force and the perpendicular
component of the true force to the tangent are applied on the images as shown in Figure

2.3b. Then, the total force acting on image ¢ becomes:
FNEB — T 4 F) (2.44)

where F'* the perpendicular component of the true force, and FiSH, the parallel com-

ponent of the spring force, are given as:

F7l =k (Riys — Ri| = [R; — Ry ) 7 (2.46)

Several modifications have been made to the NEB method to improve the accuracy
of the MEP. Climbing Image Nudged Elastic Band (CINEB) is a modification to the
NEB method, in which the image possessing the highest energy after several relaxations
is forced to converge uphill to the saddle point[142]. The image is forced to maximize
its energy along the band and to minimize it in all other directions. This is done by
removing the spring force, F¢, on this image and adding the inverted component of the

true force parallel to the tangent, —Ff”,:

FCINEB _ pTLi _ g7l
7

mazx 7

= —VV(Rimax) + QVV(Rzmam) : 7A—imcwﬂtinwac (247)

where imax refers to the image with the highest energy. In order to improve the
resolution around the saddle point, variable spring constants are used. Lower spring

constants are used to connect low energy images and stronger spring constants are used
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around the saddle point by:

Emam _E're

ki = s (2.48)
kmaz — Ak if B, < Eyes

Fmaz — Ak (s} if By > By

where E; = max{E;, E;_1} is the higher energy of the two images connected by spring
iy Emae 1s the maximum value of F; for all the images and E,. is a reference value for

the energy|[142].

2.4 Supercell Method

The Direct Supercell Method is utilized to calculate the phonon frequencies. It is
based on the observation that the planar force constants can be expressed as a linear
combination of the inter atomic force constants, where the planar force constants for a
high symmetry direction can be determined using super cells[120]. With this method,
not only harmonic but anharmonic effects can also be investigated.

A pair of atoms, positioned at unit cells associated with lattice vectors R; and
R; (Figure 2.4), create a potential energy ¢(R; — R;)[143]. If the atoms « and S are

displaced by u®(R;) and u”(R;), then the total potential energy of the crystal becomes:
U=> ¢Ri—R;+uRi) —uRy)) (2.49)

Expanding the total energy using the Taylor’s approximation about the equilibrium po-
sition, and removing the higher-order terms, the potential energy within the harmonic

approximation can be written as:

U = U+ yherm (2.50)
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where U is a constant representing the potential at equilibrium and U™ is the

harmonic potential due to displacements.

1
Uharm _ = Z uOé(Ri> . Caﬁ(Ri — R_]) . uB(RJ> (251)
Ri,Rj,0,8

C*%(R; — R;) is the force constant matrix connecting atom « in the cell R; and atom

B in the cell R;.

atom o

G\U“(RD

ith unit cell

(0,0,0)

Figure 2.4: The vector R; describes the position of the unit cell ¢ with respect to the origin
(0,0,0). 7% is the position vector of atom « in the unit cell i and u®(R;) is the vector
representing the displacement of atom « from the equilibrium.

The equation of motion for this system can be written as:

M,i%(R;) = — > C*¥(R; — Ry)u’(R;y) (2.52)
B,R;

where M, is the mass of atom «. Using an ansatz to define the displacement u® in

terms of a plane wave in momentum space:
u*(R;) = ——=u®(q)e'@Ri=t) (2.53)

and substituting the second derivative of Eq. 2.53 into Eq. 2.52, the equation of motion
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can be rewritten as:

1

C(R)e R4 (q) = 0 2.54
T (R) (q) (2.54)

—wrut(q) + > >
3 R
where R is the vector connecting atom « in cell 4 to atom 3 in cell j and 7% is the

position vector of atom a(f) in the unit cell i(j). Defining a dynamical matriz:

D (q) =) ! C(R)e/a (RA7-77) (2.55)

R /MuMs

Eq. 2.54 can be rewritten in terms of the dynamical matrix as:
~w*u(q) +>_D*(q)u’(q) =0 (2.56)
B

The one dimensional planar force constants along high symmetry directions, A*?(n),
can be calculated from the Hellmann-Feynman forces [144]. The force on atom « in the
n'" layer due to the collective displacement of 3 atoms in the m'* layer can be given

with respect to the one dimensional planar force constants as:

F*(n)=— %)\aﬂ(n —m) -u’(m) (2.57)

After calculating the force constants for both longitudinal and transverse displacements
using Eq. 2.57, which are the projections of planar force constants in the polarization
directions, the planar force constants can be found by unitary transformations[120].
The planar force constant A**(n) acting on the displaced layer d,, away can be expressed

as the sum of force constants:

AP () = > C“*(R) (2.58)
R.& (R+71o—78)=d,

31



where € is the unit vector normal to the atomic layer. Solving Eq. 2.58, the force con-
stant matrix and thus the dynamical matrix can be obtained. Finally, if Det{D%?*(q) —
w?I} = 0, the phonon frequencies can be found by solving for the eigenvalues of the

dynamical matrix in Eq. 2.56.

2.5 Electron Localization Function

In order to examine the potential correlation between the electronic structures and
adhesion, diffusion or grain boundary strengthening phenomena, the electronic density
of states (DOS) and the electron localization function (ELF) are calculated. ELF
amplifies the bonding features and allows one to analyze the electron distribution on

an absolute scale. The ELF is defined and calculated as:

1
ELF = , (2.59)
p(T
1+ (—7“(( )))
with
D(7) = ;V?V?//}<?,?’> - ;w (2.60)
and
D () = f:) (372) 'n(7)} (2.61)

where p is the first order reduced density matrix, D(7) is the von Weizscker kinetic
energy functional corresponding to the ground state kinetic energy density of a non-
interacting system at density n (7), and D, (7) is the kinetic energy density of a
uniform electron gas with a spin density equal to the local value of n (7). ELF values
are closer to 1 for high electron localization, and 1/2 for the regions with a valence

charge distribution similar to the homogeneous electron gas [145].

32



Chapter 3

Theoretical Methodology

3.1 Work of Adhesion

The characteristics of interface and bonding properties can be described by the work
of adhesion W,,;. The work of adhesion is defined as the energy per unit area, needed
to separate/pull the system apart to its constituents. The work of adhesion is defined
as:

_ Epc+ Erco — Epcjrco

Wy = 1 (3.1)

where Epc, Ergo and Epc/rao are the total energies of the bond coat, TGO and the
interface, respectively. Previously, using ab initio calculations, the work of adhesion of
Al,O3/NiAl interface is calculated as 2.82 Jm™2 or 0.661 Jm™2 by various authors [17,
47]. The difference between results can stem from the difference in the way the models
are created and the machines used for calculations. Thus, instead of a quantitative

analysis, it is best to conduct a qualitative comparison between studies.

3.2 Diffusion Theory

Diffusion is a result of the constant thermal motion of atoms, molecules, and particles,

which causes atoms to move from areas of high to low concentration. Fick’s laws of
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diffusion provide the necessary equations to find the diffusion coefficient, D.

3.2.1 Fick’s Laws of Diffusion

In a three dimensional system, considering a flux of diffusing particles with a concen-
tration c(x;,x;,xg,t), Fick’s first law in a three dimensional, isotropic medium is given
by:

J=—-DVc (3.2)

Eq. 3.2 suggests that, in the presence of a concentration gradient %, a flux density
(number of atoms/moles traversing unit area per unit time), .J, in the opposite direction
is established and a diffusion process begins in order to balance the concentration [146].
When the flux varies with time, i.e. for the time dependent case, the equation of

continuity for diffusion becomes:
aJ e

%= 5 (3.3)

where the number of diffusing particles are conserved. And finally, substituting Eq. 3.2
into Eq. 3.3, Fick’s second law is obtained as:

dc Do?c

ot a2 (3:4)

in which, D is called as the diffusion coefficient and has the dimensions of m?s~*.

When the system is not isotropic, physical and chemical properties depend on the
direction. Thus in an anisotropic media, the diffusivity term becomes a symmetric

tensor and for each direction, a unique diffusion coefficient is used.

D; 0 0
D = 0 Dy 0 (3.5)
0 0 Ds
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where Dy, Dy and Dj are called the principal diffusion coefficients.

The diffusion coefficient can be expressed in terms of the principal diffusion coeffi-
cients for an arbitrary direction in an anisotropic medium (Figure 3.1),. If the angles
0., 05, 05 with respect to the principal axes are given, the diffusion coefficient for an

arbitrary direction becomes [147]:

D = cos0iD; + costlz Dy + cost3 D3 (3.6)

For uniaxial crystal systems that has a crystal axis different from the other two axes,

D1 = Dy # D3, the diffusion coefficient reduces to:

D = D;sin*0 + D3cos*© (3.7)

where © is the angle between the crystal axis and the diffusion direction. As for cubic

materials, the diffusion is the same in all axes and the diffusion coefficient is a scalar

quantity: Dy = Dy = D3 = D.

Diffusion Direction

p.o |

Figure 3.1: Diffusion direction in a single-crystal with principal diffusion axes x1, x2, x3
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3.2.2 Atomic Theory and Jump Processes

Diffusion occurs by individual jumps of atoms within bulk materials, along dislocations,
grain boundaries and interfaces or at surfaces. For a bulk material, in which all jumps
are well defined, there are eight possible diffusion mechanisms [148]: ring, exchange,
interstitial, interstitialcy, crowdion, vacancy, divacancy, and relaxation; from which the
most frequently encountered mechanisms are vacancy, divacancy and interstitial.

In most solids, diffusion of a tracer or an impurity atom is mainly vacancy mediated.
If there is a vacant lattice site in the structure, one of its neighboring atoms jump onto
that site, leaving its initial site vacant. The successive jumps that an atom makes are
not independent from each other. After the atom jumps to a vacant site, its next jump
depends on the probability of having a vacancy at a non-random nearest neighbor site
[149]. The vacancy concentration increases with increasing temperature and leads to
divacancy formation. For loosely packed crystal structures, the interstitial mechanism
is preferred. The interstitial atom, which is usually smaller in size compared to the

host atoms, makes uncorrelated jumps from one interstitial site to another.

plane 1 plane 2

I'i2
 —

I'21
.&

A

Figure 3.2: Diffusion planes

Considering a unidirectional diffusion of atoms between planes 1 and 2 with inter-
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planar spacing A as in Figure 3.2, the net flux from plane 1 to 2 is given as:

J =Ji12 = jar = ml2 —nal's (3.8)

where I';; is the jump frequency from plane i to plane j and n; is the number of diffusing
atoms per unit area on plane i. Relating n; and ny to volume concentrations of diffusing
atoms and applying the Taylor expansion, the net flux can be rewritten in terms of the
concentration gradient as:

oc

_ _\1 =
J=-NT o (3.9)

Substituting Eq. 3.9 into Eq. 3.2, the diffusion coefficient is obtained as,

D = \T. (3.10)

Atoms make a completely random walk when there is no correlation between successive
jumps. In an isotropic medium, where displacement in each direction is the same; i.e.
X=Y=Z=R, Einstein’s random walk equation can be applied as [146]:

(X2 (%) (Z23) _ (7

D= = A1
2t o 2t * 2t 6t (3:11)

The jump frequency, T, is defined as the average number of jumps, (n), in time t.
Expressing (R?) = (n)d?, where d is jump length, the diffusion coefficient can be

rewritten as:

D= érdZ, (3.12)

where the total jump frequency, I', depends on the probability of vacancy formation at

a site near the diffusing atom, CZ, and the probability of a successful jump, v:

I'=CZv (3.13)
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Here C' is the concentration of vacancies adjacent to the tracer atom, Z is the coordi-

nation number and v is the atom jump frequency [150].

Examples

Body Centered Cubic (BCC)-Based Structure: For a BCC structure, the coordi-
nation number Z is 8 while the distance between two nearest neighbors is d = (ay/3)/2
where a is the unit cell length. Substituting Z and d into Eq. 3.12, the diffusion

coeflicient for a BCC structure is obtained as:

1 3a?
D = 607}8% = Cva? (3.14)

Hexagonal Closed Packed (HCP)-Based Structure: Anisotropy often appears in
non-cubic single crystals, and materials. For such uniaxial materials, with their unique
axis parallel to x3-axis: D = Dy # D3, the diffusion coefficient is expressed as in Eq.
3.7., thus two different jump frequencies are necessary for hexagonal structures: I'y for
basal plane jumps, and I'y for out of basal plane jumps [146]. There are six in-plane
and six out-of-plane jumps on the x-y surface, so for a HCP structure the diffusivity

on the x-y plane becomes:

2 2

1
D, = |2Ma’+ 4P1aZ + 413% +20,.0 (3.15)

Along the z-axis there are only 6 jumps leading to a diffusion equation:

1. ¢ 3
D. = 96— = “T5e? 1
z 9 264 A 2C (3 6)

where ¢ is the unit cell length along z-axis.

38



Formation

A vacancy is formed when an atom from the bulk structure moves to the surface, leaving
its initial position vacant. The energy needed to generate that vacancy is known as
the formation energy, AGr and is defined as the energy difference between the systems
with and without a defect [55, 84]:

_ AEj- %aAE],

AGr === (3.17)

For an alloy containing x A and y B atoms, AE(; and AEi; g are the formation energies
of the alloy system with and without a defect, respectively. N is the total number
of atoms in the ideal structure and N, is the total number of atoms in the defective

supercell. The formation energy of a perfect structure, AFE,p, is given as:
AE) p = E(A,B,) — 2E (A) — yE (B) (3.18)

where E(A) and E(B) are the energies of the pure A and B atoms. Similarly, the
formation energy of an alloy containing an additive, D, or an interstitial, Z, is calculated

as:

AEY  p.p=FEa,_,B,0— (x—1)E(A) —yE(B) — E(D) (3.19)
AEY p 7= BEap, 1z —2E(A) —yE(B) - E(Z) (3.20)

When there is a vacancy in the structure substituting an A atom, the defect formation

energy, AE(; , s expressed as:

AE) g =Ea,_,p, —(x—1)E(A) —yE(B) (3.21)
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If there are two or more different types of defects present in the alloy, instead of summing
up the individual formation energies, the steps given above are followed for the alloy
with the defect cluster; the formation energy of the alloy with the defect cluster is
calculated and substituted as AEg in Eq. 3.17. By this way, the binding energy
between defects is taken into account. The vacancy concentration, C, also depends on

the vacancy formation energy as:

(3.22)

where kg is the boltzmann constant.

+

Free energy

O

final

Reaction Coordinate

Figure 3.3: Atom Diffusion path

Migration

An atom has to have the migration energy AG,, to pass through the energy barrier

while diffusing from an initial to a final position (Figure 3.3). The jumping frequency
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depends on this migration energy and is given as:

AGm) (3.23)

v = Uexp (— i T

where ¢ is the vibrational frequency in the direction of diffusion. Treating migration
as a many-body problem, Vineyard derived an expression for the migration pre-factor
v [151]. For a system with N atoms and 3N-dimensional configuration space, the

vibrational frequency is defined as:

SEN=3 initial _asy,
Z?’)N—ZL wgaddle e s (324)
) [

v =

where w; is the normal vibrational frequencies and AS), is the migration entropy. The
denominator of the jump frequency contains one less vibrational frequency at the saddle
point since one vibrational degree of freedom is converted into a translational degree of
freedom due to the motion along the reaction path [87]. The entropy term in pre-factor
v can be ignored, when the diffusing atom does not cause large distortions as at 0
K. With increasing temperature, however, the diffusing atom causes large distortions,
which makes it unrealistic to ignore the entropy. Thus it can be approximated as the
vibrational entropy difference between the stable and the saddle points which is calcu-
lated by the harmonic transition state theory. Considering only phonon contributions
to the energy within the high temperature limit, hw/kgT < 1, the vibrational entropy

of a series of harmonic oscillators containing N atoms is calculated as:

] 3N-3 havs
SHZb = —]{ZB Z In < . ) + 3N]{ZB, (325)
7; kT

where, w; are normal vibrational frequencies, h is the Plank constant and T is the

reference temperature.
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Correlation

In reality, some diffusion mechanisms possess correlated jumps. When jumps are cor-
related, the atom has a higher probability of tracing its path back. To express this
correlation properly, a correlation factor, f, for each structure must be added to the

diffusion equation.

1
D= f Td’ (3.26)

The correlation factor f=1 for direct interstitial diffusion, where there is no interaction
between the diffusing atom and its surroundings. However if there exists an interaction
such that some specific sites are forbidden for the diffusing atom, the correlation factor
is f<1. The latter is true for vehicle assisted diffusions and for some interstitial diffusions
in which the successive jumps are not independent from each other. The correlation

factor f for correlated jumps is given by:

1+ (cost)

/= 1 — {(cosb)’

(3.27)

where 6 is the angle between two successive jumps. The correlation factor can also be

expressed as the ratio of the actual diffusivity of a tagged atom, D*, and a hypothetical

D*

Drandom

uncorrelated diffusivity, D,andom; f = . Finally, combining the above equations

the overall diffusion coefficient is expressed as:
__Q
D = Dye FBT | (3.28)

where the pre-exponential term is Dy = f%Z@dQ and Q = AGy; + AGp is called the

activation energy.
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3.2.3 Diffusion in Alloys

For alloys in the form of AB, the I' of the vacancy depends on the nature of the atom
with which it exchanges. There are two different jump frequencies I' 4 and I'g for alloys.
In the case of non-homogeneous dilute alloys, the self-diffusion coefficient of the solvent

atom varies with the solute concentration, N, as [146]:

D48 = D41 + by Ng + by N3 .. ] (3.29)

while the diffusion coefficient for the solute atoms can be calculated as:

D4P = D, (3.30)

In homogeneous ordered alloys, the formation of a vacancy destroys the order and
forms anti-site defects Ag and B4. High formation energy of these defects suggests
complicated diffusion mechanisms.

For B2-CsCl type alloys, in general, vacancy-type defects mediate the diffusion.
The B2 structure consists of two primitive cubic sublattices. In the completely ordered
state of a stoichiometric B2 compound, A atoms occupy one sublattice while B atoms
occupy the other [147]. If the ordering energy of AB compound is very high, sublattice
diffusion of each component via the second nearest-neighbor jumps is conceivable. The
most discussed diffusion mechanisms for B2 structure are the next nearest neighbour
(NNN) vacancy jumps, the six jump vacancy cycles (6JC’s), the antistructural bridge
mechanism (ASB) and the triple defect mechanism (TD). However when the size of the
diffusing atom is small compared to host atoms, interstitial mechanism is also preferred
for diffusion.

Next Nearest Neighbour Vacancy Jumps (NNN): The NNN mechanism is

the simplest mechanism for a vacancy to move from one site to another in the same
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Figure 3.4: Next nearest neighbour diffusion

sublattice. As shown in Figure 3.4, it requires the formation of a vacancy, and it only
consists of NNN jumps. The saddle point occurs when the tracer atom (A) passes

through the plane consisting of four B atoms.

o i
1 Y R l' 1__ l ! Y R
d‘i.o”.o’. i—%ﬁ‘ b “ad¥ g iloi i

@00
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Figure 3.5: Triple defect diffusion

Triple Defect Mechanism (TD): In the TD mechanism, proposed by Stolwijk
et. al. [149] for B2 type intermetallic compounds, there are four NN jumps starting
with a Triple-defect cluster composed of 2 vacancies and 1 anti-site as seen in Figure

3.5. The following reaction is followed during a Triple-defect mechanism:

Via+ Ve =2V, + Ap (3.31)

As seen from Eq. 3.31, instead of forming equal numbers of vacancies on both sub-

lattices, two vacancies on one sublattice and an anti-site atom on the other sublattice
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appears. According to this equation, Triple-defect formation is favored in inter-metallics

with high formation enthalpies of V3 vacancies.

Figure 3.6: Antistructural Bridge Mechanism

Antistructural Bridge Mechanism (ASB): ASB mechanism that is first pro-
posed by Kao and Chang [152] and later studied by Belova and Murch [153], requires
a sufficient concentration of anti-site atoms. Such a deviation from the stoichiomet-
ric composition and increase in disorder is mainly observed at high temperatures. As
shown in Figure 3.6, in two NN jumps the vacancy and the antisite atom exchange

their positions [147].

Figure 3.7: Six Jump Cycle

Six Jump Cycle (6JC): The 6JC is a mono-vacancy mediated diffusion. The cycle
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forms from six successive jumps between nearest neighbour sites for the displacement
of a vacancy between the two sublattices. In the end of the cycle the order is re-
established. Figure 3.7 shows a 6 jump cycle. Due to high formation energies, there

are correlations in this kind of mechanism. Elcock and McCombie [154] showed:

Dae _ [Va] wg +2[Vj] wg (3.32)
Dp.  2[Va]wg + [Ve] wl

where [V;] is the mole fraction of vacancies on the i'" sublattice and wg' is the frequency
of completion of a cycle beginning and ending on an i'* sublattice site. Since both atoms
participate in the cycle the diffusivities of both components cannot be very different
[147]. In a highly ordered state, the ratio of the diffusivities, D4/Dpg, lies within the

limit: 1/2.034 {D A, /D p.j2.034.

o

< < <

e

Octahedral Sites Tetrahadral Sites

Figure 3.8: Interstitial sites: a)octahedral b)tetrahedral

Interstitital Diffusion: In a B2 structure, there are two different sites that an
interstitial atom can occupy, tetrahedral and octahedral as shown in Figure 3.8. De-
pending on the formation energy, the atom chooses one of the two possible sites. For
interstitial diffusion, since the tracer atom diffuses from one interstitial site to another,

there is no need for formation of a vacancy.
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3.3 Fracture Toughness

Stress is defined as the force per unit area, and when a force is applied to a material,
it is said to be in a state of stress. In crystals, stresses depend on the direction and
are expressed by a stress tensor o;;. The distortions of the crystal are proportional to
the applied stress and the material returns to its ideal state once the applied stresses
are removed, provided that the material is subjected to stresses below the elastic limit.
Elastic limit defines the maximum stress that can be applied to a material without caus-
ing irreversible deformation. Above the elastic limit, the material becomes elastically
unstable and undergoes plastic deformation. The stress value at this onset is called the
ideal strength. Compared to brittle materials that fail at early stages of irreversible
deformations, ductile materials can undergo large plastic deformations [155].

Fracture toughness is an intrinsic property of a material describing the ability to
resist fracture when there is a pre-existing flaw such as a crack or a void. It is one
of the most important characteristics of a material used in component design since
low fracture toughness values can cause deformation and failure when materials are
subjected to high stress. The three different types of fracture mechanisms, called mode
[, IT and IIT are shown in Figure 3.9 from which the most commonly studied ones are
I and II. Mode I is the tensile opening in which a tensile stress is applied normal to
the crack plane and Mode II is the sliding mode where a shear stress is applied parallel
to the crack plane. In order to explain the failure and relate the applied stress to the
fracture toughness of materials, different methods are introduced.

Up to a critical crack length, the crack will grow only if a stress is applied to the
system. However, after the crack reaches a critical length (that is: the available energy
for crack extension is greater than or equal to work required for crack growth) the
failure starts and the crack grows spontaneously. Griffith proposed [156] the energy

balance approach to calculate the stress and fracture toughness. The strain energy
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Figure 3.9: Stress modes

released per unit thickness as the crack grows in terms of the crack length a is given

as:

G = ——=na* (3.33)

where F is the Young’s Modulus. While forming a crack, the energy absorbed by the
material is the energy released during the breaking of the bonds [157]. If the energy
release rate is above a critical value (G.) a spontaneous crack growth will initiate.

Griffith [156] equated G, to the total surface energy S:

S = 2v,a (3.34)

The factor 2 represents the two surfaces created by the crack and ~, is the surface
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energy. Thus spontaneous crack growth will start when:
——ma =10 (3.35)
and the critical stress is derived from Eq. 3.35 as:

2E7s
or =1/ — (3.36)

However, because Griffith worked with very brittle materials, his approach failed in

obtaining the critical stress values for ductile materials. Irwin and Orowan [158, 159]
proposed that for ductile materials, during crack formation, the vast majority of the
released strain energy is consumed by plastic flow at the crack tip instead of forming new
surfaces as in brittle materials. Thus the concept of surface energy alone is not enough
to provide an accurate model for ductile materials and the energy required for crack
growth is much larger than the surface energy. To include the plastic deformations,

Irwin and Orowan modified the critical strain energy release rate, G¢:

Gc = s + Vp (337)

where 7, is the plastic work per unit area as defined by Irwin [158]. Using the newly

defined critical strain energy release rate, the critical stress can be rewritten as:

EdG,

ma

(3.38)

O'f:

For mode II, sliding, the shear stress as a function of the shear displacement is
obtained from the first derivative of the total energy versus the shear displacement, x.
However several different approaches have been proposed within the DFT framework

for modeling mode I, cleavage type of cracks. The ideal brittle cleavage decohesion is
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modeled by rigidly separating the two planes of a crystal to obtain the change in the
total energy of the system with respect to the separation distance. The DFT results are
then fit into the universal binding energy relation (UBER) that includes the non-linear

changes in structure during cleavage decohesion as:

E(z) =G, [(1 + 9;) exp <—7> . 1] (3.39)

where x is the applied separation and [ is the critical separation distance. The critical

cleavage stress is obtained by calculating dF(z)/dz at the critical opening distance, [,:
e = —. (3.40)

Here G. and [ depend on the orientation of the cleavage plane, and o. is the maximum
tensile stress perpendicular to the cleavage plane. Within ideal brittle cleavage using
UBER, the positions of the atoms are kept fixed throughout calculation and as r — oo,
it may converges to zero energy with a negative curvature which is not realistic for all
materials.

The UBER relation is not applicable to the relaxed cleavage where the atoms are
allowed to relax during calculations after applying a rigid separation between the planes.
By introducing relaxations, the structure is expected to heal as long as the applied
separation is smaller than the critical limit. Above this critical separation, the bonds
holding the two planes will break, the crack remains open and the atoms adjacent
to the crack relax to form structurally relaxed surfaces. Thus Lazar [160] derived a
cohesion relation for relaxed structures. The author combined two approaches in his
ideal elastic cleavage relation by introducing a critical opening (I¢) as in UBER, and
assuming elastic relaxations up to a critical opening as in Nguyen and Ortiz approach.

By taking the second order term in the Taylor expansion of UBER, the total energy
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for x <y is derived as:

: (3.41)

For crack sizes > I they set the total energy as F(z) = G, and finally calculate the

critical stress from the first derivative of the total energy o, = dE(z)/dx at x =, as:

(3.42)

Thus, by introducing a critical opening below which a material can heal by elastic
relaxations, they derive a convenient way to calculate the critical stress independent of
the number of planes, N. A simpler approach is also applied by Kang et. al. [161].
Instead of fitting an equation to the energy vs. separation, similar to mode II cracks,
the stress as a function of the opening is obtained from the first derivative of the total
energy vs. the cleavage opening, x.

Several approaches have been introduced to elucidate the mechanical behavior of
materials: a ductility condition is defined using the shear modulus, p, Burger’s vector,

b, and the surface energy, 75 by Rice and Thompson [162]:

b
2 S 7510 (3.43)

Vs

Later, in order to account for ledge formation, Zhou et. al. [163] introduced a new
criterion for the ductility as:

L‘g <0.014 (3.44)

1
where 7, is the maximum shear energy. Another approach that is using a ductility
parameter which is independent of the shear modulus and Burgers vector, A, is in-

troduced as the ratio of critical cleavage stress (o.) to the critical shear stress (7.):
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[161):
A=5=¢ (3.45)

where S is the Schmidt factor that is defined as:

S = cos(0)cos(a) (3.46)

where 6 is the angle between the applied load direction and the slip plane normal and
« the angle between the applied load direction and the slip direction. If A < 1 the
material is considered brittle and it is considered ductile for A > 1. Finally, a similar
but simpler approach, using the energy instead of the stress is defined by Wang et. al.
[164]:

(3.47)

where they consider materials with D < 1 as brittle.
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Chapter 4

Effects of Additives and Impurity
on Adhesive Behaviour of

NiAl(110) / Al,O3(0001) Interface:
An ab maitio Study

4.1 Introduction and Theory

A combination of atomic-scale calculations together with semi-empirical formula is
shown to provide essential guidance in the development of next generation TBCs. Re-
cently, the effects of S, Pt and Hf on the 8-NiAl(110)/Al,03(0001) interface [17], and
S, Pt, Hf and Hf+S co-doping on the v-Ni(111)/AlO(0001) interface [46] are studied
using density functional theory (DFT) calculations. To our knowledge, however, there
are no systematic research and data available on effects of co-doping with two REs, Pt
with an RE, and Pt with S on an $-NiAl(110)/Al,O3(0001) interface. In this work, we
initially studied the effects of individual S, Pt, Hf, Zr, Cr and Y atoms on the inter-
face adhesion, and then we investigated possible synergistic and antagonistic effects of
co-doping with these elements using DF'T calculations. This will enable us to examine
and reveal how and why certain elements accelerate the interface failure, while others
improve the interface adhesion in terms of electronic structures at the atomic scale.

The spin-polarized DFT total energy calculations are carried out using the Vienna
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Ab initio simulation package (VASP) using a plane-wave basis set [118]. The projector
augmented wave (PAW) potentials are used to describe the interactions of valence elec-
trons with the ion and core electrons for all elements [137] where Ni 45%3d®, Al 3s23p!,
Pt 6s'5d?, Hf 6525d?, S 3s23p*, Zr 5s24d?, Cr 4s5'3d° ,0 25?2p* and Y 5s%4d" electrons
are treated as valence. The Perdew-Wang generalized gradient approximation (GGA)
is used to calculate the electron exchange and correlation energy [127]. The Brillouin
zone integration is performed using a gamma point centered 3 x 7 x 1 Monkhorst Pack
grid that yields 11 irreducible k-points [165]. The occupation of electronic states is
determined according to first order Methfessel-Paxton scheme with a smearing width
of 0.2eV.

The periodic supercell model of the coherent NiAl/Al,O3 interface is constructed
from three Al-O3-Al layers laid on the top of five Ni-Al layers [17]. Each Ni-Al layer is
made up of five adjacent NiAl(110) unit cells, and each Al-O3-Al layer is made up of
three adjacent Al;O3(0001) unit cells along the [1210] direction as shown in Figure 4.1.
The NiAl(110) slab contains a total of 25 Al and 25 Ni atoms, and the Al,O3(0001)
slab has 27 O and 18 Al atoms. The periodic repetitions of supercell geometry along
the z-axis are separated by 12A of vacuum to eliminate interactions between periodic
cells, and the Al;Oj3 slab is cut to have an Al truncated surface since it is shown to
be its most stable termination [16, 17, 166]. The calculated bulk NiAl lattice constant
of 2.891A, which is in good agreement with the experimental value of 2.887A, yielded
a lattice misfit of 0.5% between NiAl and Al,O3 surfaces, demonstrating a reasonable
coherent interface model. The two bottom layers of the NiAl model are kept fixed,
without allowing relaxations, throughout the calculations.

Initially the two slabs are placed to ensure that most of the Al atoms from the oxide
are placed over the Ni-Ni bridge sites on the NiAl(110) surface [17]. In order to find
the equilibrium interface separation of NiAl(110)/Al,03(0001) slabs, the total energy

calculations of the supercell model are implemented with a full relaxation scheme of
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Figure 4.1: The atomic geometry of the clean interface. The red, blue and black atoms
represent Ni, O and Al respectively. Yellow and Green atoms show the preferred locations of
reactive elements and sulphur distributed at the interface.

atomic positions as a function of the interface separation d which is defined as the
distance between the Al atoms located at the top layer of NiAl and the bottom layer of
Al,O3. At d= 1.67 A, the maximum work of adhesion W, of 0.832 J /m? is obtained.
This interface is defined as the clean interface, and used as a baseline for comparison to
identify the effects of alloying additives or impurity on the interface adhesive behaviour.
It is noticed that although the current procedure of finding the equilibrium separation
differs from ref. [17], the calculated separation of Ni-Alp,qe of 2.334 A is quite close
to the Ni-Alp,iqe separation of 2.32 Aassumed in [17] as an initial input to construct
the interface. Interface relaxations are performed in steps. First relaxation is done
along the direction that is normal to the interface. Secondly a full relaxation, until the
forces on the relaxing atoms (all except the two bottom layers of NiAl) are less than
0.07 eV/ A is implemented. Thirdly, the conjugate gradient minimization algorithm

is changed to the quasi-Newton algorithm and the atoms are allowed to relax until
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all forces are less than 0.05 eV/A. As a final step, the atomic positions in all doping
schemes are fully relaxed until the interatomic interactions are less than 0.01 eV /A.
To examine the potential effects of elements on the interface, Pt, S, Hf, Zr, Cr and
Y are individually placed into the relaxed clean interface as shown in Figure 4.1. In
the case of single element doped interfaces, only one dopant or impurity atom is added;
while for the co-doped interfaces, two different doping atoms are placed at the interface.
For the Pt doped or Pt co-doped interfaces, one Ni atom at the interface is substituted
by one Pt atom since Pt is shown to prefer to occupy the Ni sites in NiAl [54]. Finally,
the work of adhesion of each interface is calculated in order to assess the effects of
additives and impurities on the interface adhesion and the ELF is utilized to examine

the potential correlation between the electronic structures and the interface adhesion.

AlLQO3 Interface

Al

005 015 025 034 044 054 064 073 0.83
[0001] <

Figure 4.2: The ELF cross section of the clean interface

4.2 Results and Discussion

To reveal atomic-scale mechanisms associated with the interfacial properties, the ELF
of the clean interface, illustrated in Figure 4.2, is first examined. It is found that Ni

atoms adjacent to the interface move downward into the bulk NiAl, while Al atoms
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Segregant "A” W,, (J/m?) + Segregant ”B”
Hf Cr S

None 0.832, 0.66117, 4.8 2.82%7

S 0.266, 0.18117

Pt 0.845, 0.67217 1.764 1.407 0.355
Y 1.049 3.155 0.784

Cr 1.412 0.691 0.518
Zr 1.707 3.106

Hf 1.76, 2.05617 0.749

Table 4.1: The interfacial work of adhesion W4 values for all doping schemes

from NiAl move towards the Al;O3 resulting in a rippling behaviour at the NiAl layer
adjacent to the interface, consistent with previously reported experimental observations
[13, 29, 31-33]. The electron localization between the Ni and Alp,iq. atoms display a
covalent type bonding, while the distribution of electrons between the Aly;4 and O
atoms implies formation of an ionic Aly;4;-O bond across the interface. These two
types of bonds, i.e., covalent type Ni-Alp,iqe and ionic type Aly;4-O, constitute the
dominant bonding across the clean NiAl(110)/Al,03(0001) interface, which in turn
governs the interface adhesion W .

To examine the effects of REs, Pt and S on the interface adhesion and associated
bonding characteristics, the NiAl/Al,O3 interface is modeled by initially inserting one
S atom or an individual RE atom at the clean interface between two slabs as shown in
Figure 4.1. The S atom is placed on top of a 2Ni-Al site, and the REs are sited on top
of a Ni-Ni bridge, since these locations are determined as their preferred adsorption
sites in [49]. Table 4.1 and Figure 4.3 demonstrates the calculated work of adhesion
values, W4, and Table 4.2 lists all atomic separations across the interface for all doping

schemes scrutinized.
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Figure 4.3: The interface work of adhesion, W4 trends

4.2.1 Effects of Sulfur and Additives

After relaxations, Sulfur segregate towards the NiAl surface rather than the oxide (Fig-
ure 4.4 (c¢)) and its presence at the interface degrades the work of adhesion significantly,
in qualitative agreement with previous reports [17, 45, 48]. It is noted from Table 4.2
that although the bond length of Aly;4;-O in the vicinity of S shrinks slightly compared
to the clean interface, the number density of both Aly;4-O and Ni-Alp,q. bonds are
reduced. According to the density of states of the Ni that is adjacent to the S atom, the
valence electrons of Ni considerably shift downward, away from the Fermi level after
S segregation (Figure 4.5). This indicates that S is more negatively polarized which
is further confirmed by the ELF around the S site in Figure 4.4 (¢). The negative
polarization of S results in a repulsive interaction between S and its nearest O atoms,
and this interaction is responsible for weakening the interface adhesion. This repulsive

interaction is also noticed from the flattened shape of the ELF between S and O. These
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bonding features determine the interfacial adhesion.

. 0.81

0.62

0.43
0.24

0.05

[0001]

Figure 4.4: ELF of the single element doped and the clean NiAl/AlyOs3 interfaces. a)clean
interface b)Pt doped ¢) S segregated d) Hf doped e) Zr doped f)Cr doped g) Y doped

In the case of Pt-doped interface, the interfacial adhesion W .4 is enhanced by ~1.5%
of the clean interface, which suggests that Pt behaves in a similar way as the Ni atom
that it has substituted at the NiAl/Al,O3 interface. By a comparison of ELF illus-
trated for both clean and Pt-doped interfaces in Figure 4.4(a) and (b), similar bonding
characteristics are observed around Pt and Ni atoms with slightly higher electron local-
ization between Pt and its surrounding Al atoms, which is responsible for this modest
increase in the work of adhesion. To evaluate the effects of RE addition on the W4

of NiAl/Al,O3 interface, two doping sites are considered such as the interface inter-
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Figure 4.5: Ni density of states at the clean and S-containing interface where Ep is the Fermi
level

stitial and the lattice substitution. For instance, Hf is initially placed at an interface
interstitial site between the NiAl and Al,Og3 slabs. It is reported [167] that Hf prefers
to substitute for Al in the bulk NiAl; therefore Hf is placed to substitute for one Al
atom adjacent to the interface as the second doping scheme. A larger W,, value is
obtained when Hf is doped at an interfacial interstitial between the two slabs. This
doping strategy is also employed by ref. [17]. Therefore only the interface interstitial
model is considered for REs distribution at the interface in this research.

Doping Hf to the clean interface results in a significant enhancement in W 4. It is
determined from the Hf-doped interface geometry that Hf prefers to segregate towards
the Al,Oj3 side, consistent with experimental observations [63, 68]. It is interesting to

note from the ELF in Figure 4.4(d) that Hf forms ionic bonds with O atoms while
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forming intermetallic bonds with Ni at the same time. This new peculiar mixed bond
characteristic is responsible for the W ,4 enhancement. In addition, the number density
of Ni-Alpige bonds is slightly increased and the bond lengths of Aly;4,-O are shrunk
to some extent due to the presence of Hf at the interface, which possibly increases the
strength of the Aly;4-O bonds. Therefore, it is this peculiar mixed bond combined
with the strengthening of Aly;4;-O bonds that result in the enhancement of the W .

It is reported experimentally [61, 63] that Zr is capable of enhancing the ox-
ides/metal scale adhesion. In the Zr-doped interface, a similar bond characteristics
as in the Hf-doped interface is observed (Figure 4.4(e)). A peculiar mixed O-Zr-Ni
bond is formed across the interface, and the bond lengths of Aly;4;-O shrunk after
addition of Zr to the interface. According to Table 4.2, the Zr-Ni bond in the Zr-doped
interface is shorter than the Hf-Ni in the Hf-doped interface, while the length of the
Aln;4-O bonds in the Zr-doped interface is larger than its counterpart in the Hf-doped
interface. This difference in bond lengths result in a smaller increase in W ,4 than the
Hf-doped structure.

It is reported that Cr addition to the bond coat increases the oxide growth rate,
and thus may reduce the TBC lifetime. It is also reported that at high temperatures,
Cr203 is not stable, with a potential tendency of being vaporized into gas state that
in turn deteriorates adhesion strength of the interface. It is not clear, however, if Cr
is capable of increasing the interface adhesion when it resides at the interface between
NiAl and Al,O3. To examine the effects of Cr doping on the interface, Cr is placed into
the interface interstitial between NiAl and Al,Os slabs. It is observed that unlike Hf
and Zr-doped interfaces, Cr positions midway between these slabs, but still increases
the W4 compared to the clean interface. Similar to the Hf and Zr-doped interfaces, a
mixed O-Cr-Ni bond forms across the interface, and the Aly;4;-O bond lengths decrease.
As a result, these bonding characteristics lead to an increased W 4.

Although the addition of Y to the bond coat is reported to increase the lifetime
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of TBCs [75], the underlying atomic level mechanisms are unclear. To understand its
positive effects at the microscopic level, Y is also doped into the NiAl/Al,O3 interface.
According to Table 4.2 and Figure 4.4(g), similar to the Hf (Zr or Cr)-doped interfaces,
a mixed O-Y-Ni bond formation is determined. However the Ni-Alp,q. bonds stretch
and their number density drop slightly. It is also observed that although the Alp;4,-O
bond length remains the same, its number density reduces significantly. Formation of
the mixed bond induces an increase in the W ,; but due to the reduction in the number
density of Aly;4-O and Ni-Alp,q. bonds, a smaller increase, compared to the Hf, Zr

and Cr-doped interfaces, is achieved in Y-doped interface.

4.2.2 Mitigating detrimental effects of S by additives

It is shown above that the addition of Pt and REs is capable of strengthening Al;O3/NiAl
scale adherence. Therefore, it is expected that these elements could mitigate, to
some extent, the detrimental effects induced by S that segregates to the interface
[50, 51, 60, 63]. Pt, Hf and Cr are doped at the interface with an initial position
adjacent to the S atom, and then the atomic geometry is allowed to relax fully. The
calculated work of adhesion values that are listed in Table 4.1 shows that doping Pt,
Hf or Cr to the interface is capable of mitigating the harmful effects of S; however their
positive effects are not significant enough to compensate negative effects S compared
to the clean interface in terms of W 4. In this research, the doped interfaces with Pt
and REs with impurity S are referred as the X+5 interface hereafter, where X = Hf,
Cr and Pt.

In the case of Hf+S interface, the bond length of Ni-Alp,;q. and Aly;4-O remains
almost unchanged, while the number density of Aly;4-O bonds per unit area is sig-
nificantly reduced from 5 to 1 due to the presence of S at the interface. This number

density reduction leads to a considerable drop in W4, reflecting the serious negative
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Figure 4.6: DOS of S p-obitals in pure S and Hf+S doped interface, DOS of Hf in Hf+S
doped interface.

effects of S. The peak value of S p-orbitals at Hf4-S interface shifts downward relative
to its peak at the pure S doped interface, indicating a charge transfer from Hf to S
atom (Figure 4.6), leading to a highly polar covalent Hf-S bond formation. As similar
to the Hf-doped structure, in the Hf+S interface a mixed O-Hf-Ni bond forms across
the interface as presented in the ELF in Figure 4.7. This bond is responsible for the
increase in the W4 compared to a purely S segregated interface. In addition, S at this
interface forms additional highly polar covalent type of bonds with Alp,;q., and forms
weak covalent bonds with both Ni and Al from the NiAl side, Figure 4.7. These bridg-
ing bonds across the interface contribute positively in increasing the W,,;. Therefore
the net effect of the bonding characteristics in the Hf+S interface on W .4 is similar to

the clean interface in terms of the W4 values.
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In the case of Cr+S5 interface, the number of Aly;4;,-O bonds is reduced significantly
due to the presence of S, which in turn decreases the W,4. The positioning of Cr
between NiAl and Al,Os3 slabs leads to formation of both ionic Cr-O and intermetallic
Cr-Aly;a; bonds with a small number density. As in the Cr-doped interface, this mixed
bond formation gives rise to the enhancement of W,; to some extent. The S atom is
found to form weak covalent bonds with Cr (from ELF) and with Ni and Al from the
NiAl slab. No S-Alp.iqe bond formation is determined to link the slabs as in the Hf+S
interface. Therefore, compared to Cr, Hf is more successful in mitigating Ss’ detrimental
effect of reducing the W,4. In the Pt+S interface case, the Ni-Alp,q. bonds stretch,
and the number density of bonds reduce because of S segregation. These two features
definitely cause a drop in the W ,4. Across the interface an intermetallic Pt-Alp,;q. bond
is determined. Similar to the Cr+S interface S forms bonds with Ni, Al and Pt from
the NiAl side, while no S-Alg.i4e interaction is observed, therefore no extra bridging
bonds that links NiAl to Al,O5 is detected. These bond characteristics demonstrate
that Pt’s function in mitigating the detrimental effect of S is limited compared to Hf,

which is confirmed from W .4 values in Table 4.1.

4.2.3 Pt +X interfaces

To examine a possible synergistic effect of Pt with Hf (or Cr) at the interface, one Hf
(Cr) atom is placed at the interface adjacent to Pt that is substituting a Ni atom. The
results, however, show that co-doping Pt with Hf (Cr) induces a slight change in the
work of adhesion W,4 compared to that of the single Hf (Cr) doped interfaces. This
demonstrates that no synergistic effect exists between Hf (Cr) and Pt at the interface.

Unlike the single Hf doped interface, instead of moving towards the oxide, Hf at the
Pt+Hf interface moves horizontally away from Pt and stretches the Hf-Pt separation

to 2.95A (Table 4.2). By a comparison of atomic geometries of Hf and Pt+Hf interface
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Figure 4.7: ELF and the atomic geometry of 1) Pure S doped interface 2) Hf+S doped
interface

(Figure 4.8), one can see that this horizontal displacement also stretches the Hf-O
separation, therefore reducing the number of Hf-O bonds. Hf still forms bonds with
both Ni and Aly;4; but the geometry of NiAl adjacent to the interface changes; an
Al atom from NiAl side moves towards the oxide, shortening and strengthening the
Aln;4-O bond. Furthermore, the DOS plot in Figure 4.9 for Hf+Pt interface does
not show a hybridization between Hf and Pt d-states and ELF figure shows a similar
localization to that of the single Hf doped interface, which indicates that Pt acts in a
similar manner to a Ni atom (Figure 4.10). Hence, it is suggested that the weakening
of Hf-O bonds is compensated by the shortening of the Alp,;4.-O bonds, and formation
of both Hf-Aly;4; and Hf-Ni bonds, which in turn keeps the W ,4 unchanged compared
to the pure Hf doped interface.

Similar to the Hf4+-Pt interface, the Cr atom in the Cr+Pt interface shown in Figure

4.10 deviates from Pt, stretching the Cr-Pt separation to 2.94A, which is much greater

66



Figure 4.8: Atomic geometry of pure Hf and Hf+Pt doped interfaces

compared to the Cr-Pt bond length (2.56A) in bulk CrPt crystal [168]. Moreover, as
seen in Table 4.2, the shortest bond length of both Alp,iq.-O and Ni-Alp,q. equals
to that in the single Cr-doped interface, resulting in a W4 close to that of a single

Cr-doped interface.

4.2.4 RE-+RE doped interfaces

To examine the effect of interactions between REs on the oxide adhesion, a pair combi-
nation of REs such as (Y, Hf), (Zr, Hf), (Hf, Cr) and (Y, Cr) are initially placed at the
interface at nearest adjacent sites to each other. Except for Hf+Cr and Y+Cr doped
interfaces, a synergistic effect on increasing W ,4 is observed between the pairs of REs.
For (Y, Hf) and (Zr, Hf) doped interfaces, no rippling behaviour is observed at the top-
most layer of NiAl. Therefore, unlike the single RE doped interfaces, no Aly;4; atom
at those (Y, Hf) and (Zr, Hf) doped interfaces moves towards the oxide. Consequently,
the Aly;4;-O separation significantly stretches, and in turn makes a lesser contribution
to the interface adhesion, whilst the Ni-Alp,;q4. bond lengths alter slightly compared to
that of the clean interface.

The work of adhesion W, of the (Y, Hf) and (Zr, Hf) doped interfaces are evaluated
and is found three times larger than the work of adhesion of the clean interface which
signifies a synergistic effect between these REs. To reveal the mechanism associated

with this enhancement of oxide adhesion to NiAl, the interactions between these dopant
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Figure 4.9: DOS of Pt p-orbitals in pure Pt and Pt+Hf doped interfaces and DOS of Hf in
pure Hf and Pt+Hf doped interfaces.

atoms are analyzed via the bond length, DOS and ELF plots. In the (Y, Hf) and (Zr,
Hf) doped interfaces, a mixed type O-Hf-Ni bond with a bond length close to that
of the Hf mixed bonds in the single Hf doped interface is formed across the interface
with a high number density, as seen Table 4.2 and ELF in Figure 4.11. Another mixed
bond, O-Y(Zr)-Ni, is also formed with both a close bond length and a number density
to its counterpart in the single RE doped interface. These additional bonds together
make the dominant contribution to the considerable enhancement of W,4. In addition,
by a comparison with the single RE doped interface, a downward shift in O p-orbitals
can be observed in Figure 4.12 for both Hf+Zr and Hf+Y interfaces, indicating an
extra charge transfer from the second RE to the O atom, promoting a combined ionic

Y (ZR)-O-Hf bond formation between REs and O. In addition, according to the ELF
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Figure 4.11: Cross section of ELF for a) Cr+Hf doped b) Cr+Y doped ¢) Cr+Zr doped d)
Y+Hf doped interfaces. ELF is cut through the plane passing through both atoms. Brown
circles indicate background atoms.

plots in Figure 4.11, the electron delocalization around both Hf and Zr(Y) followed by
increasingly localized electrons around O atoms also signifies a charge transfer to the
O atoms. As a result, the additional increase in the work of adhesion can be attributed
to the formation of strong, ionic RE-O-RE bonds across the interface.

In contrast, an antagonistic effect on interface adhesion in (Hf, Cr) and (Y, Cr)
doped interfaces is identified. The calculated W .4 is close to that of the initial clean
interface, indicating an entire cancellation of enhancement that is obtained in pure Hf,

Y and Cr doped interfaces. The number density and bond length of mixed O-Hf(Y)-
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Figure 4.12: DOS of Y and Hf d-orbitals in Y+Hf doped interfaces and O p-orbitals in Hf
doped, Hf+Y doped and Hf+Zr doped interfaces.

Ni bond in both (Hf, Cr) and (Y, Cr) interface are found at the same level as in the
(Y, Hf) and (Zr, Hf) interfaces. However, it is observed that the number density of
Aln;4-O bonds are considerably reduced, which results in a lesser contribution to the
W 4q. Consequently the reduction in Aly;4;,-O bond density is complemented by O-Hf-
Ni bonds. In principle, mixed types of bonds such as Cr-O and Cr-Ni could be formed
based on the bond length distribution. The results, however, show that Cr does not
induce an extra downward shift in O p-states (Figure 4.13), which indicates that there
is no additional charge transfer to oxygen upon Cr addition, thus no ionic bonds form
between Cr and O atoms as occurs in the single Cr doped interface. In addition, there
is no electron hybridization between Hf and Cr d-states below the Fermi energy, and

both Cr 3d and Hf 5d-states show lower amplitudes compared to those at the single RE
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doped interface. Furthermore, as seen from the ELF for the (Hf, Cr) interface shown
in Figure 4.11, although the Hf-Cr separation is relatively small compared to other
RE-RE separations, there is no electron localization around Cr or between Cr and Hf,
which implies that there is no bond formation between these atoms. Therefore, the
net result is that W4 value is close to that of the clean interface due to no O-Cr-Ni
bond formation and the drop of Aly;4;-O bond number density. Similar results are also

obtained for Y+Cr doped interface as shown in Figure 4.11 and Figure 4.14.
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Figure 4.13: DOS of Hf and Cr d-orbitals in pure Hf, pure Cr and Hf+Cr doped inter-
faces. Atomic geometry of the Hf+Cr doped interfaces. O p-orbitals in Hf and Hf+Cr doped
interfaces
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It is found experimentally that Cr+Hf addition to TGO/bond coat interface has an
overall negative effect on the work of adhesion and thus reduces the coating lifetime
[68]. Although there are several factors that are responsible for this failure, decreased

W 4q induced by the de-bonding of Cr-O and drop of bond number density are the
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factors responsible as revealed by ab initio density functional theory calculations.
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Figure 4.14: DOS of Y and Cr d-orbitals in pure Y and pure Cr doped interfaces. Atomic
geometry of the Y+Cr doped interface and the O p-orbitals in Y and Y+Cr doped interfaces.
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4.3 Conclusion

Using ab initio density functional theory, the effects of Pt, S and REs Hf, Y, Cr and Zr
on the interface adhesion of NiAl(110)/Al,03(0001) are evaluated with the purpose of
elucidating the underlying atomic-scale mechanisms. Four schemes are implemented to
simulate possible dopant combinations at the interface: (1) Single element, (2) S+Hf
(Pt and Cr), (3) Pt+Hf (Cr), and (4) RE+RE. First, the Ni-Alpziqe and Aly;4,-O bonds
are identified as the two dominant bonds that govern the W 4 for the clean interface.
In agreement with previously reported theoretical and computational work [17, 38-48],

presence of S at the interface is shown to significantly degrade the interface strength,
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W 44, due to the de-bonding of Ni-Alpgige and Aly;4-O bonds across the interface
and the O-S repulsion. Even though experimentally Pt is suggested to improve the
inteface adhesion, concurring with previous calculations [54-57], in this work Pt is not
determined to improve the interface adhesion. For the single RE-doped interfaces, the
formation of the mixed type O-(Hf, Y, Zr and Cr)-Ni bonds are responsible for the
enhancement of the W, Such increase in work of adhesion is expected for Hf, Y
and Zr since experimentally these elements are shown to improve the TBC lifetime.
However previously Cr is found to reduce the TBC lifetime by increasing the oxide
growth rate. Such disagreement could stem from the fact that the simulations can only
determine the adhesive trends and cannot include the effects of oxide growth or long
term high temperature exposures.

The REs are known to alleviate the detrimental effects of S and improve the adhesion
of the oxide to the bond coat [43, 44, 64-66]. In agreement, in this work, for the
X+S interface with X = Hf, Cr or Pt, the O-Hf(Cr)-Ni bonds across the interface
are determined to be responsible for the enhancement of the W4, thus is capable of
mitigating the detrimental effect of S to some extent. As no O-Pt-Ni bond is formed
across the interface, Pt addition is not as effective as Hf or Cr in alleviating the harmful
effects of S. For the Pt+Hf(Cr) doped interface, no synergistic effect between Pt and
Hf(Cr) is identified. For the RE+RE interfaces, although the Aly;4-O bonds are
stretched, a synergistic effect between REs is determined for (Zr, Hf), (Y, Hf) interfaces
and formation of strong O-Hf(Y,Zr)-Ni and Y(Zr)-O-Hf bonds across the interface is
found responsible for this increase. In contrast an antagonistic behaviour between the
REs of (Hf, Cr) and (Y, Cr) doped interfaces is identified, in which no O-Cr-Ni or Cr-
O-Y (Hf) mixed bond formed across the interface and the number density of Aly;;-O
largely dropped, decreasing the work of adhesion.

In agreement with experimental data that suggests Y is less effective in reducing

the oxide growth [75, 76], the calculated W4 of the Y doped interface in this study is
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weaker than the Hf or Zr doped interfaces. Furthermore concurrent with experimental
observations suggesting co-doping Y with Hf or Zr is more efficient than purely Y, Hf

or Zr doped structures [77-79], an increased adhesion is determined for the (Y,Hf) and

(Hf,Zr) co-doped interfaces.
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Chapter 5

Effects of Additives on Sulphur
diffusion in NiAl

5.1 Introduction and Theory

Few experimental studies related to S diffusion focused on the effects of Pt and the
possible diffusion mechanism of S segregation in bulk NiAl. It is proposed that S
diffusion in NiAl is taking place via interstitial mechanism and the effects of Pt on its
diffusion is temperature dependent [38, 94]. While, at high temperatures (T>900°C),
Pt is observed to reduce the S segregation rate, at temperatures below 900°C, presence
of Pt is observed to increase the S diffusion rate in NiAl [94]. In addition, in a recent
composition dependent study, Pt is observed to reduce S segregation to the surface in
both Ni-rich and stoichiometric NiAl [50].

So far temperature dependent S diffusion in bulk NiAl with the presence of an ad-
ditive has never been studied using theoretical methods. It is important to understand
the atomic level mechanisms taking place during the diffusion of S in NiAl, and effects
of additives on S diffusion since its segregation to NiAl/Al,O3 interface is detrimental
and greatly reduces the TBC lifetime. In this study, first-principles density functional
theory calculations are performed in order to investigate the site preference of S, clar-
ify the effects of additives on S diffusion at the atomic level, and obtain temperature

dependent diffusion coefficient of S in clean, Pt or Hf doped NiAl. Atomic level char-
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acterization of S diffusion, and the understanding the role of Hf and Pt in this process
will provide guidance for future research.

Spin-polarized density functional theory (DFT) is employed using the Vienna Ab
initio simulation package (VASP) using a plane-wave basis set [118]. The Perdew-Wang
generalized gradient approximation (GGA) is used to calculate the electron exchange
and correlation energy [127]. The projector augmented wave (PAW) potentials are used
to describe the interactions of valence electrons with the ion and core electrons for all
elements [137] where Ni 4523d%, Al 35%3p!, Pt 6s'5d°, Hf 6s?5d?, and S 3s?3p*, electrons
are treated as valence.

For eliminating the segregants’ interaction with its mirror periodic images, the for-
mation energy of 55 and 129 atom supercells are calculated and a 55 atom supercell is
found large enough to isolate the diffusing particles in periodic images for interstitial
diffusion. Similarly, for the vacancy mediated diffusion calculations, 53 atom supercell
is determined to isolate diffusing atom interactions between periodic images. For the
55(53) atom supercell, the Brillouin zone integration is performed using a gamma point
centered 6 x 6 x 6 Monkhorst Pack grid that yields 54 irreducible k-points [165]. The
occupation of electronic states is determined according to first order Methfessel-Paxton
scheme with a smearing width of 0.2eV. A kinetic energy cutoff of 350 eV is used for
all calculations.

In order to calculate the stoichiometric lattice constant of NiAl, starting with the
experimental value of 2.887 A, the atomic positions and the volume of the structure is
allowed to relax. The calculated value of 2.891 A, which is in excellent agreement with
experimental values, is used for all subsequent diffusion calculations. All atom positions
are allowed to relax until the forces on the ions are less than the threshold energy of
0.01 eV/A for formation energy calculations, and 0.03 eV /A for diffusion calculations
since Marino et. al. [58] showed that reducing the threshold has a negligible impact

on the calculated migration barrier.
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The migration energy, which is the total energy difference between the saddle point
and the energy of the initial stable point, is calculated using the climbing nudged elastic
band method (CINEB) [119, 140-142]. For the diffusion path with both initial and final
minima are known, a series of images are generated by a linear interpolation between
the end states. The images, which are connected by imaginary springs, are permitted
to relax until the Hellmann-Feynman forces on atoms are less than the threshold value.
Finally by inverting the forces on the highest energy image, the highest energy image
is made to climb along the minimum energy path (MEP) to obtain the saddle point.

In order to calculate the formation energy, the total energies of the bulk and modi-
fied NiAl are minimized with respect to the atomic positions until the resultant forces
are smaller than the threshold value. Finally, the phonon frequencies are calculated
with a displacement of £0.05A at the I' point using the fitfc utility in the Alloy The-
oretic Automated Toolkit (ATAT) package [121] that utilizes the direct force constant
supercell approach [120]. The electron localization function (ELF) is calculated for

examining the relationship between the electronic structure and diffusion.

5.2 Results and Discussion

p-NiAl has an ordered B2-CsCl, body centered cubic (BCC) type structure and it
consists of two interpenetrating Ni and Al simple cubic sub-lattices. As shown in
Figure 5.1, at stoichiometric composition, the Al atoms occupy the corner sites (3-sites)
and the Ni atoms occupy the body-centered sites (a-sites) of the unit cell. There are
two distinct interstitial sites that an interstitial atom can occupy; tetrahedral (Figure
5.1(a)-blue) and octahedral (Figure 5.1(a)-red).

In a previous study, the preferred adsorption sites for Hf and Pt atoms in NiAl are
determined as Al and Ni substitutional sites, respectively [169]. On the other hand,

due to its smaller radius and higher diffusion rate compared to Ni and Al atoms, it is
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Figure 5.1: Stoichiometric NiAl; Al atoms occupy the corner sites (S-sites) and Ni atoms
occupy the body-centered sites (a-sites), a) tetrahedral interstitial sites in blue and octahedral
interstitial sites in red. b) Atom A represent the atom that is being substituted. Diffusion
within a sublattice plane, 2NN to 2NN diffusion with respect to atom A ¢) 2NN to 3NN
diffusion with respect to atom A (bonding away) d) NNN diffusion, NN to NN diffusion with
respect to atom A.

S site E;(eV)
S, (NiAl)  3.95
S,(NiAl)  4.84
Su(NiAl)  2.32
Sni(NiAl)  2.48

Table 5.1: Formation energy of S containing NiAl alloys

proposed that S would prefer to occupy interstitial sites [38]. The formation energy of
a NiAl alloy containing an S at the tetrahedral and octahedral interstices is calculated,
and the tetrahedral-site is determined as the preferred interstice for an interstitial S
atom (Table 5.1). Throughout this paper, for convenience, the atoms on the diffusion

plane of S will be referred as Xy, n,¢ according to Figure 5.1(b).

5.2.1 Interstitial S diffusion

There are two different sublattice planes where an S atom can diffuse on: i) the Ni-
sublattice plane (NSP) in which all atoms on the diffusion plane are Ni atoms and i)
the Al-sublattice plane (ASP). These two cases correspond to different sets of nearest
neighbour configurations around S, and since interaction of S with its immediate sur-

roundings plays a major role in determining the migration energy, its diffusion on NSP
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and ASP, are modeled separately.

NSP jump

The interstitial S diffusion on NSP involves diffusion of an S atom from one tetragonal
site, on top of a Ni-Ni bridge, to another as demonstrated in Figure 5.1. The variation
of the total energy with displacement for this path, shown in Figure 5.2, reveals a
symmetric MEP with a migration barrier of 0.036eV, and the calculation of vibrational

frequencies result in a diffusion coefficient of 3x10~'%cm?/s.
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Figure 5.2: Red line is the MEP for S diffusion on NSP and black line is the MEP for S
diffusion on NSP with a Pt atom. Blue, black, grey and red colors represent Pt, Al, Ni and
S atoms respectively.

79



The ELF given in Figure 5.3 for the NSP jump reveals a weak Ni“-S interaction,
with S preferentially forming polar covalent bonds with two closest Ni atoms (Ni* and
Ni?). At the onset of diffusion, the electron localization between Ni and S begins to
shift towards the S-Ni"V bond path, and at transition, it is equally distributed along
NiM-S and Ni"-S bonds. Changes in atomic separation signify a similar pattern (Table
5.2): Initially there are two groups of Ni-S separations with lengths 2.09 A (Ni*?) and
2.60 A (NiV4). At transition, Ni¥-S lengthens and NiV-S shortens to 2.27 A while
the other two do not undergo a substantial change. In addition, the weaker two of the

initial four Al-S bonds elongate and possibly break during transition.

Figure 5.3: Initial and transition state ELF plots for S interstitial diffusion on NSP and NSP
with a Pt atom.
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ASP jump

Similar to an NSP jump, S hops from one tetrahedral site, on top of an Al-Al bridge,
to another during its interstitial diffusion on ASP. As shown in Figure 5.1, the NEB
calculations for ASP jump predicts a migration barrier of 0.27 eV, and the frequency

calculations reveal a pre-exponential factor,D,, of 3.4x10~%cm?/s.

Figure 5.4: Initial and transition state ELF plots for S interstitial diffusion on ASP and ASP
with a Hf atom.

A comparable trend to the NSP jump appears in the ELF for the ASP jump evinced
in Figure 5.4. At transition, the pronounced electron localization between S and AIM
atoms becomes equally distributed along S-Al™ and S-Al"Y bonds, while charge deple-
tion in the form of a boomerang is detected between the Al* and S. Furthermore, a

prominent feature of Al-S bonds is the marked charge carrier localization, surpassing
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Type Diffusion Mechanism
(A)
NSP(Pt) NSP ASP(Hf) ASP(Pt) ASP NNN(Pt)NNN
2.20,

SN ano 2002) 210(x2) S0 200(x2) 231 227(x3)
) 2'72 2.60 2.72(x2) 2'72 2.60(x2) 2.37(x2) 2.81(x4)
' ' 2.61(x2)

2.13(x2) 2.12(x2) 2.14(x2) 2.13(x2) 2.12(x2)

S-Al 2.60(x2) 2.69(x2) 2.69 2.60(x2) 2.70 271(x2) -
2.87 . 2.48 2.87 2.70 .

S-X (Pt) 2.6(Ni) (Ff) (Pt) (A1) 2.77(Pt) 2.27(Ni)
901 2.05,

. on 2.04 2.07 2.09

S-Ni 2.29 2.97(x2) 2.06(x2) 907, 2.06(x2) 2.20(x2) 2.17(x3)

2.32 9 08
2.11,

2.122}(23 2.12Ex2§ 913 9 98 910

S-Al 2.83(x2) 2.90(x2 ' ' ' - -
2.87(x2)  2.91(x2) 2.33(x2) ;21;, 2.31(x2)

S-X 2.89(Pt) 2.67(Ni) 2.5(Hf) 2.69(Al) 2.50(Pt) 2.17(Ni)

Table 5.2: S-X separations

that of the Ni-S interaction which might be attributed to the greater electronegativity
difference between Al and S atoms. Alteration of Al-S atomic separations from the
initial to the transition state further supports the ELF observation (Table 5.2). S-A1M
elongates, S-AlY shortens and S-Al%4 remains similar while two S-Ni bonds elongate
to the breaking point at the transition state. The higher migration barrier compared

to the NSP jump is possibly due to the stronger Al-S interaction.

Effects of Hf on S diffusion

In order to probe the effects of Hf atom on S diffusion, in an ASP one of the closest

Al atoms to the interstitial S atom is replaced by an Hf atom, creating an initial Hf-
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S separation of 1.6A. Such a small separation caused an instability, and the S atom
relaxed from on top of an Hf-Al bridge to the nearest tetrahedral site on top of an
Al-Al bridge. Thus as a starting point, instead of the first nearest tetrahedral (NT)
site to Hf, the S atom is placed at Hfs’ second nearest tetrahedral (2NT) site, relaxing
to an initial Hf-S separation of 2.47A. Then, the S atom is diffused to another 2NT site
of Hf. The calculated migration barrier for this path coupled with the pre-exponential
factor derives a diffusion coefficient that is 10 times lower than Dg in pure NiAl, as

depicted in Figure 5.5.
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Figure 5.5: Diffusion coefficient vs 1/T(°K210%) for S interstitial diffusion. The Diffusion
coeflicient axis given in log scale and the Temperature axis is inverted.

In addition to the previously observed strong A1™(@)_-S bonds in pure NiAl, the ELF
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plot for S diffusion in NiAl(Hf) displays additional electron localization (ELF>0.4) be-
tween Hf and S. During transition, similar to pure NiAl, transfer of electron population
from the Al™-S bond path to between AIY and S atoms is detected, however, unlike
Al4-S, no electron depletion is spotted along the Hf-S bond path. When the atomic
separations are compared with that of the pure ASP, all Al-S and the shortest Ni-S
bond lengths remain comparable except for the Hf-S separation that is observed to be
much shorter than the Al4-S; a further evidence of a stronger interaction. Similarly, at
the transition state, two Ni-S bonds break while Al1V-S bonds get shorter and AlM-S
bonds elongate in accordance with the charge transfer as observed in the ELF plot.
In order to further observe the extent of Hf-S interaction and identify the gettering
ability of Hf, a model is created examining the diffusion of an S atom from the 2NT to
3NT site of Hf as depicted in Figure 5.1. However, after initial relaxations of the end
configuration, S relaxed to the 2NT site of Hf, demonstrating that the structure with
the S atom at the 3NT site of Hf is not stable because of the strong Hf-S attraction.
Such strong interaction proves the gettering ability of Hf and explains the reduced S
concentration at the oxide/bond coat interface. Thus it can be concluded that the

overall reduction in diffusion rate of S is governed by the strong Hf-S interaction.

Effects of Pt on S diffusion

One of the possible positive effects of Pt is its ability to stop S from diffusing to the
oxide/bond coat interface. To verify this proposition, a nearest neighbour Ni atom to
S on a NSP is replaced by a Pt atom. However this initial configuration is proven
unstable due to the Pt-S interaction that caused the S atom to displace towards the
ONT site of Pt, increasing the Pt-S separation to 2.86 A. Thus diffusion of S from a
2NT to another 2NT and to a 3NT site is calculated to thoroughly elucidate the effects
of Pt on S diffusion.

The results given in Table 5.3 clearly demonstrate that the addition of Pt accelerates
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the interstitial S diffusion in NiAl. For the 2NT-2NT diffusion path, the symmetric
MEP reveals a migration barrier of 0.014eV that is lower compared to the migration
barrier for a pure NSP jump as shown in Figure 5.2. Combined with the pre-exponential
factor of 6.221071° the resulting diffusion coefficient for S in the proximity of a Pt atom
is greater for the whole temperature range as depicted in the Arrhenius plot Figure 5.5.

From the ELF figure, no increased electron localization is observed between Pt and
S, on the contrary, Pt repels the S atom, causing it to displace towards Ni?. As the
S atom diffuses to its saddle point, the electron localization between Ni* and S gets
weaker concurrent with the increased carrier population between Ni'V and S atoms,
while any localization indicating a positive interaction between Pt and S still cannot
be determined. The atomic separation supports the ELF observations: At the initial
configuration, Pt repels (Figure 5.3) the S atom, increasing their atomic separation to
2.87A compared to the Ni4-S bond length of 2.6Ain pure NSP-jump. Once the diffusion
initiates, at the midpoint of the path, S displaces towards Ni', without changing its
separation with Pt.

A similar conclusion is drawn for the S diffusion from a 2NT to a 3NT site of Pt,
which is to be compared with an ASP jump. As depicted in Figure 5.1(c), one of the
Ni atoms in the NSP is replaced with a Pt atom, and the S atom is made to segregate
away, on an ASP. Figure 5.6 illustrates the asymmetric MEP with the low migration
barrier that is a consequence of the repulsive Pt-S interaction, and Figure 5.5 displays
the overall diffusion coefficient which is higher than D45 over the full temperature
range. Even though such a diffusion path is unsymmetric and may not be stable, it is
studied for comparison purposes with the S diffusion from Hfs” 2NT to 3NT site.

Due to its greater electronegativity, Pt is proposed to gain an electron from its
surrounding Ni and Al atoms, and become an anion creating repulsive Ni-Pt and Al-Pt
interactions [55]. In line with this observation, there is a repulsive interaction between

the Pt and S anions, that is evident from the ELF plots for both the NSP(Pt) and
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Figure 5.6: Black line is the MEP for S diffusion on ASP, blue line is the MEP for S diffusion
away from a Pt atom on an ASP, and red line is the MEP for S diffusion on ASP containing
a Hf atom. Blue, black, grey, pink and red colors represent Pt, Al, Ni, Hf and S atoms
respectively.

the ASP(Pt) jumps. The interstitial configuration dictates short Pt-S separation that
allows the repulsive behaviour, consequently accelerating the S diffusion in the vicinity
of Pt.

As expected, our calculations predict a reduced S diffusion rate in Hf doped NiAl
alloys. Owing to its gettering ability, Hf forms stronger bonds with S compared to
the Al atom that it has replaced, and stops S from diffusing away by reducing the S

diffusion rate as long as they interact. However surprisingly, Pt is determined to speed
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E,.(eV) E;(eV) Q(eV) D,(cm2/s)

NiAl (Ni-Plane) 0.036 - 0.036 3x10~1Y
Ni(Pt)Al 0.014 i 0.014  6.2x10°10
NiAl (Al-plane) 0.27 - 0.27 3.4x107?
NiAl(Hf) 0.33 i 033 8.6x107°
Ni(Pt)Al - away  0.155 i 0.155  2.2x10°
NiAl - NNN 0.48 1.25 1.73 0.15x1071
Ni(Pt)Al -NNN 0.68 1.20 1.88 0.95x10~2
NiAll 2.26 1.5
NiAl? 2.91 8.4
Ni(Pt)Al® 041  2.5x10°1

Table 5.3: Migration, formation, activation energy and the pre-exponential factor for
all types of S diffusion.

up the S diffusion since it repels and does not form a bond with S, unlike the Ni atom
that it has substituted. Finally, the calculated activation energies (0.036 eV and 0.27
eV) and the pre-exponential factors for jumps on pure NSP and ASP are found much
lower than the experimentally obtained values for S diffusion in NiAl [38, 94]. Such a
difference between the calculated and the experimental data is likely an indication that
S diffuses via a different mechanism in NiAl. To ensure its most favourable diffusion

mechanism, the vacancy mediated S diffusion in NiAl is further examined.

5.2.2 Vacancy mediated S diffusion

At higher temperatures, deviations from the ideal NiAl structure are observed due to
formation of point defects in NiAl alloy. Vacancies and antisite atoms constitute these
point defects: A vacancy is the absence of an atom on its sublattice that is denoted as
Vi and V4 for Ni and Al vacancies, respectively, and an antisite atom forms when a
Ni(Al) atom resides on an Al(Ni)-site symbolized by Ni; (Aly;).

In order to determine the most favourable substitutional site of S, the formation
energy of NiAl containing an S atom substituting a Ni or an Al atom is calculated

independently. As given in Table 5.1, formation of an S atom at an Al site is found
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more favourable. Thus as the vacancy mediated diffusion, a symmetric next nearest
neighbour (NNN) jump for S in which the S atom jumps from one Al sublattice site to

another is considered.

NNN S diffusion in NiAl

The NEB calculation for the NNN S jump in NiAl predicts a migration barrier of
0.48eV. The resulting activation energy of 1.73eV is much closer to the experimentally
reported value (2.26eV) by Rivoaland et. al. [38], compared to the activation energies
obtained for its interstitial diffusion. Combining the calculated pre-exponential factor
with the activation energy in Eq. 3.28, yields the following expression for NNN S
diffusion:

1.
DYNN = 0.015 zexp (_]%7;) (em?/s) (5.1)

The diffusion coefficient given in Eq. 5.1 is presented in Figure 5.7. At 1000°C), it is
calculated as 22107%cm?/s which is in very good agreement with recent experimental
data of 1210~ %cm?/s ref. [93].

At the initial state, after relaxations, the S atom is displaced towards four Ni atoms
neighbouring the vacancy, as seen in Figure 5.8. During transition, S is equidistant
from these four Ni atoms, forming equal bonds, as determined from the electron local-
ization between S-Ni’s. In agreement with the information gathered from ELF, atomic
separations also suggest displacement of S towards the vacancy, reducing four Ni-S
separations to 2.27A and increasing the other four to 2.81A from the unrelaxed Ni-S
separations of 2.5A. During transition, the shortest four Ni-S bond lengths reduce to
2.17A while the other four break off. At any stage during the segregation of S, no bond

formation between S and any Al atom is observed.
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Figure 5.7: Diffusion coefficient vs 1/T(°Kx103) for S vacancy diffusion. The Diffusion
coefficient axis given in log scale and the Temperature axis is inverted.

NNN S diffusion in Ni(Pt)Al

In order to observe the effects of Pt on NNN S diffusion, the Ni atom (denoted by
NiA) which is a nearest neighbour to both S4; and V; is replaced by Pt. Presence
of Pt increases the overall activation energy by 0.15eV and slightly decreases the pre-

exponential factor (Table 5.3) leading to a diffusion coefficient:

1.88
D]SVNN(Pt) = 0.0095 zexp (—M> (em?/s) (5.2)
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Figure 5.8: Initial and transition state ELF plots for S NNN diffusion in NiAl and Ni(Pt)AL

The higher activation energy, combined with a lower pre-exponential factor slows down
the S diffusion as shown in the Arrhenius plot given in Figure 5.7.

At the initial state, due to the presence of Pt in between the S atom and the vacancy,
from the ELF plot given in Figure 5.8, one can see that S does not relax towards the
vacancy, and instead, it displaces away from Pt. Such escape behaviour and electron
delocalization suggest an initial repulsion between these atoms. At the saddle point, the
S atom diffuses through the Ni-plane that contains the Pt atom. It displaces away from
Pt towards the opposite Ni atom, disrupting the order at this layer. Even though there
is a general repulsive behaviour between Pt and S, the increased electron localization at
the transition state in between these atoms can be indicative of a weak S-Pt interaction.

S relaxes away from Pt, elongating its separation from 2.27A to 2.77A compared to
Ni“-S bond. Due this asymmetric configuration, one of the Ni-S bonds does not form
and two additional Al-S bonds with lengths 2.71Aare observed as given in Table 5.2.

At the saddle point, the two additional Al-S and three Ni-S bonds get broken off and
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the Pt-S bond remains greater compared to its counterpart, Ni“-S bond in pure NiAl.
It can be concluded that the increased migration barrier is due to the repulsive Pt-S
interaction since S is diffusing through a Pt containing plane. In this research NNN
S diffusion away from Pt is not considered, since this path is not symmetric and at
the end point of the S diffusion path, there is no Pt-S interaction due to their greater
separation.

At lower temperatures a smaller defect concentration is expected. As temperatures
get higher, formation of vacancies and antisite defects become more plausible. Thus,
it can be suggested that at lower temperatures S diffuses as an interstitial whereas for
high temperatures in which there are enough vacancies for vacancy mediated diffusion,
a NNN jump is preferred. This phenomenon is rationalized looking at the Arrhenius
plot given in Figure 5.9. At lower temperatures, the S interstitial diffusion coefficient is
higher while at temperatures above 840°C vacancy mediated NNN diffusion is favoured.
Such an observation also implies that at lower temperatures Pt would increase the S
diffusion rate while at higher temperatures it would slow it down. This conclusion
is consistent with the experimental observation made for S diffusion in NiAl which
proposed that Pt would increase the S diffusion rate in NiAl at low temperatures and

reduce it at temperatures higher than 900°C [94].

5.3 Conclusion

DFT calculations have been performed to study S diffusion in NiAl to determine the
effects of Hf and Pt on the S diffusion rate. Two mechanisms: interstitial and vacancy
mediated, have been examined. The S diffusion rate is found to be over three orders
of magnitude greater than Ni self diffusion in NiAl. At temperatures below 840°C,
interstitial S diffusion is determined to be preferred over vacancy mediated diffusion

whereas above 840°C the NNN diffusion is favoured.
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Hf is known to getter S and form compounds within bulk NiAl, reducing the S
concentration at the interface [60, 67]. In agreement, the NEB calculations combined
with the harmonic transition state theory predicted that Hf strongly interacts with S,
keeping it from diffusing away towards the oxide/bond coat interface. The influence
of Pt on S is observed to be mechanism dependent: It accelerates the interstitial S
diffusion, which is found to be preferred below 840°C and reduces the NNN diffusion
rate that is shown to be dominant for temperature over 840°C. Such a conclusion agrees
well with experimental observation stating that Pt accelerates S diffusion below 900°
and decelerates it above that temperature [94]. As a final remark, the ELF figures and
the atomic separations showed that S atoms do not prefer to be in close proximity to
Pt which explains the reduced S concentration at the metal/oxide interface after Pt

segregation to the NiAl surface at the oxide/bond coat interface.
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Figure 5.9: A comparison of diffusion coefficient vs 1/T(°Kx103) of interstitial and vacancy
mediated S diffusion. The Diffusion coefficient axis given in log scale and the Temperature
axis is inverted. S* is the diffusion data obtained by ref. [38] and ST is the diffusion data
obtained by ref. [94]. The diffusion data provided for NNN Ni diffusion is obtained through
DFT calculations
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Chapter 6

Investigation of the Effects of
Reactive Elements on >3 1010 twin

Al>O35 Grain Boundary Sliding and
Cleavage: an Ab tnitio Study

6.1 Introduction and Theory

Even though, previously, addition of REs to the ¥11 is shown to improve the sliding
barrier, and addition of Y to the ¥3 GB is predicted to improve its tensile strength,
no calculation has been carried out studying both the cleavage and sliding mechanisms
and assessing the effects of REs on brittleness of Al;O3 GBs. In the present work,
DFT calculations are employed with a purpose of clarifying the atomic level mecha-
nisms during the sliding and the cleavage fracture of the pure and doped alumina grain
boundaries. The change in the sliding barrier and maximum stresses are assessed in
the Hf, Zr and Y doped X3 (1010) twin AlyO3 GB since Hf, Y and Zr are commonly
found in bond coats in TBCs and segregate to the alumina grain boundaries from the
bond coat. In addition, the ductile and brittle behaviour of these grain boundaries are
assessed by using the cleavage and stacking fault energies. Results found in this re-
search will provide a microscopic level insight on the effects of quadrivalent segregants

Hf, Zr and trivalent Y on the mechanical properties of ¥3 alumina grain boundary.
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Spin-polarized density functional theory (DFT) is employed using the Vienna Ab
initio simulation package (VASP) with a plane-wave basis set [118]. The Perdew-Wang
generalized gradient approximation (GGA) is used to calculate the electron exchange
and correlation energy [127] and the projector augmented wave (PAW) potentials are
used to describe the interactions of valence electrons with the ion and core electrons for
all elements in Hf-doped, Zr-doped and the clean grain boundary structures, while the
US-GGA potentials are utilized for the elements of Y-doped structure [137]. The Al
3s23pt, Hf 65%5d?, Zr 5s%4d?, O 25?2p* and Y 5s24d" electrons are treated as valence.

The Brillouin zone integration is performed using a gamma point centered 5x3x1
Monkhorst Pack grid that yields 6 irreducible k-points [165]. The occupation of elec-
tronic states is determined according to first order Methfessel-Paxton scheme with a
smearing width of 0.2eV. A kinetic energy cutoff of 350eV is used for all calculations.
The atomic positions are allowed to relax until the forces on the ions are less than the
threshold of 0.01eV/A. To examine the relationship between the electronic structure
and sliding, cleavage properties, the electron localization function (ELF) is calculated.

The corundum Al;Oz is modeled using 120 atoms that are composed of 48 Al and
72 O atoms. An orthorhombic supercell, defined by the lattice vectors e; = [1210],
ez = [0001], e = [1010] are used to represent the structure. The X3 Al,O; GB
is constructed by rotating one half of the corundum Al,O3 180° around [1010] axis
with respect to the other half of the structure, generating a mirror symmetric grain
boundary. Following Fabris et. al. different rigid body translations are applied to
the structure to find the energetically most stable translation of the system, and in
agreement, the screw rotation twin is found to be the most stable translational variant
corresponding to a translation of T' = %el + %62 [99]. The 33 AlyO3 supercell that has
two grains with an orientation relation (10TO) |/(1010) and [TZTO} ||[1210] is shown in
Figure 6.1, viewed along the {T2TO} direction. The periodic repetitions of the structure

along the z-axis are separated by 12A of vacuum to eliminate interactions between
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periodic cells. After relaxations, the dimensions of the supercell is found as a=4.76A,
b=13.03A, ¢c=24.74A with a grain boundary area of 62.02A2

Shear stresses are modeled by displacing one grain with respect to another with
increments of %5|es| along the full es axis. Around the highest energy point finer
translations of %2|es| are applied to confirm the highest energy barrier. After each
rigid translation, the 30 atom in the vicinity of the grain boundary are allowed to
fully relax in all directions until the forces on each are less than 0.01eV/A. The rest
of the supercell remains fixed to mimic a bulk-like Al,O3 in order to ensure that the
structure does not relax to its global minimum [111]. The energy required to dislocate
such two grains with increments of d is called the generalized stacking fault energy
~Yasr(x) where the point that the energy reaches its maximum is termed the maximum
generalized stacking fault energy and symbolized as 7,s. The calculated energies for
each increment along the path is scaled relative to the global minimum of the yggr(x).

The cleavage process is modeled by rigidly cleaving two grains by fractions (f) of
the initial grain separation dy. After each level of separation (x = fdy), two different
calculations are carried out: 1) The atoms are allowed to relax in the cleavage direction
only (here referred to as rl model) and, 2) All atomic positions are allowed to relax in
3 dimensions (here referred to as r3 model) until the forces are less than the threshold
value. Unlike the sliding process, the atoms further away from the grain boundary
region are also allowed to relax. The energy released during the cleavage process is called
the decohesion energy G(z), and is described as a function of the interface separation
x. For large separations, if the decohesion energy approaches the cleavage energy, G
which is defied in the limit G(z), 0o = G, the material cleavages. To obtain the
cleavage energy within this limit, an interface separation up to 10dy is applied between
the grains, and a 7x3x1 grid that leads to 7 irreducible k-points is utilized for a better
accuracy.

Three different approaches are utilized to determine the critical cleavage stress (o)
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Figure 6.1: Model of the %3 Al,O3 grain boundary viewed along [1210] (below) and
towards the [0001] (above) direction.

such as: 1) Calculating dG(l.)/dx of the famous UBER fit, 2) For relaxed processes,
fitting the equation defined by Ref. [155] for the decohesion energy and using the slope
of these fits at x = [, or 3) From its definition; calculating the maximum value of the
slope of energy-separation curve itself [160, 161, 164, 170, 171]. With the purpose of
predicting the mechanical behaviour of the materials under study, ductility conditions
and parameters D, and A provided in chapter 3 are examined. However, since in this
study the Schmid factor, S, in parameter A is zero, only D is evaluated as the ductility
parameter.

In all calculations a single dopant R (R=Y, Hf, Zr) is substituted for an Al atom
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Al Hf Zr Y
vs(J/m?) 385 414 394 412
7(GPa) 2745 30.86 2879  32.455
G.(J/m?) 384 403 398 529
o*(GPa) 3629 37.83 3459  47.24
0o(GPa) 3247  40.18 4057  40.52
D 099 097 135  1.28

Table 6.1: Sliding energy v,s, cleavage energy G, maximum sliding stress 7., maximum
cleavage stress o., cleavage stress fit o, and the ductility parameter D for the clean
and Hf, Zr, Y added GBs.

at the grain boundary since previously Y is determined to segregate to Al,O3 grain

2 and substitute for an Al atom

boundaries with a concentration of 2-5Y atoms/nm
[102, 172]. In order to determine their energetically favourable substitutional site, the
dopant R atom is doped into A, B, C, D aluminum sites that are identified in Figure
6.1, and then the grain boundary is allowed to fully relax in all directions. For all
dopants, the A substitutional site is found the most favourable in agreement with pre-
vious computational studies [102]. Once the preferred substitutional site is determined,
for all RE-doped grain boundaries, the same relaxation steps as in the undoped grain
boundary are applied for sliding and cleavage calculations. For convenience, the un-

doped grain boundary is symbolized as Algp, and the Hfgp, Zrgp and Yo represent

the Hf, Zr and Y substituted grain boundaries, respectively.

6.2 Results and Discussion

The grain boundary energy (F;,), defined as the energy difference between the bulk

alumina (FEjp,;) and the 33 grain boundary model (Egp):

g Ecp — Epuk
e Area
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Figure 6.2: Sliding profiles for all grain boundaries.

is calculated as 0.27J/m?, concurrent with previously calculated values of 0.3.J/m?
and 0.42J/m? for the same grain boundary [99, 102]. The interfacial Al atoms in this
highly ordered structure are six fold coordinated, identical to the Al atoms in bulk oxide,
Figure 6.1. As a result, the main change in bonding characteristics and coordination
number stems from the oxygen atoms: While in the bulk oxide, the oxygen atoms are
fourfold coordinated, the coordination number of the interfacial oxygen atoms in the
3.3 GB varies between three, four and five fold. In addition to altered coordination
of oxygen atoms, in agreement with previous calculations, the interface O-Al bonds

stretch or contract with new bond lengths ranging from 1.76A to 2.18A [99, 102].
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6.2.1 Sliding

The GB energy profile relative to displacement for each structure is given in Figure
6.2. For all cases a sliding barrier corresponding to a 50% displacement (0.5]ez]), and
two satellite barriers on both sides of the main sliding barrier, at 15% and 85% of the
total displacement, are determined. The sliding barrier of 3.85.J/m? predicted for the
Algp is consistent with previously calculated sliding barriers of, 4.71.J/m? ad 3.23.J/m?
for the ¥13 [1210] and 11 AlyO5 grain boundaries [111, 117]. Even though, due to
its highly ordered structure, the sliding barrier for the >3 GB is expected to be much
higher compared to ¥13, such a discrepancy can be a result of dissimilar relaxation
techniques used [111].

The energy barrier for sliding in REgp’s are predicted as, 4.14.J/m?, 3.94J/m? and
4.12J/m? for H fgp, Zrgp and Ygp, respectively (Table 6.1). Comparison of atomic
separations across the interface at O|ez| and 0.5|eq| for these structures along with
Algp are given in Table 6.2. In all cases at 0.5|ez|, the number of Al-O and O-Al
bonds are reduced, where the Al-O is referred to the bonds formed by interface Al
atoms with their surrounding O, while the O-Al are the bonds formed by the interface
O atoms with their surrounding Al. In Algp, the Als and Al, atoms become fivefold
coordinated whereas in REgp’s, instead of the RE that substituted for Aly, the Alg
atom undergoes a change in coordination number and becomes fivefold coordinated. In
addition, at 0.5|ez|, unlike in Algp where the average Al-O separation for the Alg and
Alp atoms shortens, in REgpg’s the average RE-O and Alp-O bonds lengthen.

The expected chemical bond length for covalent O-O single and O=0 double bonds
are 1.47A and 1.21A, respectively. However at 0.5|ez| the minimum O-O separations
(2.1A) given in Table 6.2 are much greater than the expected bond lengths. This
is a clear indication that there is no covalent bond formation between these atoms.

In fact such a separation suggests that these negatively charged O atoms repel each
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X: Al Hf Zr Y
(A#): 0les] 0.5|ea| 0Oles| 0.5|ea| 0Oles| 0.5|ea| Olea| 0.5|ea|
Alp- 1.93 1.91 1.89 1.91 1.89 1.90 1.89 1.90

O (6) (6) (6) (6) (6) (6) (6) (6)
Al.-O 191 18 192 18 192 18 193 184

(6) () (6) () (6) () (6) (5)

Alz-O 193 191 192 187 192 18 191  1.89
(6) (6) (6) (5) (6) (5) (6) (5)
X,-0 191 185 204 209 206 208 216 = 221
(6) (5) (6) (6) (6) (6) (6) (6)
O-Al 193 190 1.94 193 195 192 195 194
(24) (22) (24) (22) (24) (22) (24) (22)
0-0 () 2.1 (-) 208 (- 2.1 (-) 2.1

Table 6.2: Average bond lengths in a sliding process. A,B,C,D refers to atoms specified
in figure 1. The numbers in parenthesis specifies the number of bonds.

50%-Al

Figure 6.3: a) 50%es ELF for Algp, cut through one of the shortest O-O separation
b)DOS of O p-orbitals at 0% and 50% displacement for Algp and Zrgp.
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other with an effective atomic diameter of 2.1A [173]. This interesting occurrence is
also noticeable from the ELF and DOS plots given in Figure 6.3. From the ELF, the
circular electron clouds on O atoms are observed to deform and lose their rounded shape
along the path of their separation, and from DOS, the broadening of the O p-DOS at
0.5]ez| can be determined. The same figure also reveals a downward shift (away from
the Fermi level) in O p-states after Zr addition, indicating a greater charge transfer
thus stronger Zr-O bonds compared to Al-O. A similar downward shift is also observed
after Hf and Y substitution into the structure as these elements have additional d
electron contributions to bonding. It can be concluded that the main causes of the
sliding barrier are the breaking of O-Al, Al-O bonds and repulsive O-O interactions
whilst the additional increase in the sliding barrier for REgg’s can be attributed to
the stretched Alp-O and RE-O bonds. Finally, in line with the sliding profiles, the
calculated maximum stresses along the sliding path for Algg, H fap, Zrgp and Ygp

are 27.45 GPa, 30.86 GPa, 28.79 GPa and 32.45 GPa, respectively.

6.2.2 Cleavage

As mentioned in the methods section, two types of calculations are carried out for the
cleavage fracture; rl and r3 models. A comparison of the energy-separation (x = fdy)
data of these two models for Algg, Yan, H fap and Zrgp are provided in Figure 6.4
along with the UBER fit for the r3 data. As can be seen, when atoms are only allowed
to relax along the cleavage axis [155] (rl model), the total energy increases abruptly
and results in a small energy barrier for RE added GB’s contrasting the experimental
data. A reason for such a contradiction can be the strains generated because of the
greater size of REs compared to the Al atom. However an expected gradual increase
is determined for the structure that is allowed to relax in all directions (r3 model) and

the UBER designed for unrelaxed structures does not fit the r3 data as it is obtained
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Figure 6.4: Energy per area versus separation for the structures relaxed in all directions
(black), the structures with only z-axis relaxations (red) and the UBER fit.

by allowing relaxations in all direction for the whole structure. The maximum cleavage
energies for r3 model are found to be 3.84.J/m?, 4.03.J/m?, 3.98.J/m? and 5.29.J/m?
for Algp, H fap, Zrgr and Ygp respectively. The higher cleavage energy for the RE-
substituted structures are expected as it is shown in sliding calculations; the RE-O
bonds are much stronger, requiring a greater energy to break.

Bond lengths, at openings dy and 1.5d, are presented in Table 6.3. For the quadriva-
lent Hf substituted structures, Al-O and Hf-O bonds across the grain boundary interface
contracts at 1.5dy. A similar trend, except for the RE-O contraction, is also determined
for Hfs’ isovalent, Zr containing model. This ’shortening behaviour’ is previously ob-

served in Y-doped AlyO3 GB tensile tests, and is suggested to be a result of strong
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Figure 6.5: Stress vs strain plots along with the fit utilized from ref. [155], and atomic
positions of the 1.5 and 1.75 cleaved structures.

Y-O bonds. However, unlike the quadrivalent Hf and Zr, in the trivalent Y5 and Alggp
models, at 1.5dg, all cross interface bonds stretch and the total number of X-O bonds
decrease. Such a difference implies that Y5 and Algp models reach their critical stress
at a smaller opening than 1.5dp.

The maximum stresses are calculated using two different methods: 1) From the
slope of the energy-opening curve (method-1) 2) Utilizing a fit for relaxed cleavage
calculations as suggested by Lazar et. al. [155, 160] (method-2). The stress curve
obtained from the UBER model is not demonstrated since it did not fit the energy-
separation data of the fully relaxed r3 model. When the total energy-separation values
are fitted to Eq. 3.41, all models reach their critical stress above an opening of 2.2A and
Zrgp and H fgp are calculated to have a smaller critical stress than the Algg. However
it is known that addition of reactive elements (Zr, Hf), increases the creep resistance of
alumina GBs and the atomic model and separations provided in Figure 6.5 and Table

6.3 reveals that all models are expected to separate before or at 2 A. Therefore method-
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X (A): Al Hf Zr Y
3.84J/m? 4.03 J/m? 398 J/m®> 529 J/m?

0 Al-O: 1.76(x2), 1.76, 1.80, 1.77, 1.81, 1.78(x2),
1.86(x3) 1.85, 1.86, 1.85, 1.86, 1.83, 1.84,
1.87 1.87 1.89
X-0: 1.91, 1.99 2.04, 2.14 2.06, 2.17 2.13, 2.29
# L<2.7TA: 17 16 16 16
1.5 AIl-O: 1.85(x2), 1.74, 1.76, 1.74, 1.81, 1.75, 1.81,
2.66(x2), 1.79, 1.83, 1.83, 1.88, 2.10, 2.46,
2.67 1.86 1.89 2.47
X-0: 2.67, 2.71 2.05, 2.13 2.10, 2.18 2.23, 2.38
# L<2.7TA: 8 20 19 12

Table 6.3: Atomic separations across the grain boundary interface for uncleaved and
1.5d0 cleaved structures and the total number of atomic separations smaller than 2.7A.

2 neither agrees with the experimental data nor does it follow the atomic separations for
the r3 model, because it is derived for structures that are relaxed only along the cleavage
axis or nearby the grain boundary interface. Thus, the critical stresses are determined
using method-1, as 32.47 GPa, 40.18 GPa, 40.57 GPa and 40.52 GPa for Algp, H foB,
Zrap and Ygpg respectively, which is in very good agreement with the maximum stress
obtained for pure (31GPa) and Y-substituted (39GPa) 33 grain boundary in previous
tensile calculations [102].

According to the ductility parameter D, Algg, H fggr are brittle while Ygp, Zrgp
are ductile. However, as expected the ZCT condition predicts a brittle Algg, H fas,
Zrgp and Ygp since, like most ceramics, alumina is a brittle material. Figure 6.5
demonstrates the bonding across the grain boundaries at 1.5dy and 1.75dy. In agreement
with the changes in bond lengths, Ysp and Algp reach their maximum stresses at
smaller openings as their cross interface bonds have already been elongated at 1.5d.
Thus it can be suggested that doping alumina grain boundaries with trivalent reactive
elements increases the cleavage energy without changing its mechanical behaviour, and

doping with quadrivalent reactive elements increases both the cleavage energy and the
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ductility of alumina. Such a proposition is in line with experimental observations since
Zr and Hf have been observed to increase the ductility of alumina grain boundaries

while decreasing the creep rate [174].

6.3 Conclusion

In order to investigate the effects of reactive elements on alumina grain boundaries,
sliding and cleavage processes are studied in Hf, Zr, and Y containing structures. Con-
tribution of d electrons in bonding is determined to be the main cause of increased
critical sliding and cleavage energies. During sliding, in addition to the energy required
to break the bonds, strains generated due to O-O repelling is observed to contribute to
the sliding barrier. Unlike previously suggested for 311 Al,O3 GBs, no correlation is
observed between the magnitude in increase and the ionic radii. Cleavage models re-
vealed that Hf and Zr added structures reach their maximum stress values at a greater
opening compared to un-doped Alumina. Therefore, in line with experimental obser-
vations [174], the quadrivalent Hf and Zr atoms are suggested to increase the ductility
of AlyOs.

The calculated shear stress value of 27.45 GPa for the pure X3 grain boundary
agrees well with the shear stregth of Al,O5 (28 GPa) as obtained by nano-indentation
tests and the theoretical shear strength of Al,O3 that is calculated as 26.2 GPa [175].
Moreover the critical cleavage stress values for the pure (32.47 GPa) and Y-added (40.52
GPa) grain boundaries agree well with the results of previous theoretical tensile tests.
(31 GPa for pure and 39 GPa for Y-doped grain boundary) [101]

It is widely accepted that the detailed behaviour of every grain boundary is dif-
ferent. Even though this system constitutes only a small portion of all possible grain
boundaries, qualitatively a similar increase in the energy barriers is expected after RE

addition due their d electron contribution.
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Chapter 7

Conclusion and Future Work

7.1 Conclusion

Different computational tools are utilized in this thesis to investigate the effects of
reactive elements (REs) and impurities on thermal barrier coatings. The DFT based
VASP package is used to calculate the total electronic energy, the ATAT package is
used to calculate vibrational frequencies, DOS and ELF are exploited to investigate
the atomic level mechanisms underlying the effects of REs. Through a semi-empirical
approach, the mechanical behaviour of alumina grain boundaries and the diffusion in
bulk NiAl are studied. The main contributions of this research can be summarised as

follows:

e The effects of reactive elements (Hf, Y, Zr, Cr), additive (Pt) and impurity (S)
on the adhesion of the S-NiAL/Al,O3 interface are elaborated. The main atomic
level contribution to the increased adhesion is determined as the formation of
a mixed Ni-RE-O bond in single RE-doped and RE+X (X=RE,S,Pt) co-doped
interfaces. On the other hand, the deterioration of the adhesion by S is mainly
due to the breaking of bonds in the vicinity of S and the O-S repulsion across the
interface. In the Hf4+X (X=Y,Zr) co-doped interfaces, formation of an ionic Hf-O-

RE bond is revealed to contribute to the additional strengthening of the adhesion,
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unlike the Cr+X (X=Hf, Y) co-doped interfaces where the Cr atom is found not
to participate in an ionic Cr-O-RE bond formation. Finally, in S+X (X=Hf, Cr,
Pt) segregated interfaces, Cr and Hf are shown to mitigate the detrimental effects
of S to some extent, with Hf promoting additional Al-S formation. However, the

addition of Pt is not as effective.

Since Pt and RE’s have been shown to decrease the S concentration at the inter-
face, the interstitial and vacancy mediated diffusion of S in bulk NiAl with the
influence of Pt and Hf is studied. During its interstitial diffusion, substituting a
Ni atom with Pt is found to decrease the coordination number of S due to Pt-S
repulsion, allowing it to diffuse faster, while the substitution of an Hf atom to
an Al site is shown to promote a strong Hf-S bond formation, hence decelerating
segregation of S. Similarly, the Pt-S repulsion is determined to slow down the
vacancy mediated S diffusion. From the Arrhenius plots, a critical temperature,
840°C, is observed below which S diffuses as an interstitial and Pt accelerates the
diffusion. Above this temperature, a vacancy mediated diffusion and a decreased

diffusion rate are expected after the addition of Pt.

To further examine the effects of reactive elements on thermal barrier coatings,
the alumina grain boundaries containing a RE (Hf, Zr and Y) is examined. Dif-
ferent fits are exploited to determine the maximum sliding and cleavage energies
and critical stresses for the undoped and doped grain boundaries. The addition
of RE is shown to increase the maximum sliding and cleavage stress due to their
d-electron contribution. Furthermore, the comparative study of bond separa-
tion and the atomic geometry of these grain boundaries indicated an increased

ductility of alumina after the addition of quadrivalent Hf and Zr.
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7.2 Suggested Future Work

Based on this work, more research is needed in the following areas:

e A more complicated and realistic model of the NiAl/Al,O3 interface is currently
being generated by K. Chen to include the initial formation of vacancies before

the segregation of REs or S to the interface.

e A dynamic investigation of the interface adhesion by including the diffusion of
additives and S from the bulk NiAl to the NiAl/Al,O3 interface can be carried
out to determine their preferred segregation sites, changes in the atomic structure

and their effects on adhesive trends.

e Other S diffusion mechanisms can be elucidated to determine its most favourable

diffusion mechanism and the influence of other elements on its diffusion rate.

e In order to rationalize the effects of quadrivalent and trivalent reactive elements
on grain boundary strengthening, effects of other REs on the ductility of the

alumina grain boundaries can be investigated.
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