
Modelling the Effects of Element Doping and
Temperature Cycling on the Fracture Toughness of
β -NiAl / α-Al2O3 Interfaces in Gas Turbine Engines

By

Tyler Samson

Thesis submitted to the Department of Mechanical Engineering
in partial fulfillment of the requirements for the degree of

Master of Applied Science

University of Ottawa
Ottawa, Ontario, Canada

January 10th, 2013

c© Tyler Samson, Ottawa, Canada, 2013



“Give me six hours to chop down a tree

and I will spend the first four sharpening the axe.”

-Abraham Lincoln



Abstract

This document describes work performed related to the determination of how elemental additions

affect the interfacial fracture toughness of thermal barrier coatings at the bond coat/thermally grown

oxide interface in gas turbines. These turbines are exposed to cyclical thermal loading, therefore a

simulation was designed to model this interface in a temperature cycle between 200 K and 1000 K

that included oxide growth between 2 µm and 27 µm. The fracture toughness of this interface was

then determined to elucidate the function of elemental additions. It was shown that minimal con-

centrations of atomic species, such as hafnium and yttrium cause notable increases in the toughness

of the bond coat/thermally grown oxide interface, while other species, such as sulphur, can dramat-

ically reduce the toughness. Furthermore, it was shown that, contrary to some empirical results, the

addition of platinum has a negligible effect on the fracture toughness of this interface.
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Chapter 1

Introduction

Gas turbine engine designs for aircraft propulsion and industrial power generation continue to im-

prove upon previous generations by incorporating advances in materials science and engineering.

Improvements in both aerospace and industrial platforms are driven by the need to improve engine

reliability, efficiency and performance while decreasing costs. As designs improve, the demand

for increasingly higher service temperatures grows in order to improve efficiency. This increase

in service temperature is ultimately limited by the properties of the materials used to fabricate the

turbine.

To maximize fuel efficiency and power delivery, aerospace gas turbine engines must often oper-

ate at temperatures well above 1200◦C, which can be greater than the melting point of metals used

in some engine components. Therefore, thermal barrier coatings, combined with internal cooling

systems, are used to reduce the temperature of hot section metal components, protecting them from

thermal damage. The design of these thermal barrier coatings (TBC) is of critical importance as

1



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
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the overall reliability of the engine can be attributed, in part, to the reliability of these coatings [1].

Thermal barrier coatings consist of material layers bonded to the superalloy of the turbine

blades. These layers traditionally consist of a thermally resistant ceramic top coat, commonly

yttria-stabilized zirconia (YSZ), bonded to the nickel-based superalloy turbine component through

the use of an intermetallic bond coat (BC). A schematic of a TBC deposited on a turbine blade is

seen in Figure 1.1, from Evans et al. [2].

Author's personal copy

1406 A.G. Evans et al. / Journal of the European Ceramic Society 28 (2008) 1405–1419

Fig. 1. A schematic of an airfoil and a magnified view of a surface zone with
the TBC and bond coat layers identified. The thermal conditions are defined.

atures of interest (900–1150 ◦C), with correspondingly small
counter-diffusion of the metallic elements. (ii) The bond coat
should have sufficient thermo-chemical compatibility with the
structural alloy that the basic composition, microstructure and
properties are retained for the expected life of the system. The
singular solution is an alloy that forms !-Al2O3 upon oxidation.
To achieve this, near its surface, the alloy must contain suffi-
cient Al that the primary oxidation product is, indeed, !-Al2O3
and, moreover, acts as a reservoir for re-formation of !-Al2O3
should spallation occur. The common choices are alloys based
on Ni(Al) with various additions (such as Cr, Co, Pt, Y and Hf).
Other requirements are more nuanced. They dictate competi-
tive advantage, through key aspects of system performance and
durability. In practice, three categories of bond coat have been
implemented, differentiated by the phases present and the alloy
additions. (a) One category consists of a single "-phase usually
made by inter-diffusing Al and Pt with Ni adjacent to the surface
of the superalloy.26–28 (b) A second consists of a two-phase, #/"-
alloy, usually deposited onto the substrate by plasma spraying or
EB-PVD.29–31 (c) The third is a two-phase #/#′ alloy made by
infusing Pt (and Hf) into the substrate.32,33 Systems made using
these bond coats perform differently with durability governed
by different mechanisms.

1.2. Performance and durability

To survive extreme thermal cycling the misfit strains between
the layers must be understood and managed.34–39 These strains
arise due to differences in thermal expansion coefficient, as well
as phase transformations and inter-diffusion. They cause resid-
ual stresses upon temperature cycling, which activate inelastic
mechanisms that, in turn, limit durability. The importance of the

misfit differs for each of the layers. It is least important for the
external oxide because this layer need not be dense: it serves
only to insulate the underlying alloy and does not provide oxi-
dation protection. It is designed with a microstructure having
spatially configured porosity that affords low in-plane stiffness
and strain tolerance.40–44 This strategy cannot be used for either
the TGO or the bond coat: because, to serve their functions,
both need to be dense (minimal porosity). The TGO misfit can-
not be independently controlled, but its adverse consequences
can be managed by limiting its thickness. The misfits between
the bond coat and substrate are more nuanced: they occur not
only from thermal expansion, but also phase transformations39

and swelling.45 Understanding these misfits, ascertaining their
importance to system durability, and finding means to control
them, has been an important research focus.

Ultimately the durability is governed by spalling of the exter-
nal insulating oxide, as deduced from components removed
from engines (Fig. 4). Small diameter spalls can be tolerated,
because backside cooling and boundary layer effects still allow
the exposed surface to be protected by the (surrounding) intact
oxide. Degradation only becomes a concern after an appreciable
area fraction of the coating has been removed. Actual spall for-
mation is preceded by smaller cracks that extend and coalesce
along delamination planes located either within the oxide layer
or at the interface between the TGO and the bond coat.

The ensuing article highlights the roles of the oxide con-
stituents. It is organized as follows. The constituent materials
and their salient thermo-mechanical properties are outlined.
The spectrum of mechanisms governing the performance and
durability of hot section components are described, thereby
illuminating the oxide functionalities. With reference to these
mechanisms, the dominant characteristics of the oxides are
discussed, with associated mechanistic understanding. In turn,
these mechanisms reveal opportunities for new research on
oxides that might further enhance the fuel efficiency.

2. The constituents and their thermo-mechanical
properties

The requirements imposed on each layer (Fig. 2) dictate the
constituent property attributes. In current implementations, the
structure and composition of the substrate and the insulating
oxide are largely fixed. Options exist for the bond coat, which
affect the formation of the ensuing TGO.

2.1. Insulating oxide

The thermal expansion coefficient of this layer, αtbc, is
appreciably lower than that for the substrate, αsub: the dif-
ference is about, αtbc − αsub ≡ "αtbc ≈ −3 ppm/K. To prevent
spontaneous delamination due to this misfit, the in-plane mod-
ulus of the layer, Etbc, must be controlled, as illustrated by
the following simple argument. At the highest temperature,
creep in the YSZ causes it to become stress-free. Subsequent
cooling induces residual stress through the thermal expan-
sion misfit. If the YSZ were fully dense (Etbc = 200 GPa,
vtbc ≈ 0.2), for a typical value of the average temperature

Figure 1.1: Overview of a thermal barrier coating system on a blade [2].
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Interfaces in Gas Turbine Engines

As hot combustion gases pass through the turbine, heat is transferred to the engine components.

In order to protect these components from thermal damage, the TBC is deposited such that the

substrate is shielded from the combustion gases. Furthermore, these components are fabricated

with internal cooling channels which allow the part to be cooled from within. This internal cool-

ing scheme, combined with the protection offered by the TBC, ensures the part remains below the

critical melting temperature. As noted previously, the TBC system is deposited in layers. The

innermost coating layer is the metallic bond coat deposited onto the substrate, followed by a ther-

mally grown oxide (TGO). Finally, the outermost layer is a ceramic top coat which is, as previously

mentioned, typically composed of an yttria-stabilized zirconia (YSZ)1. The bond coat layer serves

as an intermediate layer between the superalloy substrate and the ceramic top coat to accommodate

the mismatch in the coefficients of thermal expansion. It also provides an aluminium reservoir to

support oxidation and the formation of the TGO layer. The second layer, the TGO, provides pro-

tection against further oxidation and minimizes direct interaction of the combustion gas with the

bond coat. This is accomplished by the formation of a dense layer of oxide that prevents gases that

diffuse through the permeable top coat from interacting with the substrate and bond coat. Limiting

this interaction precludes the formation of rapidly forming oxides. Lastly, the top coat provides

enhanced thermal resistance and reduces heat transfer to the underlying layers and substrate. To

complement the schematic in Figure 1.1, Figure 1.2 provides a SEM image of a TBC system.

1It should be noted, that while the term TBC is often used to represent the entire coating system, it is sometimes
used to designate only the ceramic top coat specifically, as seen in Figure 1.1. From this point forward in this document,
‘TBC’ will be used to refer to the entire coating system, consisting of the ceramic top coat, bond coat, and thermally
grown oxide.

3
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Author's personal copy

A.G. Evans et al. / Journal of the European Ceramic Society 28 (2008) 1405–1419 1407

Fig. 2. An exploded view of the tri-layer thermal barrier system indicating the functionalities of each of the layers. Cross sections of actual systems are included.

Author's personal copy

A.G. Evans et al. / Journal of the European Ceramic Society 28 (2008) 1405–1419 1407

Fig. 2. An exploded view of the tri-layer thermal barrier system indicating the functionalities of each of the layers. Cross sections of actual systems are included.a) b)

Figure 1.2: A scanning electron miscroscope (SEM) image of: a) a typical TBC system and b) a close-up of the
thermally grown oxide layer [2].

These coatings must protect against substantial temperature differences between the superalloy

substrate and the exposed surface of the TBC system [3]. Figure 1.3 provides an example of the

temperature gradient that can exist in a typical hot section turbine component coated with a TBC.182 J.W. Hutchinson, A.G. Evans / Surface and Coatings Technology 149 (2002) 179–184

Fig. 4. A typical thermal profile within a TBC and substrate under
operating conditions within a turbine w27x.

Fig. 5. The energy release rate for sintering-induced delamination as
a function of crack depth.

When a delamination crack emerges from an edge
along the interface, the force and moment are released,
giving rise to an energy release rate which approaches
from below the steady-state energy release rate w25x:

2 2 2 2¯F 6M s h Ds hedgeG s q ' q (10)ss 3¯ ¯ ¯ ¯2E h E h 2E 24Etbc tbc tbc tbc

where is the average stress in the TBC¯ Ž .ss s qs y2i o
and is the stress difference between theDsss yso i

top surface and the interface.
A prototypical steady-state temperature distribution

for a thermal barrier system (Fig. 4) w27x is used to
relate to the thermal environment, with T beingedgeGss dep
the stress-free temperature, T the temperature at theo
TBC surface, T the temperature at the interface withi

the bond coat and T the alloy temperature at thecool
cooling channels. For this scenario, the temperature in
the alloy is taken as , such that:¯ Ž .Ts T qT y2i cool

¯ Ž .DssE a T yTtbc tbc i o (11)
¯ ¯Ž .¯ Ž .ss2E a TyT ya T qT y2yTw xµ ∂tbc s dep tbc o i dep

Inspection of Eq. (10) and Eq. (11) indicates that for
cases where T is in the range 900–10008C, and T isdep o
above 12008C, the energy release is dominated by the
term in Eq. (10), which in turn is predominantlys̄

governed by the second term in Eq. (11), since the
alloy temperature is near the deposition temperature. In
other words, the dominant stress contribution is due to
the elevation of the average temperature in the coating
above the deposition temperature. Accordingly, the
effective energy release rate becomes:

2B EĒ hatbc tbcedge 2C Fw xG f T qT y2T (12)ss o i dep
D G2

This energy release is subject to strictly mode II (shear)
loading, since is a compression force w25x.s̄

3. Sintering cracks

When the top surface is at a sufficiently high temper-
ature, the material begins to sinter, resulting in lateral
shrinkage w18x. As the shrinkage occurs, in-plane tensile
stresses are induced because of the constraint of the
substrate. When this reaches the ‘sintering’ stress, s ,s
the lateral shrinkage stops. This stress is the product of
the surface energy, g , with curvature, k, of thoses
contacts between columns that experience neck growth
and densification: s s2g k w28x. If it is large enough,s s
the stress can cause ‘sintering’ cracks to form. If this
stress develops over a depth, H, and a sintering crack
forms through the thickness of the TBC w18x, the crack
could reorient into a delamination at depth a. Subject to
this scenario, the energy release available for the delam-
ination can be derived as follows.
The force and moment per unit length are:

Fss Hs (13)
Ž . Ž .Ms 1y2 s H ayHs

where the moment is again taken at approximately the
midplane of the coating. The steady-state energy release
rate expression in Eq. (10) continues to hold, so that:

2B Es Hssinter 2C F Ž . Ž .µ ∂G s Hya 1q3 1yHya (14)w xss ¯D G2Etbc
This result is plotted in Fig. 5.
The corresponding result for a crack of length a

extending from the surface through the thickness and
subject to a stress s imposed over a segment of lengths
H from the free surface (a)H) is given by Tada et al.
w29x for the case of no elastic mismatch:

2B EB E4 s H asC FC FG sthrough ¯D GD Gp E Htbc
2w zB E B EH Hy1C F C Fx |= 1.30y0.18 sin

D G D Ga ay ~ (15)

Figure 1.3: A thermal gradient profile schematic showing the effectiveness of a TBC system with internal cooling
channels [4].
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Some of the first commercial bond coats were MCrAlY(where “M” denotes the elements that

are in addition to chromium, aluminium and yttrium) alloy coatings developed in the 1960’s [5].

These alloys were first iron-based (FeCrAlY), followed by cobalt-based (CoCrAlY) and then nickel

/ cobalt-based (NiCoCrAlY). Fe-based coatings were first used on iron-based superalloys, followed

by the development of Co-based superalloys. NiCoCrAlY BC were then developed for use on Ni-

based superalloys as their commercial deployment became more common [6]. These coatings were

initially deposited using either vacuum deposition or electron beam physical vapour deposition

(EB-PVD). Eventually, these coatings would also be applied using air plasma spray (APS) and

high-velocity oxy-fuel (HVOF) spray for economic reasons. Regardless of the deposition method,

these coatings were observed to have a binary microstructure composed of β and γ phases. While

the β -phase provides the Al reservoir required for aluminium oxide formation, the TGO, the γ-

matrix provides enhanced ductility, which increases its thermal fatigue strength [5]. As the coating

oxidizes, it forms a protective layer of oxide, preferably α-Al2O3, that is regularly replenished

by aluminium in the β -phase until the Al is depleted to a point where it is no longer available

for oxide formation. While initial compositions were effective, MCrAlY bond coats have since

benefited from the addition of reactive elements (RE). Although the roles of these elements remain

elusive, it has been established that yttrium (Y), hafnium (Hf) and zirconium (Zr) play a role in

either enhancing adhesion or preventing spallation [5].

Another class of bond coat that has been developed is the diffusion aluminide coating based on

β -NiAl. The Al application process is carried out at high temperature (between 800◦C to 1100◦C),

and then the component is diffusion heat treated to produce a homogeneous layer of β -NiAl. Fur-

ther to the initial development of diffusion aluminides, platinum was identified as an atomic addi-
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tion that provided a noted improvement to the performance of these coatings, and could be readily

included in the diffusion process. The inclusion of platinum led to the development of platinum

aluminide coatings, β -NiPtAl.

Although β -aluminides are reliable bond coats that have proved effective, they also suffer from

long term Al depletion due to oxidation and interdiffusion, which causes degradation. This degra-

dation is caused by diffusion between the superalloy substrate and the bond coat. This interdiffusion

causes an increase in Al consumption as two phases are formed, namely a γ ′ and a β phase [7]. A

newer class of bond coats containing Ni, Pt and Al is being investigated that forms a γ-γ ′ phase

structure. This phase structure is very similar to the structure present in the underlying superalloy

substrate, thus the coating undergoes less interdiffusion and displays better mechanical properties

than β -aluminides [8].

The top coat layer is generally composed of zirconia, stabilized with yttria in solid solution, to

form its cubic/tetragonal structure. This tends to be the preferred top coat material as it has low

thermal conductivity (about 2.5-3 W/m K) and minimal sensitivity to temperature changes [2].

It also exhibits a linear thermal expansion coefficient and elastic modulus that is well matched to

some nickel-based superalloys [9].

The key measure of a TBC system’s success is its performance under cyclical thermal loads,

most notably its total lifecycle. The overall performance and dependability of the TBC system

depend, in part, on the methods that are used for deposition and the chemical composition of the

coating layers. Two of the key mechanisms controlling the long-term durability of these systems are

the growth and stability of the TGO and the behaviour of the BC/TGO interface. This interfacial
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zone has been identified, in particular, as a region of interest [10] as the adherence between the

TGO and BC is a key component in assuring TBC durability. Various mechanisms contribute to

the failure of these coatings but it has been stipulated that the genesis of most failures lies in this

zone [10,11]. One of the phenomena that occurs in this interfacial zone is the continuous oxidation

of the bond coat layer, which generates and further builds the TGO layer. The formation of this

oxide depends, fundamentally, on the composition of the bond coat and the exposure temperature

and time. Furthermore, it is generally accepted that the adherence at this interface can be affected

greatly by the segregation of impurities. In particular, the segregation of sulphur atoms is known

to reduce the adherence of the TGO layer [10, 12]. The relationship between these two layers is of

critical importance as this is the transition zone between the metallic properties of the substrate and

the ceramic properties of the TBC system.

The oxidation performance, and ultimate behaviour, of coated systems has been identified as

being particularly varied depending on the elemental composition of the bond coat [12]. Other

studies have provided hypotheses into how these elemental additions affect the behaviour of these

coatings [10, 13, 14]. These studies focus on the effect that segregated impurities have on the

adherence of the BC/TGO interface. It has been stipulated that the presence of Pt may limit the

segregation of impurities [10], or may limit the co-segregation of binary impurities, such as Cr

and S, which in turn limits deleterious effects on adhesion. Other studies [11, 12] focus on the

morphological aspects of the growth of the TGO layer. These stipulate that voids or “pegs” may

form at the interface, the result of which is in dispute and will be discussed in the following chapter.

Investigations into the performance of TBC systems are extensive and on-going. The difficulty
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in establishing a full description of the behaviour of these systems is, arguably, four-fold. Firstly,

these coatings undergo either cyclical thermal loading or isothermal loading. These two dissimilar

loading criteria share the common trait in that they both experience phenomena such as atomic

diffusion. However, highly cyclical applications may not be as susceptible to other phenomena,

such as creep, as isothermal applications may be, and vice versa. These dissimilarities complicate

analysis and modelling, as they require separate parameters to adequately define the true behaviour

of these systems. Secondly, these coatings are made up of coating layers of various thicknesses that,

quite often, vary over time. These variations can impose modulating residual stress fields, which

alter the global behaviour of these systems. Furthermore, these coated layers are also on the scale

at which microscopic details are critical. Adequately robust analysis and modelling are required to

properly describe a complete TBC system. Finally, the inclusion, or exclusion, of atomic species

can have marked influences on the manifestation of various phenomena, such as cracking, and

the performance of these systems. This can further complicate a holistic description of coatings

designed to protect under high temperature conditions.

As previously indicated, the effect of temperature is of critical importance for oxide forma-

tion, BC/TGO integrity and the behaviour of the constituent materials. A system in either a stable

isothermal condition, or in a cyclical condition scenario, will have a marked difference in the be-

haviour of the TBC system. Changes in temperature can affect the mechanical properties of the

constituent materials. More importantly, temperature can also increase diffusivity. This in turn

affects the oxidation characteristics of the coating. Firstly, the temperature is a major contributor

in the phase of the oxide that forms. While there exist many forms of aluminium oxide, the main

polymorphs of alumina that may typically form in gas turbines are γ , θ and α-phases, and trans-
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form from one phase to the next in the same order [15]. α-alumina is the most stable and occurs at

higher temperatures. The transformation from one to the next occurs as temperature increases and

is irreversible. Generally, γ-alumina will transform into θ -alumina around 700− 800◦C and then

to the α phase at approximately 1050◦C. Changes in exposure temperature of as little as 50◦C can

have a substantial impact on the growth and stability of the aluminium oxide [8]. Therefore, tem-

perature can have an effect on the thickness of the coating as a result of influencing oxide growth,

while also affecting the properties of the constituent materials.

1.1 Motivation and Research Objectives

As indicated, there are many considerations that must be taken into account when considering TBC

systems. It is well known that the presence of atomic species in the composition of the bond coat,

and even the substrate, can have an effect on the performance of the BC/TGO interface. However,

the mechanisms driving this phenomenon are not well understood. In order to design better TBCs

to support the need to increase the operating temperatures of gas turbine engines, the function of

these elements must be determined.

The main objective of this work is to elucidate the contribution that some elemental additions

present in TBC systems, such as platinum (Pt), sulphur (S), yttrium (Yt) and hafnium (Hf), have

on the interfacial fracture toughness of the BC / TGO interface. More specifically, the effect these

elements have on the fracture toughness at the interfacial zone between the BC and TGO is to be

determined as a function of oxide thickness and exposure temperature. Although it is preferable to

also study the contributions of these elements under cyclic conditions, representative of in-service
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aerospace turbines, this investigation concentrates on increasingly higher temperature isothermal

conditions. This provided a pseudo-cyclical scenario appropriate for analysis.

This investigation is a component of a larger research study focused on generating a more

complete understanding of elemental effects related to the application of thermal barrier coatings

in order to optimise material compositions for high performance systems. As a companion study,

this research builds upon an atomistic modelling investigation that considered interfacial effects of

adhesion of doping elements at the BC/TGO interface. As the genesis for a continuum level model

of these systems, the current research considered the following:

1. The simulation had to be carried out as a temperature cycle, therefore the thermo-elastic

properties, such as yield strength and elastic moduli, of the constituent materials had to be

expressed as functions of exposure temperature.

2. Since the coatings fail through spallation, a reasonable course of action was to centre the

investigation on fracture mechanics. Therefore, the stress states of the BC/TGO interface

needed to be determined. Analytical results for the following had to be established:

• These coatings undergo thermal cycling; therefore residual stresses at the interface had

to be defined.

• To balance the stress to simulate an intact interface, the effect of bond strength had to

be taken into account.

• The balance of these stress states had to be determined to establish a critical stress

criteria.
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3. Once the stress states were described and expressions for the thermo elastic properties were

found, a simulation was developed that would determine the fracture toughness of a uniaxially-

loaded interface.

1.2 Thesis Outline

The details of this research have been divided into six chapters.

Chapter 1 provides general background into the subject of thermal barrier coatings and the

impact of elemental additions. It also provides details related to the objectives of this research.

Chapter 2 is a review of the pertinent literature related to this research undertaking. This re-

view provides detailed information about thermal barrier coating manufacturing, compositions and

failure and also highlights experimental investigations that were reviewed in preparation for this

research. Details concerning analysis techniques, including finite element modelling and material

related to atomic modelling, including quantum mechanics, are also included.

Chapter 3 provides an overview of how the model that was built as part of this research was

designed. This investigation serves as an initial foray into attempting to bridge atomic modelling

with fracture mechanics. Therefore, this chapter serves to describe the approach and methodology

used to generate a reliable simulation that combined these two length scales. This includes consid-

erations for the development of mathematical equations used to describe thermo-elastic properties,

stresses in thin films as well the bond strength of the bond coat / thermally grown oxide interface,

as well as terms describing its fracture.
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Chapter 4 presents the results from modelling single element doping simulations as well as

co-doping simulations.

Chapter 5 provides a discussion of the results that were the outcome of this investigation. The

first model that was simulated was a clean interface that had no element doping. These findings

were used as a baseline against which subsequent simulations were compared in order to ascertain

what effect the elemental additions were having on the interfacial fracture toughness of the system.

Finally the conclusion, Chapter 6, serves to summarize the findings of this investigation. The

closing remarks will also provide suggestions and recommendations for future work that may build

upon this study.
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Chapter 2

Literature Review

This chapter will serve to familiarize the reader with the topics of thermal barrier coatings, bond

coat compositions, oxidation behaviour, BC/TGO interfacial properties as well as atomistic mod-

elling and simulation.

2.1 Thermal Barrier Coatings

As previously indicated, thermal barrier coatings in aerospace and industrial turbine applications

consist of material layers bonded to the superalloy substrates of the turbine blades. These layers

traditionally consist of a thermally resistant ceramic top coat, commonly yttria-stabilized zirconia

(YSZ), bonded to a nickel-based superalloy substrate (turbine material) through the use of an in-

termetallic bond coat (BC) [5, 8, 16]. The YSZ is most commonly deposited using electron beam

physical vapour deposition (EB-PVD), though other methods such as chemical vapour deposition
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(CVD) and plasma spray (PS) are also relatively common [9]. YSZ top coats deposited by the

EB-PVD process are typically 100 – 200 µm thick. Similarly, BC layers can be deposited using a

variety of technologies, including cold spray, high velocity oxyfuel (HVOF) and EB-PVD, but are

most often applied using plasma spray or CVD [17, 18]. In the fabricated, or “as-deposited” state,

the YSZ and the BC layers are the only constituents of the TBC. During fabrication or, rarely, as

the turbine is operated and thermally cycled, this TBC develops a layer of thermally grown oxide

(TGO) [9]. This TGO is a very thin layer, typically an order of magnitude smaller (<10 µm), of

oxide that forms at the interface between the YSZ and the BC. Experimental testing has shown

that the failure of the TBC system is often associated with the failure of the oxide scale along the

TGO/BC interface [10]. Therefore, this TGO layer is of utmost importance and the design of the

TBC must take the growth of this oxide scale into account.

Currently, zirconia, stabilized in its cubic/tetragonal structure with yttria in solid solution, is

the preferred top coat material. Since it has low thermal conductivity (about 2.5-3 W/mK), min-

imal sensitivity to temperature changes [2], as well as a linear thermal expansion coefficient and

elastic modulus that is well matched to some nickel-based superalloys [9], it is an ideal top coat.

Developments in top coat materials are on-going, and new materials, such as dysprosia stabilized

zirconia [19], are currently being studied but YSZ remains as the standard. The EB-PVD deposition

process results in a columnar grain structure, which allows the YSZ layer to adapt and expand to

address thermal expansion mismatches. Although the columnar grain structure provides excellent

thermal properties, it does result in a layer that is permeable to oxygen. This permeability promotes

oxidation of the layers underneath the top coat during thermal cycling. There are many different

oxides that may form as a result of the oxidation of the intermetallic bond coat. The composition
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of these oxides is dependent on the available elements present in the bond coat. Alpha-alumina

(α-Al2O3) has been identified as being the preferred oxide as it exhibits low oxygen diffusivity and

superior adherence [20]. It is also known to provide adequate protection with minimal thickness

and has a uniform morphology [2]. The characteristic of forming a uniform morphology creates

an oxide layer that is highly adherent [20], as a nonuniform morphology can lead to discontinu-

ities lowering the coatings ability to adhere to either the bond coat or the top coat. Therefore, the

TBC system should be designed to be partial to α-Al2O3 formation instead of other oxides, such

as NiAl2O4, for example.

In order to preferentially form alumina, a nickel-based high-aluminium concentration bond coat

must be applied to serve as an Al reservoir to support oxide formation. Two typically used bond

coats are NiCoCrAlY, known as a “MCrAlY” or Pt-modified diffusion aluminides. MCrAlY bond

coats are usually two-phase layers consisting of a β -NiAl with either a γ-matrix Ni or γ ′-Ni3Al [20].

There is a wide range of considerations that must be taken into account when designing TBC

systems. Oxidation performance and reactive element effects, including such phenomena as plat-

inum and sulphur effects, are issues that have a substantial impact on the overall performance and

lifetime of these coatings systems. Many scientists and engineers have investigated the performance

of these systems and have developed a vast amount of knowledge. Unfortunately, a complete un-

derstanding of the overall behaviour of these coatings remains elusive.
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2.2 Bond Coat Compositions

There are several commonly used commercial bond coat families used for aerospace and industrial

applications, and these are; MCrAlY, β -NiAl and γ-γ ′. Since the modelling requirements of this

investigation focus primarily on nickel-aluminides, the review will focus primarily on the elements

that are present, the size of the deposited layer, and the conventional material properties related to

this specific bond coat composition.

TBC coatings can often include many additions and modifications to their compositions to

improve the performance of the various aspects of a thermal barrier coating. Elemental additions

are often included in order to enhance the bond coat’s ability to preferentially form an α-Al2O3

oxide layer, increase the toughness of the coating and/or to improve the adhesion characteristics of

the system. Aside from elemental additions in the bond coat, it should also be noted that elemental

reduction is also performed to enhance properties, or limit the negative impact some elements can

have on the system. One such reduction is the minimization of sulphur in substrate materials. For

example, in an effort to reduce the effect sulphur can have on the TGO/BC interface, superalloys

can often have a sulphur content below 1 ppma (parts per million, atomic) [17] to limit S diffusion.

The β -NiAl and MCrAlY systems have often been used in investigations into the performance

of TBC systems [7,8,10,14,18,19,21,28]. This is partly due to the obvious presence of aluminium,

which enhances the preferential formation of α-Al2O3, but is also indicative of the ability of the

coatings to include platinum in substitution. These two systems also appear to have been the most

commonly applied compositions used in the turbine industry. As a result, there are still substantial
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areas of investigation related to γ-γ ′ bond coats, as they seem to be a less commonly applied

material in the field. This by no means implies that research into MCrAlY or β -NiAl is out-dated,

as there are still many questions that remain unanswered.

2.2.1 Bond Coats – MCrAlY

The first use of commercial MCrAlY bond coats were formulations patented by Pratt & Whitney in

the 1960’s [5]. As previously noted, the first was an iron-based FeCrAlY, followed by a CoCrAlY

and finally a NiCoCrAlY [5]. These coatings were initially deposited using vacuum induction

or EB-PVD and were used primarily as airfoil coatings to reduce oxidation and hot-corrosion of

turbine components. Deposition eventually progressed to plasma spraying processes, HVOF and

more recently as combined electroplating – powder entrapment processes developed by Praxair

Surface technologies [5]. As the methods of deposition evolved, so did the use of the MCrAlY

coatings, eventually being used as abradable coatings and TBC bond coats [5].

The composition of these coatings, combined with their application as overlay coatings, pro-

vides increased flexibility when compared to diffusion coatings. As MCrAlY coatings have four or

more elements, the composition can be tailored to the anticipated application of the coated com-

ponent. One particular element of note is the addition of chromium, which, similarly to corrosion

resistant steels, provides corrosion and oxidation resistance. The presence of chromium means that

less aluminium is required to maintain a protective oxide as the chromium itself provides some

inherent protection.

These coatings generally consist of a binary microstructure including β -NiAl and γ-matrix.
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While the β -phase provides the Al reservoir required for aluminium oxide formation, the γ-matrix

provides enhanced ductility. As the coating oxidizes, it forms a protective layer of oxide, preferably

α-Al2O3, that is regularly replenished by the β -phase. Oxide protrusions called “pegs” typically

also form. The function of these pegs is disputed. Some argue that they are one of the phenom-

ena that provide an enhanced adhesion in MCrAlY coatings [11]. It has been observed that while

cracks may be in the vicinity of these pegs, it does not seem that the cracks can propagate from,

or are able to propagate through, these protrusions, thus enhancing adhesion [11]. However, others

argue that they encourage spallation since these pegs generate areas of higher stress, thus encour-

aging delamination [12]. Similar to the other bond coat families, MCrAlY bond coats have also

benefited from the addition of reactive elements. Yttrium (Y), hafnium (Hf) and zirconium (Zr) as

well as silicon (Si), rhenium (Re), tantalum (Ta) and platinum (Pt) have been observed to provide

some beneficial effects to these coatings, but their addition, like other elemental additions, must be

carefully controlled.

2.2.2 Bond Coats – γ-γ ′

The development of γ-γ ′ bond coats is a result of identifying Al depletion that occurs in β -

aluminide coatings. The γ-γ ′ phase structure is very similar to the structure present in the un-

derlying superalloy substrate, thus the coating undergoes less interdiffusion and displays better

mechanical properties than β -aluminides [8]. Haynes et al. published cyclical testing results for

these coatings, indicating a life of up to 1600 cycles at 1100◦C and 600 cycles at 1150◦C [24]. This

also indicates a strong dependence on exposure temperature. Unfortunately, since this approach is

more recent, the overall oxidation behaviour of these coatings over wide ranges of temperatures
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and conditions is uncertain.

The process to manufacture this class of bond coat starts with electroplating Pt, similar to β -

aluminides. Following electroplating, the specimens are then annealed to form the γ-γ ′ structure

through interdiffusion with the substrate. The reported advantages of this form of coating are

reduced coating thickness, reduced manufacturing costs, improved phase stability, reduced coating

rumpling and maintaining good oxidation resistance while reducing Al depletion [24]. The primary

concern with these coatings lies in their oxidation performance over longer time frames at high

temperature.

2.2.3 Bond Coats – β -NiAl

As previously noted, β -NiAl bond coats are part of a bond coat family known as diffusion aluminide

bond coats and typically range between 50 – 100 µm in thickness [5]. These coatings are often

produced using a pack cementation process, or more advanced processes, such as vapour phase

aluminising (VPA) or chemical vapour deposition (CVD), beginning with a Ni-based substrate.

VPA and CVD are used when internal features require coating. Since pack cementation deposition

is a ‘line of sight’ process, parts of a component that may be internal, or otherwise obscured, must

be coated using a vapour phase process. These diffusion aluminide coatings have shown to have

excellent protective properties during thermal cycling. An example of this behaviour can be seen

when analysing mass gained as a result of thermal cycling in Figure 2.1.
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a) b)

Figure 2.1: Bond coat oxidation as a result of thermal cycling up to 1100◦C for a) NiAl and NiPtAl bond coats and b)
NiPtAl and γ-γ ′ bond coats on various superalloy substrates [13].

This figure shows the various oxidation behaviours that can occur as a result of material com-

position. The compositions of the substrates noted in Figure 2.1a) and b) can be seen in the table

that follows.

Table 2.1: Trace element compositions for various superalloy substrates [13].

Alloy S Hf Zr Y
N5LS 1.4 679 100 3.6
N5HS 5 582 57 4.6
N5Y 3.7 427 55 106
R142 11 5180 66 N/A

(*ppma = parts per million, atomic)

These compositions obviously have varying effects on the oxidation characteristics of the bond

coats. For example, when simply comparing high sulphur and low sulphur substrates in Figure 2.1,

denoted by “HS” and “LS” respectively in Table 2.1, low sulphur samples generally have a more

consistent oxide growth that remains adhered throughout the thermal cycling. By contrast, the high

sulphur samples have unpredictable oxide growth and often show premature spallation compared
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to their low sulphur counterparts. Specifically, when comparing the mass change of the R142 alloy

to the N5LS alloy in Figure 2.1b), both coated with β -NiPtAl, it is evident that the substrate has

had some significant impact on scale growth and adhesion. Empirical results have shown that the

higher sulphur content could be the primary reason for this phenomenon, though to the author’s

knowledge, no conclusive analytical results have yet been reported. This shows how interdiffusion

between the bondcoat and substrate can affect the oxide growth. Since the behaviour of the oxide

layer can be a determining factor for the overall lifecycle of the coating system, it is critical to have

predictable and reliable oxide growth and adherence.

Another phenomenon can also be noted from Figure 2.1. The addition of platinum can also

have an effect on the oxidation of these bond coats. Therefore, it can be stated that these coatings

can be imparted with different properties as a result of reactive element additions, such as hafnium,

yttrium and sulphur, as well as platinum addition to the composition. In particular, one noted effect

is that platinum has been observed to enhance aluminium diffusion during diffusion aluminising

and improves the oxidation properties of the resulting coating [5]. However, the mechanisms that

determine these behaviours remain undefined.

2.2.4 Bond Coats – β -NiPtAl

The process of incorporating platinum in the coating comprises of grit blasting the substrate and

then electroplating with a layer (5 to 10 µm) of platinum. This can be achieved by either:

• First electroplating a thin layer of Pt on a Ni substrate, followed by a heat treatment. Then a

layer of Al is deposited and then heat-treated again to encourage diffusion.
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• First creating a layer of Al on a Ni substrate, then heat treating, followed by electroplating a

thin layer of Pt and then heat treating to encourage further diffusion; the opposite deposition

order as that identified in the first point.

Once the electroplating is complete, the diffusion aluminide process begins. This can result in

somewhat different morphologies, as seen in Figure 2.2, below.

The oxides which allow minimal diffusion grow slowly
and thus provide maximum protection to the underlying
alloy. The most commonly used TGOs for protection of
high-temperature commercial alloys are a-alumina
(Al2O3) and chromia (Cr2O3). These oxides have slow
growth rates and due to their higher thermodynamic sta-
bility, are easily formed on metallic alloys. Chromia has
higher growth rates than alumina, but has the disadvan-
tage of forming gaseous CrO3 at temperatures above
1000 !C. Presently, most advanced alloys and metallic
coating rely on forming alumina scale for high-temperature
protection. Also, a significant amount of chromium can be
added to the alloys and coatings for high-temperature
corrosion resistance.

Additions of large amounts of aluminum in structural
alloys (greater than about 6 wt.%) to form protective
alumina scale can adversely affect the mechanical prop-
erties. Furthermore, additions of refractory elements such
as tantalum, tungsten, and rhenium in advanced alloys
systems are made at the expense of chromium and alu-
minum. Diffusion aluminide and thermal spray overlay
coatings, on the other hand, can contain large amount of
aluminum, because they do not have to provide structural
strength to the engine components. Diffusion aluminide
coatings can contain up to 30 wt.% aluminum, and most
thermally sprayed MCrAlY coatings contain 10 to
12 wt.% aluminum.

3.1 Diffusion Aluminide

Diffusion aluminide coatings are based on the inter-
metallic compound b-NiAl. Pack cementation is a com-
monly used process, because it is relatively inexpensive
and capable of coating many small parts in one batch.

The parts are immersed in a powder mixture, contain-
ing alumina and aluminum particles, and ammonium
halide activator. Coating takes place at temperatures be-
tween 800 and 1000 !C. Aluminum halides react on the
surface of the part and deposit aluminum.

More advanced processes consist of ‘‘over the pack’’
vapor phase aluminizing (VPA) or chemical vapor depo-
sition (CVD). These processes can control the flow of the
aluminum halides to selected areas of the parts to be
coated, and are used especially when there is a need to
coat also the internals of components.

Depending on the activity of the aluminum and the
coating temperature, one can achieve two coating micro-
structures (Ref 20). The low activity—high-temperature
process (1050-1100 !C), forms NiAl by outward diffusion
of nickel.

In the high activity—low temperature process (700-
950 !C), Ni2Al3 and possibly b-NiAl forms by inward
diffusion of aluminum. Typically a diffusion heat treat-
ment is applied to form a fully homogeneous b-NiAl layer.

3.2 Platinum Aluminide

The addition of platinum to the diffusion aluminide
coating system is beneficial in two ways: First, the plati-
num enhances the diffusion of aluminum (Ref 21) into the
substrate alloy during the diffusion aluminizing process.

Second, it significantly improves the oxidation properties
of the aluminide coating (Ref 22). Typically 5 to 10 lm Pt
is deposited by electroplating, followed by a diffusion
aluminide process.

Platinum aluminide can also be made either with the
low activity—high-temperature process or by the high
activity—low-temperature diffusion process. Figures 8
and 9 show schematically the microstructures of these two
types of coatings. Since the part surface is grit blasted
prior to the application of the platinum, grit inclusions can
serve as markers to indicate the additive coating layer or
the original alloy surface. In the case of the low
activity—high-temperature process, the additive layer is
above the nickel diffusion zone, and in the case of high
activity—low-temperature process, the additive layer is
under the original surface marked by the grit inclusions.
The relative thickness of the nickel diffusion zone also
indicates the degree of outward diffusion of nickel. As the
coating grows inwardly in the high activity—low-temper-
ature process, it traps the carbides and other inclusions
near the original alloys surface, as shown in Fig. 9. These
inclusions can have a deleterious effect in that they can
lower the oxidation/corrosion resistance of the coating.

In either processes, platinum aluminide can be single
phase ((Ni, Pt)-Al) or double phase ((Ni, Pt)-Al +PtAl2).
The PtAl2 secondary phase is schematically shown in

Fig. 8 Microstructure schematic showing platinum aluminide
formed from a low activity—high-temperature process

Fig. 9 Microstructure schematic showing platinum aluminide
formed from a high activity—low-temperature process
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substrate alloy during the diffusion aluminizing process.

Second, it significantly improves the oxidation properties
of the aluminide coating (Ref 22). Typically 5 to 10 lm Pt
is deposited by electroplating, followed by a diffusion
aluminide process.

Platinum aluminide can also be made either with the
low activity—high-temperature process or by the high
activity—low-temperature diffusion process. Figures 8
and 9 show schematically the microstructures of these two
types of coatings. Since the part surface is grit blasted
prior to the application of the platinum, grit inclusions can
serve as markers to indicate the additive coating layer or
the original alloy surface. In the case of the low
activity—high-temperature process, the additive layer is
above the nickel diffusion zone, and in the case of high
activity—low-temperature process, the additive layer is
under the original surface marked by the grit inclusions.
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indicates the degree of outward diffusion of nickel. As the
coating grows inwardly in the high activity—low-temper-
ature process, it traps the carbides and other inclusions
near the original alloys surface, as shown in Fig. 9. These
inclusions can have a deleterious effect in that they can
lower the oxidation/corrosion resistance of the coating.

In either processes, platinum aluminide can be single
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Figure 2.2: Microstructure schematics showing outward and inward diffusion coatings, created from low activity and
high activity processes [5].

These two morphologies are dependent on the temperature at which the aluminising process

proceeds, as well as the Al concentration. It is important to note that in the inward diffusion pro-

cess, carbides and other inclusions can be trapped near the alloy’s surface. These inclusions often

result in reduced performance, as they will typically lower the corrosion and oxidation resistance

of the coating. Another deleterious effect can arise from the presence of a substantial PtAl2 phase.

Although this phase can provide an obvious platinum reservoir, an abundance of this compound can

also result in the embrittlement of the coating [5]. Therefore, since the platinum aluminide coating

will react readily with the substrate, the deposition of the NiPtAl bond coat must be tailored to

the specific superalloy composition being used. If the deposition isn’t adequately controlled, the
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process could give rise to a sizeable fraction of a PtAl2 phase, which may embrittle the interface,

as well as a secondary reaction zone, which would both impede the performance of the coating [5].

2.3 Oxidation Behaviour

Oxidation performance is a key characteristic in the overall behaviour of the thermal barrier coat-

ing. Coating spallation is often a result of the oxidation behaviour at the underlying TGO and

BC interface. TGO formation typically occurs at three stages. First, during initial fabrication, the

recently deposited Al coating is oxidized in a heat treatment chamber. The second stage of TGO

formation occurs when the YSZ TBC layer is deposited. Finally, as an engine is first cycled to ser-

vice temperature, the oxygen penetrates the YSZ top coat and begins to interact with the surface of

the metallic bond coat. This interaction begins the third oxidation process. As indicated previously,

the high concentration of aluminium in the BC provides a reservoir that, provided with adequate

temperature control, promotes the preferential formation of an α-Al2O3 oxide layer. There are

many factors involved in the growth of this oxide, though the mechanisms are not well understood.

Many studies [1, 2, 8, 10, 13, 17, 24] have been conducted into the behaviour of the TGO layer,

though specific and concise mechanisms to properly describe the overall behaviour are yet to be

developed [1,2,4,6,9,14,15]. Many of these experiments studied the effects of substrate and bond

coat compositions on TGO behaviour during cyclic and isothermal oxidation.

One difficulty that does exist in developing a complete theory for oxidation behaviour and

elemental addition effects is the fact that experimental studies have included a very wide range

of substrates, bond coats and processing methods. Each of these variables can lead to significant
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changes in experimental results. For instance, Haynes et al. [13] investigated the cyclic oxidation

behaviour of three different bond coatings applied to four separate substrates, each with various

elemental compositions. The testing was also composed of three separate temperature exposures

during hour long sample cycling. The results of these tests showed that the elemental composition

of the substrates and bond coats alone had tremendous impacts to the performance of the oxide/bond

coat interface, regardless of the exposure conditions. Further to the composition of the substrates,

the composition and development of the bond coat also has an effect on the resulting oxide layer.

Kim et al. [25] provide an interesting point of view related to the study of TBC systems, explor-

ing the variety of testing conditions. They aptly observe that many of the conclusions in this area of

materials research have been made on similar coatings, but under varying exposure conditions. The

study describes how vastly different results are gathered from exposing samples to different cycling

temperatures. In their study, they observed that a Pt-Aluminide coating failed after 1570 1100◦C

cycles when the “cool” phase of the cycle was held for one hour at 35◦C. Conversely, when the

same sample composition was exposed to a “cool” phase of one hour at 210◦C, the sample failed

after 2403 cycles, a 53% lifecycle increase. This indicates that differences in exposure conditions

during cycling can have a large impact on results. Therefore, this additional variable must be taken

into account when considering the studies undertaken by different investigators.

Additionally, Haynes [12] noted that the surface characteristics of the substrate influence the

oxide growth as well as void formation. It was indicated that roughened surfaces cause a stable

α-alumina scale to form more rapidly than smoother surfaces. Concordantly, this can cause differ-

ences in transformation rates for other alumina phases which can result in enhanced void formation
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on smooth surfaces related to the reduction in local stress and volume. Another suggestion was that

interfacial voids might form due to the influence of sulphur impurities at or near the surface of the

as-deposited bond coat that exceed a critical concentration.

As previously indicated, sulphur has been identified as an element of concern when dealing with

thermal barrier coating systems. Many investigators [12–14, 17, 26] have explored the influence of

sulphur, and industrial production has also focused on minimizing the sulphur content of substrate

materials. Many potential mechanisms by which sulphur may act have been presented, though

no conclusive interaction has been agreed upon. Gaudette et al. [26] found that a Ni-20at.%Cr

foil sandwiched between two sapphire plates and then heat treated showed failure at the interface

where sulphur had segregated. This implied that the trace elements of sulphur led to the local em-

brittlement, or loss of ductility, at the interface. A loss of ductility at the interface could also be

cause for a reduction in fracture toughness. From Molins et al. [14], it is identified that sulphur

can increase interfacial porosity at the TGO/alloy interface, weaken interfacial bonding or lower

the fracture toughness of the interface. They found that oxidizing a NiPtAl coating bonded to a Ni-

base superalloy substrate, that contained a γ-matrix with γ ′ precipitates, resulted in the detection

of sulphur along with chromium particles that had precipitated to the boundaries of the γ ′ platelets.

This demonstrates a co-segregation between chromium and sulphur. Zhao and Xiao [10] also iden-

tified a clear correlation between the presence of chromium and the presence of sulphur along the

TGO/BC interface. It should be noted that these findings are not in agreement with findings from

Haynes [18]. A co-segregation phenomenon between chromium and sulphur was not apparent from

glow discharge mass spectrometry (GDMS) from testing conducted in 2001. These disparate re-

sults may have been caused by reduced resolution in the case of GDMS since the shape of any

25



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

re-deposited material and the geometry of the sputter crater can influence the data collected using

this method. Since sulphur is known to segregate to surfaces and interfaces it is speculated [17]

that the reduced scale adherence is likely due to the increased formation of voids at the TGO/BC

interface or bond weakening at the interface. The negative influence of sulphur, Figure 2.3, can be

inferred for raw alloy samples that are not yet coated.
Influence of S, Pt, and Hf on the Oxidation Behavior of CVD NiAl Bond Coatings 519

Fig. 2. Plots of specific mass change vs. number of cycles demonstrating the
relative scale adherence to uncoated HS and LS Renné N5 substrates at 1100C.
The same batches of Y-free superalloy were used as substrates for the NiAl and
(Ni,Pt)Al coatings.

Cyclic Oxidation of NiAl Castings and Coatings

The specific mass changes measured during 1150°C cyclic-oxidation
testing of NiAl coatings (on the same superalloys as those in Fig. 2) and
three cast NiAl reference materials are shown in Fig. 3a. One cast material
was of a near-stoichiometric composition, Ni–50.1Al (at.%) with an S con-
tent of ∼3.0 ppmw (by GDMS). The second was a substoichiometric com-
position, Ni–40Al (at.%), with an Al concentration similar to that of the as-
deposited CVD NiAl (Table I) and S content of ∼6.0 ppmw (by GDMS).
The third reference material was Ni–48.3Al (at.%) with 0.05 at.% Hf (S was
not measured).

Both of the cast Hf-free NiAl reference materials exhibited relatively
poor scale adherence (Fig. 3a). The Ni–50.1Al specimen experienced a rapid
initial mass gain followed by a significant mass loss between 100 and 150
cycles. The alloy continued to spall heavily, with a total mass change of
−1.7 mg!cm2 after 500 cycles. There was even more mass loss initially from
Ni–40Al, due to the higher S content and possibly as a result of more rapid
void growth beneath the scales due to the lower Al content of the
substrate.29 Mass losses from Ni–40Al after 500 cycles were significantly

Figure 2.3: Plot indicating mass change as a function of 1-hour cycles for uncoated raw alloy samples [17].

This would tend to indicate that, while other elemental concentrations remain unchanged, sul-

phur concentration clearly has a substantial effect on the oxidation and subsequent spallation of the

sample, even without any effect attributed to the presence of a bond coat.

All these experimental findings would indicate that the elemental composition of these coat-

ing systems, especially when considering the bond coat material since it’s atoms readily diffuse,

play a substantial role in the oxidation performance of these coatings. Since failure is generally
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accepted to begin at the TGO/BC interface [10, 14, 26], it can then be concluded that the elemental

compositions play a key role in the lifetime of the coating.

2.4 BC / TGO Interface

Since the failure of TBC systems generally tends to begin at the interfacial zone of the bond coat

and thermally grown oxide, it is of value to consider this region with more depth. One must consider

the morphology of this interface, the presence of voids or other perturbations as well as material

handling and processing in order to accurately describe the physical characteristics of this zone.

2.4.1 Interfacial Morphology and the Interdiffusion Zone

The morphology of the interface between the bond coat and TGO layers is one major factor affect-

ing the adherence of TGO and, by extension, the entire TBC system. This morphology is heavily

dependent on sample preparations related to experimental investigations as well as commercial

manufacturing methods. An aspect related to the interfacial morphology is the development of

an interdiffusion zone that forms beneath the bond coat. This zone can play a serious role in the

performance of the TBC. As indicated by Taylor et al. [21], the composition of this zone can vary

depending on the substrate alloy and may be comprised of discrete particles with elements from the

superalloy. These elements can be expected to diffuse and act like reactive elements through the

lifecycle of the component, thus affecting the development of the TGO scale. Therefore, this layer

can have a marked effect on the growth and formation of the oxide layer and its morphology.
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2.4.2 Interfacial Void Formation

The formation of voids in the interfacial zone between the bond coat and the thermally grown oxide

is one of the most critical phenomena in TBC systems. It has also been observed that large internal

voids can also form within the Al2O3 scale [27]. The primary concern with interfacial voids is the

likely reduction in adhesion properties between the two layers. As interfacial voids grow larger,

they cause a reduction in the contact surface between the BC and TGO, which can often be the

cause of spallation during later cycles. Pint proposed a model [27] related to the formation of

internal and interfacial voids that takes the surface energies of the system into account. The preface

to developing the model was the fact that the interface between the metallic bond coat and the oxide

scale was often characterized by small perturbation voids. The voids, which are between 20 to 200

nm in diameter, are presented as being the root from which larger interfacial and internal voids

grow. Based on the presence of these small voids, it was proposed that adding reactive elements

may not necessarily inhibit the formation of interfacial voids, but may instead slow the formation

of perturbation voids. Pint’s model was presented as a two-dimensional simplification based on

liquid wetting as follows:

σ = γmcosφ + γoxcosφ − γint (2.1)

The stress required for void growth is σ while γm, γox, γint are the surface energies of the metal,

oxide and interface, respectively and:

φ = cos−1
(

γint

γm + γox

)
(2.2)

28



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

Based on this formulation, the presence of sulphur at the metal surface could cause a reduction

in the γm term thus making void growth more likely. Segregation of the sulphur ions to the interface

would also likely cause a reduction in γint , which would have a similar impact. Although this

model may also indicate that reactive element segregation to the metal/oxide interface would cause

a reduction in γint , this does not seem to be the case. This would indeed cause a reduction in void

growth, yet some observations have shown that RE additions do not improve performance beyond

what is observed for desulphurised samples. If RE additions did reduce γint , then they would also

be expected to have additional benefits, though this has not been observed.

Pint indicates [27] that reactive element additions may instead hamper the segregation of sul-

phur from the bulk material to the metal/oxide interface. The mechanisms by which the RE el-

ements provide this benefit are not understood, but it is argued that the mechanism is purely an

interface phenomenon and does not rely on any sulphur gettering in the bulk material. Further-

more, it is indicated that the presence of Y2O3 at the interface is at least as sufficient as alloying

with yttrium or desulphurisation in improving scale adherence performance. This would tend to

indicate that the presence of RE ions at the interface is enough to limit the segregation of sulphur,

thus inhibiting void growth. This argument implies that there is no sulphide forming activity driven

by the RE additions in the bulk material. Therefore the mechanism by which the RE doping pro-

vides a benefit to the system would seem to be interface-specific and may not depend on compound

forming characteristics.

Consequent to interfacial voids, it is possible that internal voids form in the oxide as a result of

oxide growth. As interfacial voids grow, it is possible that they become incorporated into the grow-
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ing oxide and become fully enveloped. Should the growing oxide undercut an interfacial void, it

can become an internal void, at which point it would have little impact on the scale adhesion prop-

erties at the metal-oxide interface. However, if internal voids were to coalesce, it can be concluded

that the large voids would ultimately cause a reduction in local internal integrity. Unfortunately,

the specific impact this may have on the interfacial characteristics of the system remains to be

investigated [22].

Based on Pint’s observations, it may be suggested that interfacial adherence relies on void

growth rather than nucleation. Since it would seem that perturbation voids are commonly present

regardless of RE-doping techniques or treatment processes, it would be reasonable to expect that

inhibiting the growth of these voids is of primary concern rather than attempting to inhibit their

nucleation. These observations also seem to indicate that RE-additions have little effect on the

presence of bulk S in the bond coat, but do clearly have an effect on the segregation of deleterious

elements and void growth at the interface of the oxide and bond coat layers.

2.4.3 Experimental Sample Preparation and Surface Treatment

When preparing samples for oxidation testing, many different configurations have been used. Cylin-

drical, plate, and disk shape specimens are often used in both isothermal and cyclical oxidation

testing processes. One interesting consideration to note is whether plate and disk samples undergo

appropriate envelopment of both Pt-electroplating, for Pt-added samples, and bond coat alumin-

ising. It has been noted in one case [22] that cylindrical samples have indeed been identified as

having been enveloped by all layers of the TBC system, but this same characteristic has not been
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explicitly defined in other specimen shapes. This note is simply based on the fact that if samples

that are not completely enveloped undergo oxidation testing, it is possible that the mass growth

associated with the formation of oxides does not necessarily correspond to the growth of oxides

at the bond coat/top coat interface. This could occur in specimens, particularly plates and disks,

where uncoated substrate surfaces oxidize concurrently with interfacial zones, thus leading to an

aberration in data related to mass gain resulting from cyclical or isothermal exposure.

2.4.4 Commercial Processing and Surface Contamination

Based upon previous observations indicating the effect atomic elements can have on the oxidation

of these coatings, it is clear that the properties of the BC/TGO interface can be affected by the pres-

ence of surface contaminants. One such contaminant is sulphur. As previously indicated, the pres-

ence of sulphur can have substantial detrimental effects on the performance of TBC systems. One

potential reason for this reduction in performance is the increase in void formation. Haynes [12]

indicated that surface concentrations of sulphur can exceed 20 ppmw (parts per million, weight),

which is more than 40 times the bulk material concentration. This surface contamination can be

caused by many factors in commercial processing including, but not limited to; specimen handling

and cleaning, processing equipment such as CVD or EB-PVD systems, Pt electroplating, or local

impurities. If local impurities are considered, surface treatment such as grit blasting can remove

excess sulphur. Grit blasting also causes the surface roughness to increase, which has previously

been indicated to affect α-alumina growth [18]. The combination of these two factors was shown

to decrease void formation.
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Another result of specimen preparation using grit-blasting is the evidence of reduced presence

of non-α-phase Al2O3 scales. Haynes et al. [18] proposed a ratio between θ−Al2O3 and α-Al2O3

oxide phase volumes, Figure 2.4c). These results indicated a large tendency towards having the

presence of greater than 90%, on average, of α-phase alumina for samples that were grit blasted.

This may indicate that grit blasting also has an effect on decreasing the nucleation of θ -phase alu-

mina, or promoting the α-phase. This same study also concluded that biaxial residual stresses had

been reduced after grit-blasting, as seen in Figure 2.4a). These results indicate that the compressive

stresses in grit-blasted samples were likely of a lower magnitude than surfaces that hadn’t been

grit-blasted due to surface perturbations causing higher out-of-plane tensile stresses.
143J.A. Haynes et al. / Surface and Coatings Technology 146 –147 (2001) 140–146

Fig. 3. PSLS measurements on as-deposited EB-PVD TBCs with varying substrate compositions and bond coat surface conditions. (a) Biaxial
stress in a-Al O ; (b) intensity of a-Al O signal; and (c) ratio of u-Al O to a-Al O intensity.2 3 2 3 2 3 2 3

Impurity (C and S) concentrations at the surface of
BHS1 (Fig. 2a,b) were much higher than those on
UHP1 (Fig. 2c,d), although the sub-surface region of
both coatings (Fig. 2a,b) was very pure (e.g. -0.5 ppm
S). The S concentration at the surface of BHS1 (;21
ppm) was approximately nine-fold that of UHP1 (;2.3
ppm), and the C concentration was 14-fold that of
UHP1. Both coatings exhibited large internal impurity
peaks (Fig. 2a,c) near the original superalloy surface
due to contamination during Pt plating w9x.
The C concentration in both coatings peaked at a

depth of ;10 mm below the coating–superalloy inter-
face. These C peaks also coincided with the peak
concentrations of Zr and Hf, likely due to the formation
of carbides in the interdiffusion zone. Other trace impu-
rities (N, S, P and Cl) mimicked S and segregated at
the surface and interface of both coatings, albeit at much
higher concentrations in BHS1 than in UHP1. The
amounts of O, Na, and Ca segregated at the surface

were also much higher for BHS1, but the concentrations
at the coating–substrate interface were similar for both
coatings.

3.3. Oxide residual stress

Results of the PSLS analyses of the alumina scales
beneath as-deposited TBCs are shown in Fig. 3a–c. Both
a- and u-alumina were detected beneath all TBCs. There
was a significant influence of grit-blasting on the relative
amounts of each phase and on a-Al O residual stress.2 3
Oxide scale biaxial stresses were higher on Type E
TBCs with smooth bond coat surfaces (Fig. 3a). The
mean compressive stress values were measurably lower
on Types C and D TBCs with grit-blasted bond coats
(Fig. 3a), as expected, due to out-of-plane tensile stress-
es introduced by surface perturbations.
Fig. 3b compares the intensity (in arbitrary units,

a.u.) of the a-Al O signals. Note that the a-Al O2 3 2 3

Figure 2.4: Photo-Stimulated Luminescence Spectroscopy (PSLS) measurements of various substrate compositions
and surface reparations coated with EB-PVD TBC systems. a) Residual stress measurements; b) α-Al2O3 signal

intensity; c) ratio of α to θ intensities with grit blast surface preparation [18].
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A drawback to this process is that it is also likely that roughening the surface may result in a

reduction in interfacial adherence. Thus, for commercial applications, reducing the concentrations

of surface contaminants through surface roughening may also ultimately cause a reduction in com-

ponent lifetime. Therefore, as stipulated by Haynes [12], treatments that remove impurities without

increasing surface roughness should be of higher priority.

The importance of having “clean” or contaminant-free interfaces is highlighted in discussions

presented by Evans et al. [28], where it is indicated that strong and stable interfaces are achieved

by:

• ensuring contaminants are excluded during the bonding process, and/or

• introducing alloying elements, such as Cr or Ti, to capture contaminants and segregants and

form precipitates

These points support the claims made previously and are demonstrated by Lipkin et al. [29] with

an example of a clean interface. As this interface is systematically infused with contaminants, it was

observed that weakening of the interface occurs more often than not. This is further exacerbated if

moisture is introduced, especially at free edges, as this moisture can lead to stress corrosion. The

idea that interfaces are inherently strong is further supported by findings that show that when an

interface is clean, the energy release rates that are achieved in the metal exceed the critical energy

release rate of the oxide [30].
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2.5 Mechanical Properties

The basis for the development of many of the testing methods used by contemporary investigators

is based on the field of fracture mechanics. As the principle conditions upon which these coatings

are evaluated mechanically tend to focus on the incidence of fracture, leading to eventual spallation,

this section focuses on these same considerations. These methods have been determined to be most

effective when implementing a modelling approach. Therefore, this section will provide salient

points on fracture and how it is modelled.

There now exist a variety of testing methods and specimens that can be used to provide reliable

measurements of interface toughness. These range from compound tensile tests to sandwich speci-

mens that are tested for delamination [31]. Each method provides results over various phase angles,

which are the orientations of the applied loads relative to the sample. Therefore it is important to

investigate multiple methods. This allows an investigator to achieve more complete results across

a range of mode mixities.

Another critical property that is considered when studying high temperature materials is creep.

Finite element analyses have now been conducted on TBC coatings that include creep and consider

time-dependent effects within the TBC for both MCrAlY and Pt-aluminide bond coats, though

MCrAlY-related results are more prevalent. Pan et al. [32] have succeeded in studying the stress

relaxation of the interdiffusion zone from chemically and mechanically extracted β -rich bond coats.

Their results indicate that this interdiffusion zone will creep readily at high temperatures.

The theoretical evaluation and prediction of the performance of thermal barrier coatings spans
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a variety of disciplines. Two of the more common methods include finite element modelling and

fracture mechanics. These methods attempt, with some significant success, to analyse and deter-

mine the mechanics of failure related primarily to the spallation of the oxide component of these

ceramic-metal coating systems.

2.5.1 Theoretical Evaluation – Finite Element Modelling

One method used to theoretically evaluate the performance of TBC systems is finite element (FE)

simulations. These simulations must be designed with exacting detail in order to properly charac-

terize coating systems. This includes many variables, most important of which are oxide growth

and surface morphology. Oxide growth is highly dependent on the composition of the bond coat,

while the surface morphology is dependent on the deposition method. Some FE models of note by

Busso et al. [23,33] have analysed PS and EB-PVD systems. These systems have incorporated the

growth characteristics of the oxide layer related to the cyclical and isothermal simulations as well

as the anticipated surface morphologies. It is also valuable to note that these simulations include

creep properties of the substrate and sintering of the YSZ top coat. These two phenomena lend a

great deal of influence to the overall performance of these systems. Creep can potentially lead to

stress relaxation, which may be amplified within specific regions of the bond coat/TGO interface.

Secondly, sintering of the YSZ will result in a top coat whose elastic modulus increases during

service, resulting in a higher elastic stiffness [33].

The incorporation of an oxide growth simulation is of particular interest, as it seems to be a

novel application in existing FE models. Including this behaviour is notable due to the increase in
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internal stress that this growth causes. The growth model presented by Busso et al. [33], presented

schematically in Figure 2.5, relies on the understanding that the oxide layer’s rate of growth is

determined by two mechanisms:

• the inward diffusion of oxygen, primarily along grain boundaries at the TGO/BC interface

• the outward diffusion of Al cations along the boundaries of existing alumina particles reacting

with oxygen anions at the TGO/ceramic interface
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the formation of delamination-type cracks within the
TBC in the above temperature range. Typical mesoc-
racks observed in a combustor liner’s PS-TBC after
18,000 h service can be seen in the SEM micrograph
shown in Fig. 2. Such cracks are understood to be
caused by the coalescence of brittle mesoscale cracks
which form as the result of the high thermal and
residual tensile stresses induced in the ceramic
material and TGO at the top of the wavy interface
upon cooling (e.g., [7, 13, 15]). Due to the oxidation-
induced phase transformation, the metal develops a
state of inhomogeneous stress which changes the nat-
ure of the residual stresses upon cooling. The magni-
tude of the tensile out-of-plane residual stress compo-
nent, which constitutes the main driving force for
mesocrack nucleation, will depend on the volumetric
strain which accompanies the formation of the oxide,
on the interface morphology, and the mismatch in
properties between the ceramic, TGO and metal, as
will be discussed later in the text. The formation of
mesocracks at or near the TGO/ceramic interface by
a brittle or cleavage process is then followed by a
propagation and coalescence stage leading to the
eventual spalling of the ceramic coating, particularly
during cooling where high residual stresses parallel
to the coating surface develop. In this work, the nat-
ure and magnitude of these stresses will be determ-
ined.

3. OXIDATION MODEL

3.1. Oxidation mechanisms

It is well known the most noble elements, such as
Ni, Fe, Al, have a propensity for oxide formation. The
high oxidation resistance which Al-containing alloys
and intermetallics, in particular, can exhibit derives
mainly from the formation of protective Al2O3 scales.
As Al2O3 is relatively impermeable to oxygen, further
oxidation of the metallic coating is retarded once the
oxide scale is formed. As a result, the overall per-
formance of a TBC depends both on the ceramic
material itself and the nature of the oxide–metal inter-

Fig. 2. Typical mesocracks observed in the YSZ-thermally
grown oxide (TGO) interface region of a PS-TBC from a com-

bustor liner after 18,000 h service.

face that develops during oxidation. The ability of the
Al2O3-based TGO scale to grow depends on the total
amount of Al available both within the metallic coat-
ing and in the underlying substrate.

Oxidation studies of nickel aluminides (β-NiAl and
γ!-Ni3Al) (e.g., [16–18]) have shown that transitional
Al2O3 phases such as γ-Al2O3, δ-Al2O3 and θ-Al2O3

usually form first, despite the greater thermodynamic
stability of α-Al2O3. NiO can also form during the
earliest stages of oxidation depending on the oxygen
partial pressure and temperature. At the temperature
of interest for TBCs, the formation of the transient
oxide products has been found to be followed by that
of stable α-Al2O3 [12], which constitutes the primary
and most stable oxide product.

The rate of growth of the oxide layer is understood
to be controlled by both the inward diffusion of oxy-
gen, mostly along grain boundaries, towards the
TGO–metal interface (i.e., internal oxidation) [19],
and by the outward diffusion of Al cations along the
boundaries of the alumina particles which make up
the existing oxide layer to react with oxygen anions
at the TGO–ceramic interface, i.e., external oxidation
(e.g., see [20, 21]). Note that the Al cations could
also react with oxygen at the internal TGO interface.
In such cases, lateral oxide growth could occur under
a low local defect density (e.g., vacancies,
dislocations). However, for simplicity, such scenario
will not be considered here. A schematic represen-
tation of the different diffusing elements associated
with the internal and external oxidation mechanisms
is given in Fig. 3. As shown in Fig. 3, the internal
oxide growth also depends on the interdiffusion of Al
and Ni within the metal [22]. The internal oxidation
zone will extend into the metallic coating until the

Fig. 3. Schematic representation of the internal and external
oxidation processes in the ceramic–metal system: (a) unoxi-

dised and (b) oxidised interface.
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a) b)

Figure 2.5: Schematic depicting the inward and outward growth of oxide during the oxidation process where a) is
unoxidized and b) is the oxidized result [33].

This leads to the growth of oxide on two fronts. It is also possible for Al cations to react with

oxygen anions at internal TGO interfaces, causing lateral oxide growth, but in the present model

this is ignored for simplicity. Knowing this, the model was then developed based on the chemical

reactions present at the interface. These reactions, from Busso et al. [23, 33], are:

• 2
3NiAl+ 1

2O2 −→ 1
3Al2O3 +

2
3Ni , for Plasma-Spray on NiCoCrAlY

• NiAl+ 1
2O2 −→ 1

3Al2O3 +
1
3Ni3Al , for EB-PVD on CVD Ni(Pt)Al
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Incorporating effects of creep, sintering and oxide growth provides for a FE model that en-

compasses a wide array of the phenomena experienced by a TBC. This allows researchers to more

accurately predict the behaviour of these coating systems.

2.5.2 Theoretical Evaluation – Analytical Approach

Analytical models have also been proposed regarding the failure of TBC systems. These models

often focus on the local properties of the systems with relation to their failure characteristics. Con-

sideration for stress states, geometry and the energy state of the material at local crack sites are

taken into account to analyse the failure and delamination of samples.

Two different failure morphologies are often presented to explain delamination in these layered

materials: edge delamination and buckle delamination, as seen in Figure 2.6.
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Figure 2.6: The two most common forms of delamination are represented schematically by this edge and buckle-type
delamination [34].

Hutchinson et al. [34] present a model for buckle driven delamination. During cyclical loading,

the layer of thermally grown Al2O3 will undergo various stress states, though most often it will be

in compression once the system cools. In this state, the most commonly observed failure results

from buckling delamination and spalling that arises from cracking at the BC/TGO interface. When
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a thermal expansion misfit exists between the substrate and the film, it is presented that the equi-

biaxial compressive stress state, σo, is:

σo =
E∆α∆T
(1−ν)

(2.3)

where E is the Young’s Modulus, ∆α is the coefficient of thermal expansion misfit, ∆T is the

drop in temperature from stress-free state and ν is Poisson’s Ratio. From this, the energy per unit

area that is available in the film once it is released but still constrained to in-plane plane strain, Go,

is:

Go =
(1−ν2)hσ2

o )

2E
(2.4)

where h is the film thickness.

Hutchinson et al. [34] also provide a buckling index:

Π = (1−ν
2)(σo/E)(L/h)2 (2.5)

where L is the width of separation for plane strain or the diameter of separation for axisymmetric

applications.

This index provides the condition from which buckling can be determined. In order for buckling

to occur, Π must exceed the critical index value, Πc. This value stands as follows, from the same
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publication [34]:

Πc = 3.29 (plane strain buckle)

Πc = 4.89 (circular buckle, ie: axisymmetric)

Substituting these values into Equation 2.5 above for the buckling index yields results for the

buckling condition expressed as the ratio of the width/diameter of the distortion at the site of initi-

ation to the thickness of the film, as follows:

Lb/h = 1.81
√

(Ē/σo) (plane strain) (2.6)

Lb/h = 2.21
√

(Ē/σo) (circular buckle) (2.7)

where:

Ē = E/(1−ν
2) : plane strain modulus (2.8)

These ratios indicate the critical size (“smallest”) of interface separations where buckling will

cause delamination in the absence of imperfections. Based on work from Hutchinson et al. [35],

this ratio will typically be∼ 20, where the width/diameter of the buckling is roughly 20 times larger

than the film thickness for typical levels of compression and moduli.

It is stipulated [35] that a thin elastic film that is under compression and bonded to a substrate

will undergo buckling-driven delamination at the interface in the event that there is an initially
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debonded region within the interface when under sufficient compressive stress. This buckling-

driven delamination can manifest in a number of morphologies. These morphologies depend on

the activity of the crack growth front. Initially a crack may manifest as a circular blister, but this

same crack may then evolve into a “worm” or “telephone cord” type blister, as seen in Figure

2.7. Though they may visually appear different, these morphologies still manifest based on the

activity of buckling-driven delamination. The images in Figure 2.7 demonstrate how the change

in morphology progressed as a result of generating an equi-biaxial compressive stress state by

lowering the temperature of the sample [35]. This change in morphology can be accounted for by

considering the relative proportions of mode I (tensile) and mode II (in-plane shear) failure modes.

This requires an examination of the mixed-mode toughness of the interface.
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Fig. 1. Sequence of photographs showing growth of an initially circular debonded region under 
increasing tr. 

cause the interface crack to advance if the interface 
toughness is sufficiently low. Various shapes of 
buckling-driven delaminations evolve, including long 
straight-sided blisters, circular blisters with and with- 
out wavy edges, and the "worm" or "telephone cord" 
blisters. 

Figure 1 is a sequence of  photographs of a delam- 
inated region spreading from an initially circular 
debonded patch. The system, which will be described 
fully in Section 4, is a mica film on an aluminum 
substrate. An equi-biaxial compressive stress state 
a is produced in the unbuckled film by lowering the 
temperature of the system, which has a large thermal 

expansion mismatch. The sequence in Fig. 1 shows 
the spread of the initially circular debond patch under 
increasing a. The blister spreads remaining more-or- 
less circular until a point is reached where it clearly 
loses its circular symmetry. With further increase in 
~r the blister turns into a "worm" or "telephone cord" 
blister. 

In the next section, conditions for the axisymmetric 
spreading of a circular blister are derived. These 
are followed in the subsequent section by an analysis 
of  the loss of stability of the circular shape to 
nonaxisymmetric perturbations. The axisymmetric 
analysis provides a simple criterion for ensuring that 

Figure 2.7: Evolution of a buckle-driven delamination circular blister to a ”worm” blister [35].

Based on work from Hutchinson and Suo [36], conditions related to the energy release rate, G,

and failure mode mixities, ψ , can be considered based on their determinations for plane strain and

circular (blister) buckle delaminations. At this point, it would be valuable to consider the Dundurs

parameters, α and β , which govern the crack fields at the plane strain interface:
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α =
µ1(1−ν2)−µ2(1−ν1)

µ1(1−ν2)+µ2(1−ν1)
(2.9)

β =
µ1(1−2ν2)−µ2(1−2ν1)

2{(1−ν2)+µ2(1−ν1)}
(2.10)

Also, from the relation indicated above for the plane strain modulus, Ē, the following expression

for α can be developed:

α =
(Ē1− Ē2)

(Ē1 + Ē2)
(2.11)

This expression indicates that this parameter measures the plane tensile modulus mismatch

across the interface. For example, if the top layer is stiffer than the substrate, α approaches +1,

while if the opposite is true where the top layer is more compliant, α approaches -1. The second

Dundurs parameter, β , in the form above indicates a measure the in-plane bulk modulus mismatch

for plane strain conditions. From Evans et al. [31], when β is a non-zero value, the crack tip stress

and displacement fields oscillate, which causes the crack to interpenetrate. This would obviously

cause some difficulty in characterizing fracture at the interface. The envelope within which these

two parameters must lie can be seen in Figure 2.8.
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Figure 2.8: Envelope of Dundurs parameters for plane strain for a selection of materials [36].

Experimental results from Suo and Hutchinson [37] and Suga et al. [38] have demonstrated,

however, that β is small for many bimaterial systems. Therefore, in order to suitably characterize

interface fracture, it has been proposed that β equals zero.

The mode mixities, or the relative amount of mode I to mode II behaviour at the track tip can

then be approached whilst β = 0, along with the stress field tractions at the tip.
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(σ2,2,σ1,2) = (KI ,KII)(2πr)(−1/2) (2.12)

ψ = tan−1(KI/KII) (2.13)

Where KI and KII are the mode I and II stress intensity factors, respectively. Hutchinson and

Suo [36] indicate that the interface toughness, Γ, of a given material is not a unique value, instead

it is a function of the mode mixities, based on work by Hutchinson et al. [35].

2.6 Atomistic Modelling and Simulation

One factor affecting understanding of the behaviour of TBC systems is the effects of atomic phe-

nomena that lead to microscopic and macroscopic observations. Given the increasing performance

of computers, more compelling results can be achieved using atomistic modelling. Using modern

computational methods, it is possible to model larger atomic clusters with more complex interac-

tions that more closely reproduce observed and anticipated results. Many considerations must be

made in order to develop an effective model. Taking these considerations into account and provid-

ing appropriate parametric data can allow researchers to develop atomistic models of TBC systems.

Specifically, models of the metal/oxide interface can be effectively simulated.

The approach to developing an atomistic model must first begin with the selection of an appro-

priate structural model to represent the real system [9]. There exist two primary platform classes:
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cluster and slab representations. A schematic example of these can be seen in Figure 2.9.

Figure 2.9: Schematic of metal/ceramic interface structural models. a) Cluster model surrounded by vacuum, b)
Dense unit cell corresponding to a sandwich or superlattice structure and c) Slab model with vacuum between

periodically replicated images [9].

Cluster models consist of focusing on a small representative region of a real metal/ceramic

interface. This region often comprises 5-30 atoms and typically considers only local physics and

ignores long-range effects that may occur. Another potential issue arising from the use of these

small regional representations is the mismatch of interfacial geometry. Due to lattice mismatch of

the metal and ceramic, it is unlikely that one metal atom will be able to occupy a site immediately

neighbouring another metal atom. If the cluster is not large enough, this mismatch will occur,

effectively impeding the model [9].

Slab models consist of a unit cell representing a metal/ceramic interface with periodic boundary

conditions, seen in Figure 2.9b) and c). These representations are restricted to coherent interfaces,

thus periodicity parallel to the interface exists. There are two general types of slab models; one

where there is a vacuum around the unit cell and one where vacuum is excluded. When the vacuum

is excluded, “dense” unit cells are representative of superlattice or sandwich structures. This style
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requires substantial symmetry leading to identical interfaces, which locks the interface, effectively

restricting transverse relaxation. Dense slab models also require the metal and ceramic layers

to be sufficiently thick in order to avoid interaction between interfaces. The more general form

of slab representations includes a vacuum and physically corresponds to an infinite array of thin

metal/ceramic films separated by a vacuum layer. Similar to the dense form, the vacuum layer in

this instance must be sufficiently thick to ensure adjacent film representations do not interact. One

shortfall of the vacuum slab model approach is the potential to have a geometry that does not extend

far enough parallel to the interface. This leads to the introduction of artificial strains as the interface

is forced to be coherent. To correct this shortfall, it is possible to increase the size of the unit cell,

but this will invariably increase the computational demand of the simulation.

Another consideration for atomistic modelling is the orientation of the two species’ crystals

at the interface. In this case, symmetry and free energy considerations are both useful. From

free energy, weakly interacting interfacial pairs will bond on low-energy surfaces while strongly

interacting pairs will likely bond on high-energy surfaces. This is a result of high-energy surfaces

having more atoms available for bonding. From Christensen et al. [9], the most stable interfaces

that will form between a metal and ceramic atom pair is the configuration with the smallest interface

tension, γMC (free energy), which is from the Dupré relation:

γ
MC = γ

M + γ
C−W −Σiµi∆Ni (2.14)

where γMC,γC are the surface tensions of the metal and ceramic, respectively, while W is the

work of separation, µi is the chemical potential and ∆Ni is the change of abundance of species ‘i’
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at the interface region upon forming the interface.

The next consideration for how the interfaces will align requires a determination of the orien-

tation and translation of the interfacial surfaces. Based on the lattice of each species, there will

likely be many potential orientations, though certain directions are more likely to align to form a

stable interface. Therefore, an appropriate size and shape of the unit cell must be determined that

minimizes strain for both species. The most basic method of determining the match between the

unit cells is to assign a mismatch factor, and choosing the configuration that minimizes mismatch

using Equation 2.15 where A and B are the area of the unit cells while Ω is the overlap area, A+B.

µ = 1− 2 |Ω|
|A|+ |B|

(2.15)

The finesse of atomistic modelling appears once these considerations have been made. Due to

the complexity of the systems and the phenomena that may occur at the interface, most simulations

require some amount of ab initio development. These will often include quantum mechanical

and quantum chemical effects, some of which include full wave function methods. The inclusion

of these effects obviously demands notable computational resources, typically requiring parallel

processing units.

Due to the increasing requirement for processing capabilities for ab initio techniques, a method

known as density functional theory (DFT) has been developed. This method optimizes the com-

promise between the accuracy and efficiency of required calculations. The main tenet of DFT is to

show that the total quantum mechanical energy present in the system is only a function of total elec-
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tron density. This function is three-dimensional and takes into account the electronic waveform,

which itself is a 3N-dimensional function of the total number of electrons (N). This is expressed in

relation to the total energy:

E[Ψ] =< Ψ

∣∣∣T̂ elec +Û
∣∣∣Ψ >+T ion

= T elec
s [ρ]+Uclassical[ρ]+Uxc[ρ]+T ion

= E[ρ] (2.16)

where ρ is the electron density, Ψ is the electronic wavefunction, T ion is the ionic kinetic energy,

Uclassical is classical mean field Coulomb energy for ionic cores and charge distribution while T elec
s

is the kinetic energy of the noninteracting electrons.

In the previous equation, only Uxc has a functional form that is not explicitly known. This

term serves to describe the lowering of electron-electron repulsion by correlated electronic motion,

electronic change and kinetic energy due to electron-electron interactions. In order to use this for-

mulation, an approximation must be made. Many approximations exist, though the local density

approximation (LDA) and the generalized gradient approximation (GGA) are the two most com-

monly used approximations to date. The choice of which approximation to use depends wholly on

the investigator developing the model, though potential shortcomings, such as failure to describe

strongly correlated oxides [9], must be taken into account prior to implementation.

Another aspect of slab atomistic modelling consists of examining the potential correlation be-

tween the electronic structures and the interfacial adhesion. This is accomplished by calculating
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the electronic density of states (DOS) and the electron localization function (ELF). The ELF is

calculated, as shown below, and can be used to visualize calculated results, seen in Figure 2.10

and Figure 2.11, from Ozfidan et al. [39]. ELF values approach zero (0) when electrons are highly

delocalized, one (1) when they are highly localized and 0.5 for a region with a valence charge

distribution similar to a homogenous electron gas.

ELF =
1

1+
(

D(~r)
Dh(~r)

)2 (2.17)

where:

D(~r) =
1
2

∇~r∇~r
′
ρ(~r,~r′)|~r=~r′−

1
8
|∇n(~r)|

n(~r)
(2.18)

Dh(~r) =
3
10

(3π
2)

2
3 n(~r)

5
2 (2.19)

In these equations ρ is the first order reduced density matrix, D(~r) is the von Weizsäcker kinetic

energy functional of a ground state kinetic energy density for a non-interacting system at density

n(~r) and Dh(~r) is the kinetic energy density of a uniform electron gas with a spin density equal to

the local value of n(~r).
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adhesion and the lifetime of TBC, while codoping with
(Hf, Zr) and (Hf, Y) was found to be more efficient
in enhancing the interface adhesion compared to dop-
ing with a single Hf, Zr, or Y.[25,36] Although the
mechanisms on how RE increases the interfacial adhe-
sion are not well understood, they are known to diffuse
into the metal-oxide interface and the TGO grain
boundaries.[27,33,37]

Coupling atomic-scale calculations with the semiem-
pirical formula was shown to provide essential guidance
in the development of next generation TBC. Recently, the
effects of S, Pt, and Hf on the b-NiAl(110)/Al2O3(0001)
interface,[38] and S, Pt, Hf, and Hf+S codoping on the
c-Ni(111)/Al2O3(0001) interface,[39] were studied using
density functional theory (DFT) calculations. To our
knowledge, however, there are no systematic research and
data available on the effects of codoping with twoREs, Pt
with RE, Pt with Cr, and Pt with S, on the b-NiAl(110)/
Al2O3(0001) interface. In this work, we initially studied
the effects of individual S, Pt, Hf, Zr, Cr, and Y on the
interfacial adhesion, and then investigated possible syn-
ergistic effects of codopingwith these elements usingDFT
calculations. This will enable us to reveal how and why
certain elements are capable of accelerating the interface
failure, while others improve the interface adhesion.

This article is organized as follows. In Section II, the
theoretical methods and simulation approach are briefly
introduced on the DFT, software package, and elec-
tronic localized function. The coherent slab supercell
model of the NiAl(110)/Al2O3 (0001) interface is estab-
lished for various doping schemes. In Section III, the
calculated results are presented with detailed analysis
and discussion. In Section IV, the main conclusions of
the work are given.

II. THEORETICAL METHODS

Spin-polarized DFT total energy calculations are
carried out using the Vienna ab initio simulation
package within a plane-wave basis set.[40] The projector
augmented wave potentials are used to describe the
interactions of valence electrons with the ion and core
electrons for all elements,[41] where Ni 4s23d8, Al 3s23p1,
Pt 6s15d9, Hf 6s25d2, S 3s23p4, Zr 5s24d2, Cr 4s13d5,
O 2s22p4, and Y 5s24d1 electrons are treated as valence.
The Perdew–Wang generalized gradient approximation
is used to calculate the electron exchange and correla-
tion energy.[42] The Brillouin zone integration is per-
formed using a gamma point centered 3 9 7 9 1
Monkhorst–Pack grid that yields 11 irreducible k
points.[43] The occupation of electronic states is deter-
mined according to the first-order Methfessel–Paxton
scheme with a smearing width of 0.2 eV.

In principle, there are different types of interfaces with
various terminations for the NiAl/Al2O3 interface. The
recent ab initio DFT calculations,[44,45] however, dem-
onstrated that the Al-terminated Al2O3 (0001) surface is
more stable than that with O as a termination layer.
Therefore, it is essential to investigate the NiAl/Al2O3

interface with Al-terminated layer, at which the highest
work of separation can be achieved through examining

various translations of NiAl (110) relative to the Al2O3.
It was shown by ab initio DFT calculations[38] that when
most of the Al-terminated atoms from the oxide are
placed on top of a Ni-Ni bridge on the topmost layer of
the NiAl slab, the model interface results in the greatest
adherence, and this result was confirmed by the current
testing calculations. Therefore, the NiAl/Al2O3 interface
with most of the Al-terminated atoms on the Ni-Ni
bridge was referred to as the interface model and is used
to evaluate the effects of additives on the interface
throughout the article.
The periodic supercell model of the coherent NiAl/

Al2O3 interface is constructed from three Al-O3-Al layers
laid on top of five Ni-Al layers. Each Ni-Al layer is made
upof five adjacentNiAl(110) unit cells, and eachAl-O3-Al
layer is made up of three adjacent Al2O3(0001) unit cells
along the ½1!210" direction, as given in Figure 1. The
NiAl(110) slab contains a total of 25 Al and 25 Ni atoms,
while the Al203(0001) slab has 27 O and 18 Al atoms. The
two bottom layers of the NiAl model are fixed without
relaxation throughout the calculations. The periodic
repetitions of the supercell geometry along the z-axis are
separated by ~12 Å of vacuum to eliminate interactions
between periodic cells, and theAl2O3 slab is cut to have an
Al truncated surface since it was shown to be the most
stable surface termination.[38,44,45] The calculated bulk
NiAl lattice constant of 2.891 Å, which is in good
agreement with the experimental value of 2.887 Å, yields
a lattice misfit of 0.5 pct between NiAl and Al2O3

surfaces, demonstrating a reasonable coherent interface
model.
In order to find the equilibrium interface separation

of NiAl (110)/Al2O3 (0001) slabs, the total energy
calculations of the supercell model were performed with
a full relaxation scheme of atomic positions as a
function of interface separation d, in which the fixed d
is defined as the distance between Al atoms located at
the top layer of NiAl and the bottom layer of Al2O3. At
d = 1.67 Å, a maximum work of separation Wsep of
0.786 J/m2 is obtained. This interface is defined as the
clean interface; it provides a baseline for a comparison
to identify the effect of alloying additives or impurity on

Fig. 1—Atomic geometry of the clean interface. The red, blue, and
black atoms represent Ni, O, and Al, respectively. Yellow and green
atoms show the preferred locations of REs and sulfur distributed at
the interface.
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Figure 2.10: Atomistic model of a bond coat/TGO interface with sulphur and reactive element dopants included in
bond coat [39].

feature around O and S with more negative charge
characteristics demonstrates a repel interaction between
S and its nearest neighbor O atoms, and is responsible
for weakening the interface adhesion. This repel inter-
action is also noticed from the flattened shape of the

ELF between S and O, which governs the interfacial
adhesion.
In the case of the Pt-doped interface, the interfacial

separation Wsep is slightly enhanced by ~1.5 pct of the
clean interface, which suggests that Pt behaves in a
similar way as its substituted Ni at the NiAl/Al2O3

interface. By a comparison of ELF illustrated for both
the clean and Pt-doped interfaces in Figures 3(a) and
(b), similar bonding characteristics are observed around
Pt and Ni, but with slightly higher electron localization
between Pt and its surrounding Al atoms, which is in
turn responsible for this modest increase in the work of
separation. To evaluate the effect of RE addition on the
Wsep of the NiAl/Al2O3 interface, two doping sites are
considered such as the interface interstitial and the
lattice substitution. For instance, Hf is initially placed at
the interface interstitial site between the NiAl and Al2O3

slabs. It was reported that Hf prefers to substitute for Al
in the bulk NiAl; therefore, Hf is placed to substitute for
one Al atom adjacent to the interface as the second
doping site. A larger Wsep value was obtained when Hf
was distributed at the interfacial interstitial between the
two slabs. This doping strategy was also employed in
Reference 38. Therefore, only the interface interstitial
model was considered for REs and Cr distribution at the
interface in the current research.
Doping Hf to the clean interface results in a signif-

icant enhancement of Wsep. It is found from the

Fig. 3—ELF of single-element-doped interfaces comparison with the clean interface: (a) clean interface, (b) Pt doped, (c) S segregated, (d) Hf
doped, (e) Zr doped, (f) Cr doped, and (g) Y doped.

Fig. 4—DOS on Ni at the NiAl for both clean and S-containing
interfaces.

4130—VOLUME 42A, DECEMBER 2011 METALLURGICAL AND MATERIALS TRANSACTIONS A

Figure 2.11: ELF of single element doped interfaces compared to a clean bond coat/TGO interface. Doping elements
are as follows: a) clean interface, b) platinum, c) sulphur segregated, d) hafnium, e) zirconium , f) chromium, g)

yttrium [39].
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Chapter 3

Model Development

It is evident that TBC systems have numerous variables that affect their behaviour. In order to build

a simulation that adequately describes the interfacial fracture toughness of the BC/TGO, it is critical

to identify specific parameters. Firstly, since the focus is to design a model for cyclical turbine

operations, it is obvious that the model must incorporate representative thermal characteristics.

This includes the consideration for material properties that change as a function of temperature.

Then, the stress states of the coating must be ascertained. This must include the residual stress

incurred through thermal cycling, the strength of the bond between the BC and TGO layers, as well

as the critical stress of the system. Lastly, these variables must be combined in order to simulate the

coating to determine the fracture toughness of the interface. The determination of these variables

will be explained in greater details in the sections that follow. Furthermore, it is important to note

that in order to explore only the contributions of the bond coat and the thermally grown oxide to

the relationship, the ceramic top coat was not included in the model that was developed for this
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investigation since it would have seemingly little direct impact on the fracture behaviour of the

BC/TGO interface.

In order to develop a model, the components of the coating to be investigated were first decided

upon. β -NiAl was chosen as the bond coat material based on its prevalence as one of the most

commonly applied types of bond coat. Similarly, due to its desirability, α−Al2O3 was selected as

the thermally grown oxide. Since the investigation was focused on the behaviour of the interface

between the BC and the TGO, the top coat material and substrate material is not specified. There-

fore, it should be noted that effects such as oxygen diffusion from the top coat as well as aluminium

diffusion related to the substrate are not modelled in this study. It should also be noted that, in this

study, the subscript ‘s’ refers to the bond coat, which in this case is in fact the substrate, while the

subscript ‘c’ refers to the TGO layer, the coating.

3.1 Thermo-Elastic Properties

Since these coatings undergo cyclical thermal loading, it is evident that the material properties of

the system constituents will vary as the temperature increases. The properties that are of value

in this model are the yield strength of the bond coat, the elastic modulus of the bond coat and the

elastic modulus of the thermally grown oxide. As previously discussed, considerations for creep can

become important at higher temperatures. However, since this model focuses on determining the

fracture toughness of the interface, it was decided that creep would be excluded from the simulation

since it would serve to relax stresses at the interface, thus reducing likelihood of failure through

spallation. Instead, a model that excludes creep would provide values that are representative of a
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worst-case scenario for the coating system, provided that external loads are ignored and only bond

strength and residual stress are considered.

In order to determine the aforementioned thermo-elastic properties incurred during the cycle

temperature, data from previous investigations were analysed to build representative relationships.

3.2 Bond Coat Yield Strength

It was decided that the bond coat would be modelled as a β -NiAl since it is a commonly applied

commercial bond coat. It was also modelled without any platinum addition, in order to serve as

a baseline material. Without any elemental additions, the contribution of specific doping elements

later would provide clearer evidence of any effect these additional inclusions might provide. The

composition range of β -NiAl can be seen in the phase diagram presented below in Figure 3.1.
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AlAl NiNi

1Copyright (C) 1996 ASM International

Figure 3.1: NiAl phase diagram. The β -NiAl phase lies between 43 at.% Ni and 69 at.% Ni.

The bond coat properties were determined from experimental results published by Noebe et

al. [40], seen in Figure 3.2. This investigation focused on fully describing NiAl’s physical and

mechanical properties. This included a noted focus on the yield and flow characteristics of the

alloy, as these two are particularly sensitive to factors such as temperature, composition and strain

rate. The results published in this investigation were the basis for the properties imparted into the

model for yield strength.
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up to '" 1000 K.198,203,205,207Unfortunately, the term
'strength' in these references198,203,205,207 is used to
describe fracture strength or ultimate tensile strength.
As a .result, reports of increased tensile strength as a
functIon of temperature have on occasion been incor-
rectly cited as demonstrating an increase in yield
stress with temperature.
In Fig. 9 the results of Pascoe and Newey202 are

r~produced and serve as an example of typical NiAI
.YIeld. stress behaviour as a function of temperature.
In thIS figure the compressive yield stress for numer-
ous extruded NiAI compositions and two strain rates
is presented. Although the values of the yield stress
(Jy and the shape of the (Jy v. temperature T, curves
depend on composition and strain rate in all cases
the yield stress basically decreases with increasing
temperature.
Many studies have been conducted since the work

of Pascoe and Newey,202 but because of differences
in other metallurgical variables, the values of (J can
be either higher or lower than those reported in Fig. 9.
However, it has been consistently shown that (J is
strongly dependent on temperature below room t:m-
perature, and approaches an athermal regime at or
slightly above room temperature .. These athermal
plateaus can span from a few degrees to over 300 K
and generally occur between room temperature and
800.K. At temperatures above this plateau (Jy once
agaIn decreases but only mildly with increasing
temperature.
Since (Jy is dependent on temperature, it is possible

to represent the data in an Arrhenius form where the
slope of the log stress v. reciprocal temperature curve

is proportional to the activation energy of the defor-
mation process. Consequently, changes in slope on
an Arrhenius plot are usually indicative of changes in
deformation mechanism. When yield stress data are
p!o~ted in an Arrhenius form for NiAI alloys, three
dI.StInct deformation regimes are generally observed,
FIg. 10. Also plotted in Fig. 10 is the tensile ductility
of the same alloys v. reciprocal temperature. It is
interesting to note that a change in slope (i.e. acti-
vation energy) is always observed at the brittle-
to-ductile transition temperature (BDTT) of the
11 119201208 I h ba oy. " t as een· suggested that the
observed changes in slope or activation energy, at
the BDTT for NiAI correspond to the onset of
thermally activated deformation mechanisms.119,201
In many studies, discontinuous yielding has been

observed either in the form of serrated stress-strain
curves or the presence of yield points. Serrated yield-
ing has been observed at elevated temperatures
~'"1000 .K~ in an AI-rich alloy (53'3 at.-oiOAI)209 and
In a NI-nch alloy (55 at.-%Ni).210 It was suggested
that the presence of vacancies in the AI-rich material
was responsible for the serrated yielding209 while
dynamic recrystallisation was the suspected mech-
anism in the Ni-rich materia1.210 Yield points have
been reported both in tension 199,203,207and com-

. 202 .pressIon testIng of polycrystalline NiAI alloys. In
e~c~ ~f these s~udies the magnitude of the yield point
dImInIshed wIth temperature disappearing above
'" 800 K except for Ref. 199 where the yield point was
not observed above 500 K.

Stoichiometry
Significant deviations are possible from the stoichi-
ometric composition of NiAI without altering the

International Materials Reviews 1993 Vol. 38 NO.4

Figure 3.2: Yield stress as a function of temperature for polycrystalline NiAl [40].

From this data, the Ni-43Al compound was chosen as it provided the most resilient yield prop-

erties and coincided with the minimum Al% composition for the alloy. The data for this specific

compound was then extracted and input into Origin R©, a data analysis program. The data was then
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analysed using a 5th order regression algorithm to determine the mathematical relationship of the

data, seen in Figure 3.3.
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Figure 3.3: Regression analysis of the Ni-43Al B2 compound yield strength.

The regression provided the following equation for the relationship between the yield strength

and the exposure temperature up to 1000 K:

σys =−9.89×10−5T 5 +4.25×10−8T 4−6.80×10−5T 3 +0.0050T 2−17.36T +2979.96×106

(3.1)
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Error analysis indicated that the regression provided a good fit with a total average error of

4.61% for temperature data between 100 K and 1000 K. The overall error ranged between 0.021%

to 13.74%, with the largest aberration noted between 600 K and 800 K.

3.2.1 BC and TGO Elastic Moduli

In order to properly describe the BC properties, it was also required to determine the relationship

between the temperature and the elastic modulus. This was also performed by analysing data

published from experimental results. The data for the elastic moduli was drawn from Busso et

al. [23], who conducted a mechanistic study of microcracking in isotropic metal/ceramic systems.

The results of this analysis are provided in Figure 3.4.
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Figure 3.4: Regression analysis of elastic moduli for β -NiAl bond coat and α-alumina, with their corresponding
polynomial regression fitting curves.

The fitting algorithm provided the two following equations for describing the elastic moduli as

a function of temperature:

• Bond Coat Elastic Modulus, Es [GPa]:

Es =−0.01×10−4T 2−0.022T +122.79 (3.2)
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• Thermally Grown Oxide Elastic Modulus, Ec [GPa]:

Ec =−0.05×10−4T 2 +0.0052T +402.23 (3.3)

These regressions were performed using Excel R© as it was determined that the error in the

resulting equations was low enough to provide reliable results. The average error for the BC data

was 0.40% (ranging from 0.11% to 0.68%) while the average error for the TGO data was 2.68%

(ranging from 1.31% to 4.05%) due to a noticeable gap at approximately 1300 K.

The equations determined from the regression analysis for both the BC yield strength and the

elastic moduli were then used to assist in the determination of the bond strength, critical stress and

ultimately the fracture toughness.

3.3 Determination of Stress States

As TBC systems are thermally cycled, they develop stresses. These stresses will often resolve to a

compressive state, causing an undulating profile. A schematic of an idealized undulating profile is

provided in Figure 3.5.
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Figure 3.5: Undulating profile schematic of a compressed stress state incurred due to thermal cycling.

This schematic was derived from the von Karman equation [34] for an imperfection presented

with “wave” morphology:

wo(y) =
R
2

(
1+ cos

2πy
λ

)
|y| ≤ λ

2
(3.4)

where wo(y) is the wave profile as a function of linear distance, R is the amplitude (the max de-

formation height of the imperfection), λ is the total wavelength of the imperfection and t, seen in

Figure 3.5, is the oxide thickness.

Figure 3.6 illustrates the periodic wave profile that was generated for the current model using
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Equation 3.4, where R = 2 µm and λ/2 = 10 µm. This profile was then used to determine the

residual stress and critical stress states of the interface.
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Figure 3.6: Wave profile generated for determining interfacial stress states.

3.3.1 Residual Stress Determination

Consideration of residual stresses is particularly important when dealing with TBC systems. As

these coatings are thermally cycled, the increase and decrease in temperature can impose stresses,

such as those due to inelastic deformations, for example. The residual stress is the stress state that

remains once the cause of the stress is removed. Based on experimental observations [2, 16, 34]
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and theoretical approaches [9, 16, 23, 34] it was determined that simulating the buckled interface

profile, previously noted, would reflect buckle driven delamination, one of the more commonly

attributed spallation mechanisms. The development of the residual stress model was thus built

from a previously published approximation [41] based on the solution for the residual stress on an

isolated cylinder, shown in the schematic illustrated in Figure 3.7.

 

Figure 3.7: Location of residual stress, determined from the previously noted approximation.

Due to the buckled nature of the interface, the residual stresses will resolve to an in-plane

residual stress as well as residual stress perpendicular to the in-plane stress. Since the mechanism
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of concern is the spallation of the TGO layer due to failure at the interface, the residual stress acting

normal to the interface is of utmost concern. The state of residual stress normal to the interface can

then be considered to result in a tensile stress acting to delaminate the TGO from the BC at the

interface, and is represented by:

σ
i
n ≈ ∆ε

[1/κ +Ec(1+νs)(R/a)]sin(2πy/λ )

1+R/t
= σ

i
r (3.5)

where:

∆ε = ∆α∆T (3.6)

∆ε is the mismatch strain that results from a difference in thermal expansion between the sub-

strate and the oxide layers for a given change in temperature, which in this case is between 1000

K and 200 K. Ec is the coating’s elastic modulus, previously determined from regression analysis,

where the coating in this case is the thermally grown oxide. Conversely, νs is poisson’s ratio for the

substrate, which is the bond coat. R and λ represent the amplitude and wavelength of the undulated

interface, schematically described in Figure 3.8. y is the location along the interface, while t is

the nominal thickness of the TGO in its corresponding unbuckled state. In this study, location y

corresponds to the location of the maximum amplitude, the “crest” of the undulation. Finally, the

κ term is used to simplify the equation and is:

κ =
(1+νc)

[2Ec +(1−2νs)]/Es
(3.7)
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Figure 3.8: Undulating profile of simulated coating interface.

The schematic above is an expanded view of the idealized undulating profile that results from

thermal cycling [13,41], where the space between the TGO and the bond coat is the interfacial zone,

noted in Figure 3.7. The cylindrical approximation is geometrically congruent with the largest

equivalent radius at the peak of the undulation. Since the profile is composed of compound radii,

the peak radius was found to confirm the scale of the buckled profile. This radius was determined

using the formula for the radius of curvature, which is a relationship based on the first and second

derivative of a function. The equation for radius of curvature, a, is as follows:

a =

[
1+
(

dy
dx

)2
]3/2

[
d2y
dx2

] (3.8)

The first and second derivatives of Equation 3.4 were then determined:
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• First Derivative:

f ′(y) =
−πδ sin

(
2πy
Lo

)
Lo

(3.9)

• Second Derivative

f ′ ′(y) =
−2π2δcos

(
2πy
Lo

)
L2

o
(3.10)

The first and second derivatives were then calculated and the results substituted into Equation

3.8 in order to calculate the equivalent radius of the buckled profile. Based on the crest of the

buckled profile, occurring at +/- π/2, the total radius of curvature was found to be 79.3 µm.

3.3.2 Adhesion Strength Determination

Since the residual stress at the maximum amplitude of the buckle resolves to a tensile stress acting

to separate the TGO and BC at the interface, the adhesion characteristics of the interface must play a

role in opposing this stress. This is the case since, failing the presence of such a stress, the interface

would fail immediately and the TGO would separate indiscriminately from the BC. Therefore, a

formulation to adequately describe the adhesion characteristics of the interface was required. It

should also be noted that while doping elements would understandably contribute to variations

in yield strength in bulk materials, even in low concentrations, the dopants in this investigation

segregate specifically to the interface. Therefore, it is assumed that this localization minimizes the

dopant effect on bulk material properties, such as elastic modulus and yield strength.

Based on previous investigations from Mao and Evans [42] as well as Tymiak et al. [43], Ger-
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berich and Cordill [44] identified the bond strength of metal/ceramic interfaces as:

σbond =

[
8Ec µWad

3πσys h

]1/2

= σb (3.11)

This equation considers the elastic modulus of the oxide, Ec, the yield strength of the substrate,

σys, along with the thickness of the oxide layer, h, as well as µ which is the shear modulus of the

substrate (in this case, the bond coat), while Wad is work of adhesion.

The shear modulus of the substrate is a value that is required to partially describe the effect of

crack tip plasticity at the interface. This parameter is related to the elastic modulus and poisson’s

ratio of the BC as follows, provided by Hutchinson and Suo [36]:

µ =
Es(1−ν)

2
(3.12)

The work of adhesion, Wad , can also be considered as the work of separation. This term de-

scribes the amount of energy that is required, per unit area, to separate the two interfacial species

from each other without plastic deformation. The work of adhesion is also the term that encom-

passes the elemental effects of the segregated atomic species. In order to determine the effect these

species have on the interfacial work of adhesion, an atomistic modelling investigation was per-

formed [39]. These models relied on simulating the presence of a single atom at the, otherwise

clean, interface in a slab model representation, previously seen in Figure 2.8c). Using the quantum

mechanical analysis tool, known as Density Functional Theory (DFT), noted earlier, the electronic
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activity of the atomic elements present at the interface were analysed. This resulted in data related

to the total energy of the slabs. Using the total energies of the slabs, the work of adhesion was then

calculated by

Wad =
ES1 +ES2−ES1/S2

A
(3.13)

where ES1, ES2 and ES1/S2 represent the total energies of slab1, slab2 and the slab1/slab2 in-

terface, while A is the modelled area. The results from this investigation are tabulated in Table

3.1.

Table 3.1: Interfacial work of adhesion for β -NiAl (110)/Al2O3(0001) [39].

Segregants Wad [J/m2]
None 0.832
Sulphur 0.266
Platinum 0.845
Yttrium 1.049
Hafnium 1.760
Sulphur + Platinum 0.355
Yttrium + Hafnium 3.155
Sulphur + Hafnium 0.749
Platinum + Hafnium 1.764

These results were then included with the thermo-elastic properties development to determine

the bond strength of the interface using Equation 3.11.

3.3.3 Critical Stress

Since the residual stress normal to the interface as well as the bond strength of the interface it-

self had been determined, a criterion was required to describe the balance of these stresses at the
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interface.

As previously indicated, since the residual stress state is in tension, this would imply that the

TGO would readily spall provided there was no contribution from the adhesion strength of the

interface. Therefore, it can be concluded that

σbond = σr (3.14)

meaning that the residual stress and the strength of adhesion are in balance immediately prior

to failure. Therefore, the critical stress that would represent an intact interface in this case is

represented by:

σc = σbond−σr (3.15)

while:

σbond ≥ σr (3.16)

This equation then represents all the states where the strength of adhesion is of a magnitude suf-

ficient to counteract the magnitude of the tensile stress. Therefore, this criteria can be represented

by

σc > 0 (3.17)

since the material will remain bonded as long as the condition is maintained.
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3.4 Fracture Toughness

Knowing the conditions by which the BC/TGO interface will indicate failure (spallation), the de-

termination of the fracture toughness of the coating can now be pursued.

In order to determine the fracture toughness, the mode by which the interface will fail must be

considered. Figure 3.9 depicts the modes by which materials fail due to fracture.

MCG5138; Dr. Michel Nganbe 2
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Figure 3.9: General fracture modes, showing Mode I (Opening), Mode II (Sliding), and Mode III (Anti-Plane) [45].

These modes represent the three conventional displacements associated with fracture. The first,

mode I, results from tensile loads acting on a body, sometimes called ”opening fracture”. Mode II

fracture (“sliding fracture”) is caused by in-plane shear loads, while mode III (“tearing” or “anti-

plane”) fracture is caused by out of plane shear. Based on the loading criteria defined in Section

3.2, it can be presumed that the model will fail in mode I. This coincides with experimental and

operational observations that indicate that separation due to spallation is often presented as oxide

“pop-out”, seen in Figure 3.10. This would indicate that mode I is the most likely fracture mode
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for this model.Influence of S, Pt, and Hf on the Oxidation Behavior of CVD NiAl Bond Coatings 523

Fig. 4. Secondary-electron images of the surfaces of CVD NiPtAl bond coats after 700 1-hr
cycles to 1150°C. (a) and (b) NiPtAl on low-S René N5; (c) and (d) NiPtAl on high-S René
N5.

The HS (Ni,Pt)Al specimen in Fig. 3 was removed from testing for
metallography after 700 cycles. The LS (Ni,Pt)Al continued to be exposed
to 1000 cycles, at which time gradual decreases in mass (Table II) indicated
the onset of oxide spallation (Fig 3b). The total mass change after 1000
cycles was +0.45 mg!cm2. The LS (Ni,Pt)Al surface after 1000 cycles showed
evidence of extensive oxide cracking, spallation, and scale reformation (Fig.
5a). Evidently, the scale reformed rapidly after spallation as there was still
very little bare metal exposed (arrows in Fig. 5a). However, small voids
(<15 µm diameter) were occasionally observed within the bare metal exposed
by scale spallation after 1000 cycles (Fig. 5b). No similar voids were

Figure 3.10: CVD NiPtAl bond coats after thermal cycling up to 1150◦C. a) and b) are Sample 1 (pre-cycled, then
cycled), while c) and d) are Sample 2 [17].

This figure illustrates how the samples failed. Since the spallation occurred in the centre of an

arbitrary specimen, it can be concluded that it is unlikely that the spallation underwent sliding or

tearing loads. Instead, it appears far more likely that the failure was due to an “opening”-type event
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(Mode I).

Materials will exhibit different resistance to the different modes of failure. While a material

may provide a notable toughness in mode III, this by no means suggests that it will provide the

same resistance in mode I. Therefore, since the model case has been identified as likely failing in

mode I, the fracture toughness corresponding to this failure mode must be identified. In this case,

the loads are uniaxial, oriented perpendicular to the interface. Thus, based on the uniaxial failure

of the interface [46, 47], the fracture toughness, noted as KIC, is2:

KIC =

√√√√((σ2
c h

[
πF(αD)+

σc√
3σys

])
(3.18)

where h is the thermally grown oxide thickness, F(αD) is a function of the ratio of the elastic

moduli (αD) of the TGO to that of the BC, σc is the critical stress of the interface and σys is the

bond coat yield strength.

Since the model is representative of a thermally cycled component, KIC is temperature depen-

dent. Therefore, the developments for the thermo-elastic properties stipulated from Section 3.1 and

calculated in Section 3.2 are substituted into Equation 3.18 to solve for the fracture toughness at

temperature increments. Thus, this model provides a parametric evaluation for fracture toughness

based on temperature as well as oxide thickness.

2In this case, it is assumed that the fracture will be the result of a crack that nucleated from an arbitrary perturbation
void (Section 2.4.2) and consequently coalesced, leading to crack formation.
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3.5 Simulation and Data Processing

Once equations for the temperature dependent material properties and equations for stress and frac-

ture toughness were determined, the simulation was implemented. The model was built such that

the only user modified variable was the work of adhesion value. This ensured that the simulation

was identical for each simulation cycle and guaranteed that any observed differences in the results

would only be a function of the work of adhesion. Therefore, the simulation provides results for

fracture toughness that are determined based solely upon the contribution of the selected atomic

species used in each simulation cycle.

The model was coded using Apple Xcode as a command line executable program written in

C (programming language). C was the chosen language as it would be cross compatible to other

computing platforms. Debugging was performed within the Xcode development environment as

well as through the DART supercomputing Linux shell at the National Research Council of Canada

(NRC). This was performed in order to guarantee the anticipated cross-platform compatibility of

the model. Figure 3.11 is a logic diagram of the simulated cycle within the model.
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Figure 3.11: Flow diagram of the model simulation logic.

The simulation itself consists of an oxide thickness growth loop nested within an increasing

temperature loop. This means that the temperature cycling loop is the “driving” loop. As the value

for temperature increases the values for the thermo-elastic properties are calculated. These values

are then used within the nested loop. The nested loop increments the oxide thickness and calls two

subroutines for calculating the residual stress and bond strength. The results from these subroutines
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are returned, with which the critical stress and fracture toughness are ultimately calculated for the

current oxide thickness and current temperature. Once the nested loop has cycled through its range

of oxide thicknesses, 2 µm to 27 µm, the simulation then increments to the next temperature value

and the nested oxide loop cycles with the newly calculated parameters. This pattern continues until

the temperature cycle has exhausted its range. The temperature range used in the temperature loop

is 300 K to 980 K, separated into discrete 40 K increments.

The simulation proceeded as follows:

1. All variables and values initialized as the simulation begins;

2. Temperature is initialized at 300 K;

3. Thermo-elastic properties are calculated;

4. The simulation falls into the nested oxide loop, and the oxide thickness is initialized at 2 µm;

5. The thermo-elastic properties from Step 3 are fed into two subroutines to calculate the resid-

ual stress and the bond strength;

6. The results from Step 5 are returned to calculate the critical stress and the fracture toughness;

7. The nested loop returns to Step 4 and increments the oxide thickness by ∼1.4 µm;

8. Steps 4 through 7 are looped until the oxide thickness reaches its maximum, at which point

the simulation returns to Step 2;

9. The temperature in Step 2 is incremented by 40 K;
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10. This then causes a new cycle of Steps 3 through 9 to begin;

11. The temperature is cycled until it reaches its maximum, at which point the simulation termi-

nates;

These steps were conducted separately for a clean interface as well as for each elemental addition

noted in Table 3.1.

Throughout these simulation steps, the program also writes the calculated data to two separate

text files. One text file receives the output for all the thermo-elastic properties, while the other

receives all the parametric data (temperature and oxide thickness) as well as the stress results and

the fracture toughness.

The data was first imported into Excel R© for analysis and scaling. Initially the values are calcu-

lated in [m], [Pa] and [Pa m1/2] SI units. Excel R© was used to convert length scale values to [µm],

stress values to [MPa] and fracture toughness values to [MPa m1/2] to meet standard conventions.

These scaled values were then exported to Origin R© for detailed analysis. The parameters that were

identified as being most critical were the oxide thickness, the exposure temperature and the fracture

toughness. The data was then converted to a 3D matrix and plotted in a 3D surface contour.

A collection of the material characteristics that were modelled throughout the simulation can

be found in Table 3.2, below.
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Table 3.2: Summary of model material properties.

Temperature, T [K] 300-980
*Bond coat elastic modulus, Es [GPa] ∼ 100-115
*Bond coat yield strength, σys [MPa] ∼ 100-750
*TGO elastic modulus, Ec [GPa] ∼ 350-400
TGO thickness, h [µm] 2-27
Shear modulus, µ [GPa] ∼ 70-84
Elastic mismatch function, F(αD) 0.7

(*-denotes properties whose values were calculated as a function of temperature)
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Chapter 4

Simulation Results

The parametric data was first analysed and then plotted using a three dimensional matrix for each

dopant acting individually in order to visualise the impact single elemental additions had on the

fracture toughness as a function of temperature and oxide thickness. Firstly, as a baseline, the first

simulation consisted of determining the fracture toughness of an un-doped “clean” interface, seen

in Figure 4.1.
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Figure 4.1: Clean β -NiAl / α-Al2O3 interface results for fracture toughness as a function of oxide thickness and
exposure temperature.

These results serve as the “benchmark” results for the interface. This interface was simulated

as a pure β -NiAl / α-Al2O3 without any additional interfacial elements. Several trends can be

identified from this figure. Firstly, the interfacial fracture toughness is reduced as the oxide thick-

ness increases, as seen in experimental observations [48]. Secondly, the toughness increases as the

temperature is increased. These two observations correlate very well with general experimental

results for coating thickness and fracture toughness. Typically, as coating thicknesses increase, the

toughness of the material will decrease, as the residual stress increases and there is also a higher

likelihood of convalescence of perturbations that can lead to fracture. Furthermore, as the material
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is exposed to higher temperatures, it will become increasingly compliant as it becomes more ductile

and thus more resistant to brittle fracture.

Having established the baseline values of a clean interface, the results of single element doping

can now be considered. In order to identify points of interest against which other results can be

compared, the following results will be considered:

• Maximum fracture toughness = 64.98 [MPa m1/2]

• Fracture toughness at minimum oxide thickness = 8.19 [MPa m1/2]

• Fracture toughness at maximum oxide thickness = 6.55 [MPa m1/2]

It should be noted that the maximum fracture toughness occurs at 980 K, while the minimum

and maximum oxide thickness value for fracture toughness both occur at 300 K.

4.1 Platinum Doping

The first elemental addition simulation that was analysed was the contribution of platinum to the

fracture toughness. The plotted results can be seen in Figure 4.2. These results, when compared to

the established baseline of the clean interface, are substantially the same. Based on the previously

identified values for comparison, Pt provided the following results:

• Maximum fracture toughness = 65.72 [MPa m1/2]

• Fracture toughness at minimum oxide thickness = 8.27 [MPa m1/2]
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• Fracture toughness at maximum oxide thickness = 6.61 [MPa m1/2]

These results indicate roughly a 1% increase in fracture toughness at the minimum and maximum

oxide thickness, and a 2% increase in overall maximum fracture toughness.

Figure 4.2: Fracture toughness results of a Pt-doped interface.

This would appear to suggest that platinum plays a negligible role in the fracture toughness of

the interface.
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4.2 Sulphur Doping

Experimental results [11, 13–15, 18, 24] have shown that sulphur plays a deleterious role in the

performance of TBC systems. The mechanisms by which it affects the coatings are not clear, but

it had been suggested that its presence may reduce the interface’s resilience. Based on the results

plotted in Figure 4.3, the effect of S-doping becomes less obscure.

Figure 4.3: Deleterious effect of sulphur on the fracture toughness results of a β -NiAl / α-Al2O3 interface.

Again, referring to the baseline results as the benchmark, S-doping results in the following:

• Maximum fracture toughness = 28.15 [MPa m1/2]
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• Fracture toughness at minimum oxide thickness = 4.10 [MPa m1/2]

• Fracture toughness at maximum oxide thickness = 3.53 [MPa m1/2]

These results show a staggering overall reduction of ∼50% in each of the benchmark values.

4.3 Hafnium Doping

Contrary to the results from sulphur doping, hafnium doping indicated a substantial increase in

toughness throughout the simulated cycle, the results of which are illustrated in Figure 4.4, below.

Figure 4.4: Hafnium doping results from the interfacial fracture toughness simulation.

Hafnium provided the following improvements:
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• Maximum fracture toughness = 113.08 [MPa m1/2]

• Fracture toughness at minimum oxide thickness = 13.18 [MPa m1/2]

• Fracture toughness at maximum oxide thickness = 9.97 [MPa m1/2]

These results provide clear indication that Hf-doping delivers a marked increase in overall frac-

ture toughness at the interface.

4.4 Yttrium Doping

Similar to hafnium, yttrium also provided notable increases in overall interfacial fracture toughness,

seen in Figure 4.5.
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Figure 4.5: Yt-doping results for interfacial fracture toughness.

Considering the same benchmark values from the clean interface, Y provided:

• Maximum fracture toughness = 77.10 [MPa m1/2]

• Fracture toughness at minimum oxide thickness = 9.47 [MPa m1/2]

• Fracture toughness at maximum oxide thickness = 7.45 [MPa m1/2]

These results show that the individual elemental additions alone, with the exception of platinum,

provide a notable impact on the fracture toughness of the coating.
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4.5 Co-Doping Results

The previous results were based on the insertion of a single dopant species atom into the β -NiAl

/ α-Al2O3 interface. These elements alone provided evidence for substantial influences on the

interfacial fracture toughness ranging from staggering reduction to noteworthy increases overall.

Some research [11, 15, 31] has indicated the possibility of synergistic effects between elemental

additions. In order to explore the possibility of this effect, the model was imparted with a co-

doping simulation. The results of which can be seen in Figure 4.7a) through d), and the overall

results for single element doping and co-doping can be seen in Table 4.1.

Table 4.1: Summary of model fracture toughness results.

Maximum Fracture Toughness at Fracture Toughness at
Atomic Species Fracture Toughness Min. Oxide Thickness Max. Oxide Thickness

[MPa m1/2] [MPa m1/2] [MPa m1/2]
Clean Interface 64.98 8.19 6.55

Single Element Results
Platinum 65.72 8.27 6.61
Sulphur 28.15 4.10 3.53
Hafnium 113.08 13.18 9.97
Yttrium 77.10 9.47 7.45

Co-Doping Results
Platinum + Sulphur 34.75 4.87 4.12
Hafnium + Sulphur 60.13 7.67 6.18
Hafnium + Platinum 113.27 13.20 9.99
Yttrium + Hafnium 174.42 19.32 13.97

These values are also plotted together in Figure 4.6 to compare these values graphically, to more

readily compare these benchmark values across the elemental doping simulations.
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Figure 4.6: Fracture toughness results for minimum and maximum oxide thicknesses at 300 K.
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Figure 4.7: Fracture toughness results for maximum system value at 980 K at minimum oxide thickness.
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a) b)

c) d)

Figure 4.8: Co-doping simulation for interfacial fracture toughness of a) Pt+S, b) Hf+Pt, c) Hf+S and d) Y+Hf.

These results reflect the trends of the single doping results, as well as provide insight into

synergistic effects. The benchmark values for these co-doping simulation results are included above

in Table 4.1.
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Chapter 5

Discussion

The results of these simulations agree with experimental results that indicate that minimal amounts

of reactive element additions, S, Hf and Y in this case, can have a dramatic impact on the perfor-

mance of TBC systems. Specifically, these results indicate that these elements can have particularly

unambiguous effects on the fracture toughness of the BC/TGO interface. While Hf and Y displayed

improvements to the interface, S led to dramatic reductions in performance, which is reflected in

oxidation testing performed in other investigations, particularly in research conducted by Haynes et

al. [8, 12, 13, 17, 24] and Evans et al. [2, 20, 26, 30]. Pt-doped interfaces however provided nominal

improvements to the toughness.
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5.1 Single Element Effects

As noted from the results of the single atomic species dopants, solo atoms can have a dramatic

impact on the fracture toughness of the BC/TGO interface. Most notable are the contributions from

sulphur and hafnium. Sulphur resulted in a dramatic reduction in the overall resistance to fracture

of the interface. This is likely a result of the atomic interactions that occur at the interface. As

described by Ozfidan et al. [39], the inclusion of sulphur in the interface results in repulsion be-

tween the sulphur atom and its nearest neighbour oxygen atoms from the Al2O3 component. This

results in a weakening of the interface as these two atomic species seek to repel one another. There-

fore, this ultimately reduces the work of adhesion and corresponds to a reduction in the interfacial

fracture toughness.

The effect hafnium has on the interface is also a direct result of the atomic activity at the inter-

face. Based on observations [39], it was noted that the Hf distributes in close proximity to O atoms.

Due to its reactivity, this leads to the formation of ionic bonds, as well as intermetallic bonding

with Ni atoms. It was also observed that the number of bonds between AlNiAl , which represents the

aluminum within the NiAl structure, and O was increased. These same bonds also exhibit a short-

ened bond length. The shortened bond length increases the attraction between the atoms, resulting

in a more resilient coupling. The combination of these two phenomena provide a synergistic effect

that increases the overall atomic adherence at the interface. This effect would seem to be respon-

sible for the increased fracture toughness of the interface. It was noted that Y seemed to display

similar characteristics as it would also form mixed bonds (intermetallic and ionic), but the number

of bonds were reduced and the length of the bonds were increased. Therefore, similar to Hf, the

89



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

addition of Y increases the toughness through this mixed bonding, though the increase is mitigated

by the reduction in adhesion caused by the smaller number of bonds as well as the increased bond

length. Conversely to a shortened bond length, the increased bond length reduces the strength of

the atomic coupling by increasing the interatomic distance.

Platinum, however, did not provide any notable change in the fracture toughness of the inter-

face. Although the benefit of platinum has been observed, and is generally accepted in commercial

practice, its beneficial mechanism would not seem to stem from improving the fracture behaviour of

the interface. As seen in Section 4.1, platinum had negligible effect on the fracture toughness. Al-

though platinum has been identified as providing beneficial effects to TBC systems [8, 10, 17] , the

mechanism by which it provided this benefit remained elusive. However, the co-doping simulations

must be considered before reaching a conclusion.

5.2 Co-Doping Effects

Figure 4.7 provides insight into the effects of co-segregated elements at the interface, especially

when compared to the single element results from Figure 4.2 to Figure 4.5. The results from co-

doping are varied, but share many similarities with the single element simulations.

Figure 4.7a), the result of co-doping Pt and S, is noted by its similarity to Figure 4.3, which is

the result for doping only with S. Comparing Figure 4.7a) with Figure 4.7b), the common element

is S. In the first figure, Pt + S, the effect on interfacial fracture toughness seems to be driven by

the presence of sulphur. However, if Hf + S is considered [Figure 4.7b], it would seem that the

deleterious effect of sulphur is counteracted by the beneficial effect of hafnium. This is likely due
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to the force of repulsion, caused by the presence of S, being counteracted by the improved bonding

performance imparted by the presence of Hf. Similarly, by comparing the results of Hf + S co-

doping with the results from Y + Hf co-doping, a superposition relationship becomes apparent.

When considering Y + Hf co-doping, keeping in mind the individual results from their single

element doping simulations, the results would suggest that elements that are beneficial may act

synergistically to further enhance the fracture toughness. In the case of Y + Hf, the effect is not

purely additive as 174.42 m1/2 is less than would be anticipated if the two effects were simply

superimposed, which would result in 190.18 MPa m1/2. However, it remains clear that the two

act in concert to improve the overall interfacial fracture properties, showing drastic improvements

during both oxide growth and temperature increase.

Using the apparent effect of superposition related to these element additions, it is observed

that Pt, similar to the single element results, tends to play a minor role in the fracture toughness

of the interface. These results indicate the value that is imparted by the addition of beneficial

reactive elements while also underlining the need to reduce the effect of detrimental atoms, such

as S. These findings also indicate that Pt provided relatively little impact on the interfacial fracture

toughness. Although determining the exact effect Pt has on these coatings lies outside the scope

of this investigation, it is evident that its effect is not acting to directly increase the strength of the

interface. Therefore, it is likely that Pt’s function lies more in another phenomenon.
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5.3 Isothermal Analysis

Since the cycle was simulated as discrete increments in temperature, it is valuable to also consider

the behaviour of each addition at an isotherm to gain insight into how each element compares to

the others throughout the simulated cycle. In order to conduct this analysis, two isotherms were

chosen, one at 620 K and the other at 900 K. The first figure, Figure 5.1, is the behaviour of single

element doping at 620 K while Figure 5.2 presents the same isotherm results for co-doped elements.
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Figure 5.1: Fracture toughness as a function of oxide thickness at 620 K for a clean interface, compared to single
element doping contributions.

The first characteristic to note in Figure 5.1 is that for all elements, the fracture toughness

decreases with increasing oxide thickness. Secondly, it is relevant to observe, as noted earlier, the
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effect of platinum. The profile for platinum is nearly congruent with the clean interface behaviour,

effectively obscuring the latter. This figure also shows the increase in toughness that hafnium and

yttrium provide, while drawing attention to the negative impact imparted due to the presence of

sulphur.
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Figure 5.2: Co-doped element fracture toughness results as a function of oxide thickness at 620 K compared to a clean
interface.

Similarly to the previously noted results, Figure 5.2 provides clearer examples of behaviour

noted above in Section 5.2. For example, the contributions of each element can be seen more

clearly when compared in these combined scenarios. Considering the curve for co-doped sulphur

with platinum provides further evidence that suggests that while sulphur plays a notable deleterious

role in interface toughness, platinum’s contribution is negligible. This is determined by comparing

93



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

these curves with the results from Figure 5.1. This is more notable when considering hafnium

and sulphur co-doping. When considering these elements alone to the clean interface, sulphur

reduces the toughness by∼ 50% while hafnium increases the toughness by nearly the same margin.

However, when combined together, their individual effects seem to counteract one another. Since

the overall result is a reduction in interfacial toughness, this would imply that sulphur’s action

of causing a repulsion in the interface is of slightly larger magnitude than hafnium’s ability to

increase bonding. Conversely, the ability of sulphur to generate repulsions at the interface may

simply compromise hafnium’s ability to create bonds.

The isotherm analysis for 900K is presented below in Figure 5.3 and Figure 5.4.
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Figure 5.3: Singularly-doped element fracture toughness results as a function of oxide thickness at 900 K compared to
a clean interface.
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Similar to the isotherm results in Figure 5.1, the 900 K isotherm in Figure 5.3 shows similar

trends. The primary difference is that the overall toughness is increased for each sample, accented

by the increase in vertical axis scale, at the higher exposure temperature because, as noted earlier,

compliance increases with temperature. It is noted that platinum, sulphur, hafnium and yttrium all

play the same role at the higher temperatures as they did at 620 K. This is evident throughout the

entire temperature cycle, which is why the contours in section 4 have unwrinkled profiles.
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Figure 5.4: Fracture toughness as a function of oxide thickness at 900 K for a clean interface, compared to single
element doping contributions.

Further to the previous discussion, hafnium and platinum can also be compared to see how the

elements behave. In this case, it has been noted that platinum’s contribution is minimal, and this is

made more evident when hafnium is co-doped with platinum since the magnitude of the hafnium

95



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

addition is the same, regardless of whether it was doped with platinum or by itself.

5.4 Correlation with Experimental Observations

The trends in these results are similar to the trend seen in another modelling investigation. Vasinonta

and Beuth [48], in their study using indentation, noted that the fracture toughness at the interface

decreases steadily when the ratio of the debonded area to the indenter radius increases. A FE model

was developed to determine the normalized displacement of the film layers during indentation,

which were indented using a brale C indenter in a Rockwell hardness tester. The fracture toughness

at the interface was then calculated based on the displacements determined from the FE model and

the radius of delamination observed in the indent test, shown in equations 5.1 and 5.2. The results

from these calculations were then validated by previous indenter tests for samples coated with a

TBC system.

Kc =

√
GĒT GO(1−α)

1−β 2 (5.1)

where:

G =
3(1−ν2)

(
σT GO

o −σT BC
o

)2 t2
T GO

2(tT GO + tT BC)ET BC
(5.2)

and ĒT GO is the plane strain elastic modulus of the TGO, ET BC the modulus of the top coat, ν

is the poisson’s ratio of the coating, σT GO
o and σT BC

o are the residual stresses of the TGO and TBC

top coat respectively, tT GO and tT BC are the thicknesses of the TGO and top coat, while α and β are

modified Dundurs parameters.
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The results of this study, shown in Figure 5.5 indicate a similar decreasing toughness trend to

the trends noted above in Figures 5.1 to 5.4.
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Figure 5.5: Interfacial fracture toughness calculated from indentation tests performed on samples coated in a full
depth TBC [48].

This figure indicates that, as the ratio of the radial distance, R, of the observed delamination

due to the indentation to the contact radius of the indenter, a, increases, the fracture toughness at

the interface declines rapidly following a brief initial increase. Although these results are similar

to those previously reported in this document, it is important to note some differences. Firstly,

the loading applied is external, however its configuration does provide an analogue for residual

stresses caused by mismatches in the coefficients of thermal expansion [48]. Secondly, the testing is

carried out on monotonically exposed samples at 1200◦C and the loading condition of this scenario
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is mixed, leading to a fracture toughness value that is not specific to mode I. However, they do

represent experimental measurements of the interfacial fracture toughness with consideration for

the TGO and top coat layer thicknesses. This model also correlated well with observed indenter

tests [48].

Furthermore, Zhao et al. [49] noted that the interfacial fracture toughness decreases in much

the same way as noted by Vasinonta and Beuth, when considering longer exposure at temperature.

It is known that the interfacial toughness is dependent
on the chemistry of the interface—segregation of impurities
can weaken the interface for example [25]. For a typical
Al2O3/Ni interface, the interfacial toughness has a value
of !10 J m"2 [26]. However, most values calculated using
indentation moduli are considerably higher than this. As
mentioned in Section 4.2, for 2 h oxidized samples, the
TGO/bond coat adhesion should be comparable to that
of a YSZ coating. As a representative example, consider
a EBPVD TBC with an in-plane modulus E = 30 GPa

and a mode I toughness KIc = 0.5 MPa m1/2 [27]. Accord-
ing to G ¼ K2

Ic=E, the mode I toughness of the YSZ coating
is about 8.4 J m"2. This value is close to the interfacial
toughness measured by beam bending for the 2 h treated
samples (!10 J m"2). This confirms that the values based
on bending moduli better reflect the real properties of the
interface.

Fig. 11 also compares the mode I toughness of the TGO
formed on b-phase bond coats. For example, Mumm and
Evans [11] employed a wedge indentation test to study
EBPVD TBCs with a NiCoCrAlY bond coat, and esti-
mated a mode I interfacial toughness of !10 J m"2. Wang
and Evans [15] measured the alumina scale formed on a
NiCoCrAl bond coat after oxidation at 1000 !C, which
showed a mode I toughness of !5.3 J m"2. Vasinonta
and Beuth [8] measured EBPVD TBCs with a MCrAlY
bond coat; the mode I toughness decreased to 4.3 J m"2

after 20 h oxidation at 1200 !C. In general, the mode I
toughness of the TGO formed on a Pt-diffused c/c0 bond
coat is comparable to that of b-phase-based bond coats.

5.2. Degradation of the interface by oxidation

As demonstrated in Fig. 11, the mode I toughness grad-
ually decreases with an increase in the oxidation time, indi-
cating that the TGO/bond coat interface is weakened by
oxidation. Comparing with the b-phase bond coats, the
Pt-diffused c/c0 bond coat does not generate pegs or rum-
pling during oxidation. Therefore another mechanism must
be responsible for the degradation of the interface. Fig. 12a
shows the interfacial region of an as-deposited sample. The

Fig. 11. Mode I interfacial toughness as a function of oxidation time,
using the moduli obtained from indentation and beam-bending tests. Data
of b-phase bond coats are also indicated for comparison: NiPtAl
(Vasinonta and Beuth [8], oxidation at 1200 !C), NiCoCrAlY (Mumm
and Evans [11]), NiCoCrAl (Wang and Evans [15]), and Al2O3/Ni
interface (Gaudette et al. [26]).

Fig. 12. (a) Cross-sectional image of an as-deposited TBCs; (b) bright-field HRTEM image of the interfacial region, taken along the ½2 !3 1 1% zone-axis
direction of the a-alumina TGO; (c) cross-sectional image of a sample oxidized at 1150 !C for 40 h; (d) bright-field HRTEM image of the TGO/bond coat
interface, which is taken along the ½1 !2 1 !3% zone axis of a-alumina.
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Figure 5.6: Interfacial fracture toughness calculated from beam bending and indentation tests performed on samples
with varying exposure times at 1150◦C [49].

These results show a similar decreasing trend, with the notable difference that the fracture

toughness is decreasing as the exposure time at 1150◦C increases. This may be a result of additional

oxide growth leading to a weakening of the interface as the oxide layer becomes larger. It is also
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compounded by the likely growth of θ -phase Al2O3 [49] which, as indicated earlier, is not an ideal

oxide as it has lower adhesion characteristics when compared to α-Al2O3. Although these studies

each consider different phenomena, these results, as well as the results published in this document,

show good correlation overall related to the degradation of fracture toughness at BC/TGO interfaces

as a function of increased oxide layer thickness and temperature considerations.
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Chapter 6

Conclusions

The purpose of this research was to develop a model designed to elicit insight into the effect that

Pt, S, Hf and Y elemental additions can have on the fracture toughness of β -NiAl / α-Al2O3

interfaces. Previous investigations have considered the oxidation behaviour of these systems as a

result of elemental composition [2, 8, 13, 17, 23, 25, 32], while others even dealt with determining

the interfacial fracture toughness of these systems [48, 49]. However, to this author’s knowledge,

only one study has been conducted dealing with chromium addition [30], though it excluded the

bond coat. No other studies have been identified that considered the effect that these other doping

elements have on the interfacial fracture toughness at the interface when segregant and doping

elements are present. Therefore, since it is well known that doping elements, and segregants, have

a marked impact on the lifecycle behaviour of TBC systems [1, 8, 12–14, 17, 24, 26, 28–30, 39], an

investigation focusing on the contribution of these elements to fracture toughness was conducted.

A model was developed that considered previous studies and combined a previous investigation
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into the atomic characteristics of this interfacial system [39] with continuum level mechanics to

determine the fracture toughness of the interface in the presence of element doping.

In order to develop this model, this research focused on several considerations. First, the model

had to simulate exposure of a BC/TGO interface to a temperature cycle. Therefore, since these

materials undergo changes in material properties as temperature increases, the thermo-elastic prop-

erties of these two materials were required as functions of temperature. It was identified that the BC

yield strength would be necessary for the model, as would the elastic moduli of the BC and TGO.

Temperature dependent equations were then determined based on published observations [23, 40].

Secondly, as these coatings undergo thermal cycling, they also develop various states of residual

stress. In order for these coatings to not immediately fail, this residual stress must also be counter-

acted by internal adhesion. The mathematical relationship for the residual stress was determined

from a published approximation [41]. The bond strength of the coating was then determined [44],

and calculated for the various dopant species. Then the critical stress relationship between the two

was ascertained. Having determined relationships for the thermo-elastic properties as well as the

stresses at the interface, the fracture toughness [46, 47] was then calculated to determine the effect

of elemental additions.

It was determined that, for single doping elements, while Hf and Y both provided a marked

improvement in interfacial fracture toughness, S reduced the toughness of the interface. It was also

determined that, while Pt is noted as a beneficial atomic addition, it’s mechanism of action is not

related to fracture toughness.

For co-doping elements, it was noted that Hf and Y again provided a noted increase in fracture
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toughness and would even offset the deleterious effect of S. This implies that Hf and Y additions at

TGO/BC interfaces provide a clear improvement, by superposition, to the fracture toughness of the

interface. It was also noted that when Pt and S are doped in tandem at the interface that the effect

S has is far more prominent than the minor contribution from Pt. This provided further evidence

to conclude that Pt does not provide a marked improvement in fracture toughness. Therefore,

after analysing the results from these simulations, it can be argued that Pt’s benefit is certainly not

derived from an effect related to the fracture toughness of the interface, since the contribution from

the reactive elements is far greater. Therefore, Pt’s effect is likely the result of another phenomenon,

perhaps related to the size of the atom and it’s electron activity [39]. It is possible, since Pt is a

large atom (139 pm, 1.39 Å) in substitution for nickel, that it may reduce sulphur’s ability to diffuse

through the bond coat. Since sulphur is also a larger atom (100 pm, 1.0 Å) that tends to segregate

through substitution and vacancy occupation rather than interstitial diffusion, Pt can often occupy

sites where sulphur would prefer to be located, thus potentially blocking it’s path. Obviously,

diffusion relies on other considerations aside from atomic size alone, such as energy states and

electronic activity, but atomic radii remains a notable contribution.

It should be noted that, while these simulations provided insight that correlate well with ob-

served experimental results [48, 49], the model has some fundamental limitations. For instance,

creep is not considered. Creep can serve to relax stresses that develop at the interface, therefore

by not including creep in this model it can be argued that the results for residual stress are higher

than they would be otherwise. Secondly, the thermo-elastic properties of the bond coat were deter-

mined based on direct exposure to high temperatures. This would not be the case in a commercial

or experimental TBC system, as the presence of the TGO would limit the BC’s direct exposure to
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the temperature cycle. This would lead to the model containing a minor overestimate of the effect

of temperature on the yield strength and elastic modulus of the bond coat. Thirdly, the data deter-

mined from the quantum simulation that was used to calculate the work of adhesion was not varied

with temperature as this simulation was carried out in isothermal conditions. Finally, it should also

be stated that diffusion effects were also omitted from these simulations. The diffusion of different

species into the interface is a phenomenon that occurs during temperature cycling. However, in

order to ascertain the specific effects related to the presence of particular atomic species, diffusion

effects were omitted in an attempt to limit the possible obfuscation this might have caused.

6.1 Proposed Future Work

Although the results of the simulation provided interesting insight into the fracture toughness be-

haviour of the BC/TGO interface, the limitations of the model must also be recognized. Therefore,

as part of a larger study focused on generating a more detailed understanding of the effects ele-

mental additions have on TBC systems, this investigation has provided the framework upon which

subsequent studies can be developed.

6.1.1 Modelling and Simulation Enhancements

Since the goal of modelling is to develop constructs that are representative of real systems in order

to experiment and conduct analysis that may otherwise prove difficult or unfeasible, the following

enhancements may be investigated to make the presented model more realistic.

1. The inclusion of creep in the model would provide for a stress relaxation throughout the sim-
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ulation. This would require a more dynamic simulation, but would provide greater fidelity.

2. Diffusion modelling would greatly enhance the existing model. Inclusion of diffusive ele-

ments would allow for a more robust simulation that more closely resembles the effects noted

during high temperature cycles in gas turbine engines. Furthermore, this addition would al-

low the investigator to identify what elements are diffusing to the interface as well as their

concentration. This would also ultimately require a greater flexibility in calculations related

to the work of adhesion as they could be implemented simultaneously.

3. The current model considers the TGO growth as a discrete event separate from the temper-

ature cycle. Further development can lead to an oxide growth model where the thickness of

the oxide can be determined based upon the composition of the BC and the exposure temper-

ature of the cycle. This would create a more dynamic model that can be further enhanced by

the previously mentioned diffusion model.

4. It could also be beneficial to model the unit cell fluctuation related to the residual stress

variations to determine what, if any, additional or reduced diffusion may take place as a

result of an enlargement or reduction in unit cell dimensions.

6.1.2 Further Investigations

Aside from the modelling considerations, this preliminary investigation can also be combined with

other areas of interest.

1. Since these coatings are highly susceptible to influence from segregant elements, this simula-

tion could be combined with experimental practices. Provided that most of the substrates and

104



Modelling the Effects of Element Doping and Temperature Cycling on the Fracture Toughness of β -NiAl / α−Al2O3
Interfaces in Gas Turbine Engines

bond coats used in previous investigation are currently commercially available, these systems

could be characterised and then modelled more accurately. This could be used to ultimately

develop life cycle predictions.

2. The current model considers dense coatings, however the importance of deposition method

had also been identified. Therefore, the model could be further improved by correlating

it with experimental investigation using oxidation samples. This could provide correction

factors to further improve simulation reliability.
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