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Abstract

Four different aspects of the properties of dislocations in monolayer and semiconductors
have been investigated:

i) Using atomic relaxation techniques, dislocation dipoles of various sizes and orientations
have been studied for monolayers with the Lennard-Jones potential (LJP) and the nearest-
neighbour piecewise linear force (PLF) interactions. Inthe LJP system the lower energy vacancy
dipoles have over a wide range of angles an energy which is mainly a function of the vacancy
content of the dipole. There is 2 competition between the elastic forces and the topological
constraints which favour a five-fold coordinate vacancy (FCV) at the centre of each core. For
the short range PLF system the lattice usually compresses upon the introduction of a dislocation,
a consequence of the soft core of the interaction potential, and interstitial dipoles are lower in
energy. For the long range LJP system the dislocations are mobile whereas for the PLF system
they are pinned. The relevance of these results to existing theories of melting are discussed.

i) Using generalized stacking-fault (GSF) energies obtained from first-principles density-
functional calculations, a zero-temperature model for dislocations in silicon is constructed within
the framework of a Peierls-Nabarro (PN) model. Core widths, core energies,PN pinning
energies, and stresses are calculated for various possible perfect and imperfect dislocations. Both
shuffle and glide sets are considered. 90° partials are shown to have a lower Peierls stress (PS)
than 30° partials in accord with experiment.

iii) We have also studied by atomic relaxation techniques the properties of dislocations

in silicon, modelled by the empirical potential of Stillinger and Weber. In order to compare with
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the preceeding calculation no reconstruction is allowed. We find no evidence of dissociation in
the shuffle dislocations. Within this model shuffle dislocations glide along their slipping planes.
On the other hand, glide sets are shown to glide only in dissociated form. The dislocation
displacement fields are essentially planar. The PS is found to be isotropic within the (111) plane.
In other words the minimum stress at OK. required to move the dislocation in any direction with
in that plane has the same projection unto the Burgers vector, the PS of the dislocation. Our PS
are in good agreement with those from ii).

iv) Using a simple two dimensional LJP model, relaxation mechanisms of the epitaxial
strain layers (ESL) have been simulated for various misfits and layer thickness. In this model,
the relationship of two competing relaxation mechanisms is found. At small misfit, strain is
released by nucleating misfit dislocations from the edges of system. This process is more
favourable for the thicker layer. At large misfit, stress is relaxed through surface instability,
allowing. easy generation of misfit dislocations from the surface. Those results are qualitatively

in agreement with experiments.
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Chapter 1. Introduction

Dislocations are the basic topological defects in solids. It is natural then to expect them
to play an important role in structural transformations. The processes of interest to us are: the
melting in monolayers, plastic deformation in silicon and strain relaxation in the epitaxial
strained layers. These are problems particularly suitable for dislocation driven kinetics for
different reasons. In two dimensional (2D) systems, dislocations are point defects, singularities
in the strain field which can be thermally excited in pairs called dislocation dipoles. Plastic
deformation intrinsically relies on the sliding of atomic planes which can be represented by
dislocation arrays. And finally strain relaxation in a strained layer is initiated as misfit
dislocations. The actual role that dislocations play in such problems depends sensitively on their
properties. These have been investigated in the following four closely related projects which are:

1). To study the behaviour of dislocations in 2D systems by using atomic relaxation
techniques. Dislocation architectures of various sizes have been investigated including dislocation
dipoles and dislocation lozenges. Two kinds of 2D systems with the Lennard-Jones potential and
the nearest-neighbour piecewise linear force are used to study the impact of the range of
potential on the energies and configurations of dislocations. The information obtained from this
project will help to better define the source of the controversy existing on the nature of 2D
melting.

7). With the knowledge of dislocations in 2D systems, the calculations are extended to
three-dimensional (3D) systems. The second research goal is to construct a zero temperature
model for dislocations in silicon within the framework of a Peierls-Nabarro (PN) model using
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generalized  stacking-fault energies obtained from first-principles density-functional
approximations, and using this new model to study core width, core energies, PN pinning
energies and stresses of various possible‘ perfect and imperfect dislocations in silicon.

3). In order to verify the new model and the results obtained from 2), a different
approach is taken. This part of the project is to investigate the properties of dislocations in
silicon by atomic relaxation techniques, modelied by the empirical potential of Stillinger and
Weber. The Peierls stresses of various dislocations and the characteristics of the dislocation
displacement field are calculated. The motion and dissociation of glide and shuffle dislocations
are also studied.

4). Our final project was to study relaxation mechanisms in epitaxial layers using
relaxation techniques. Various layer thicknesses and strains are simulated in a simple two
dimensional model. We try to determine the conditions and source of nucleating misfit
dislocations through which the strain in epitaxial layers is released.

The outline of the thesis is as follows. In the next chapter, I briefly review the theory of
dislocations. In chapter 3,4,5 and 6, the details of the mode!, procedure and results for each of
the above four research projects are presented and discussed respectively. An overall conclusion

ends the thesis.



Chapter 2. Theory of Dislocations

2.1 History of Dislocations

The history of dislocations has two starting points. The concept of the dislocation as an
elastic singularity was first introduced by considering the deformation of a body occupying a
multiply connected region of space, and a systematic theory was given by Volterra (1], as
illustrated in Fig. 1, following earlier work by Michell [2], Weingarten [3] and Timpe [4].
Configurations (b) and (c) in Fig. 1 correspond to edge dislocations and (d) corresponds to a
screw dislocation. Configuration (€) (f), which are twist disclinations, and (g) ,which is a wedge
disclination, are not discussed further here, since they do not correspond to crystalline
imperfections; the essential reason for this is that the displacements produced by these
configurations are proportional to the outer cylinder radius and hence do not vanish as the radius
tends to infinity. Volterra described the conditions under which the displacement function is
continuous but multivalued (or single-valued but discontinuous), and Love [5] gave an account
of this work in his famous treatise on elasticity. The word dislocation in English is due to Love,
who referred to Volterra’s "distorsioni® and remarked " I have ventured to call them
dislocations”.

Somigliana [6,7] developed further the elastic theory of dislocations, but the relation of
this work to the structure of the real crystals was not perceived until much later. When x-ray

diffraction techniques were used to ~xamine crystals, it very soon became evident that most real
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Fig. 1 A cylinder (2) as originally cut, and (b) to {(g), as deformed to produce the six types of

dislocations as proposed by Volierra.



crystals have imperfect structures (Darwin [8,9] ). I principal, crystal dislocations might then
have been postulated to explain the observed magnitudes of the diffracted intensities, but in fact
the model of the mosaic structure, which evolved that real crystals consisted of small crystallites,
10 to 10 cm in diameter, slightly misoriented with respect to one another, used in Darwin’s
paper became the generally accepted crystallographic description, and the problem of the
structure of the boundaries between misoriented regions was not pursued. The first suggestions
that dislocations exist in real crystals thus arose not from direct observations on structure but in
order to interpret experiments on the plastic behaviour of crystals [10,11], where plastic
deformation of metals proceeded by formation of slip bands or slip packets.

Crystalline defects similar to dislocations were discussed by Prandtl [12] and Dehlinger
[13] as a possible explanation for the large discrepancy between the theoretical and experimental
strength of a crystal. The real introduction of the dislocation into physics came a few years later,
when edge dislocations, shown in Fig. 2, were described by Taylor {14], Orowan [15] and
Polanyi [16]; these papers form the second starting points for dislocation theory. Screw
dislocations depicted in Fig. 3 and dislocations of general type were first considered by Burgers
[17]. and his classic papers mark the beginning of the systematic development of the theory.
Other important publications at this time include the Peierls-Nabarro model of calculation of the
stress needed to move a dislocation [18,19], and the first demonstration that low-angle grain
boundaries may be regarded as planar arrays of dislocations {17,20].

The progress of dislocation theory since 1945 has been too rapid to permit any short
historical summary, but for many years the existence of dislocations was disputed by some

physicists and metallurgists. The discoveries of experimental techniques for the observation of
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dislocations should thus be accorded particular significance in the development of the subject.
Careful optical, electron, field ion and x-ray microscopy have provided such an abundance of
evidence for dislocations that there can be no doubt that dislocations exist. The techniques can
be divided into five main groups: (1) Surface methods, in which the point of emergence of a
dislocation at the surface of a crystal is revealed, (2) Decoration methods for examining
dislocations in bulk crystals transparent to light, (3) Transmission electron microscopy in which
the dislocations are studied in specimens 1000-10,000 A thick (0.1-1.0 p where u is a micron
= 10* cm = 10* A), (4) X-ray diffraction which relies on local differences at dislocations in
the scattering of x-rays, (5) Field microscopy which reveals the position of the individual atoms.
Except for (5) and isolated examples in (3) these techniques do not reveal directly the structure
of the dislocation, but rely on such features as the strain field of the dislocation. The techniques

were reviewed in detail by Pashley [21].

2.2 Continuum Theory of Dislocation

2.2.1 Dislocation Line

The best description of a dislocation is obtained from a study of its formation in the
crystalline lattice. Consider Fig. 4. In the centre is the starting material, a perfect , undeformed
simple cubic lattice. (A simple cubic lattice is used for the sake of clarity. The only substance
known to crystallize in this lattice structure is the metal polonium). Cut this lattice along any of

the planes indicated in the auxiliary cubes. Let the atoms on one side of the cut shift in a
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Fig. 4 The creation of an edge, a screw and a mixed dislocation.




direction parallel to the cut surface through 2 distance, relative to the corresponding atoms On
the other side, equal to one atom spacing. Then rejoin the atoms on either side of the cut. The
new, distorted lattice is shown in the outer figures. The lattice structure itself actually is almost
perfect except near the lines AA of the various figures. The line imperfections AA in the lattice
are dislocation lines.

The three types of dislocation lines are shown in Fig. 4. If the atoms over the cut surface
are shifted in a direction perpendicular to the line AA, an edge distocation is created in the
lattice; if the shift is parallel to AA, a screw dislocation is produced; if the shift is neither
parallel nor perpendicular to AA but rather at some arbitrary angle, a dislocation having the
characteristics of both an edge and a screw dislocation is placed into the lattice. This third type

is called mixed dislocation.

2.2.2 Burgers Vector and Burgers Circuit

Consider first the Burgers vector of the pure edge dislocation shown in Fig. 5(a). Two
circuits have been drawn in this figure. The upper circuit is drawn clockwise ! around the edge
dislocation; the lower circuit avoids the dislocation. In each circuit the same number of jumps
from atom to atom are made up as are made down, to the left as to the right. The starting point
and the end point (the atoms shown solid) are one and the same atom in the case of the circuit
that does not include the dislocation. However the starting and ending points are not the same
atom for the circuit that does enclose the dis;iocation. Thus there is a closure failure in this

circuit. The Burgers vector is defined to be this closure failure. The sense of the vector is from

1 ag that is the usual convention.
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Fig. 5(a) Burgers circuit around edge dislocation. Positive direction of the dislocation line is

taken to be out the plane of the figure.

Fig. 5(b) Burgers circuit around screw dislocation.
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the beginning point of the circuit to its end point. A circuit about a screw dislocation is shown
in Fig. 5(b). In this case the closure failure leads to a vector parallel to the dislocation line.
The Burgers vector of an edge dislocation is perpendicular to the dislocation line. In the case

of a mixed dislocation the Burger vector makes some other angle with the dislocation line.

2.2.3 Stress Field of a Dislocation
Screw Dislocation

The elastic deformation around a dislocation can be represented in terms of the
deformation of a cylindrical ring of isotropic material. The ring of isotropic material in Fig. 6(2)
has been deformed to produce a screw dislocation. A radial slit LMNO was cut in the ring
parallel to the z-axis and the free surfaces were displaced rigidly with respect to each other by
a distance b, the magnitude of the Burgers vector of the screw dislocation, in the z-direction.
For details, see ref. [22]. Here, 1 just summarize the main results for later use.

A uniform shear strain u,, ( = u,, ) is produced throughout the ring which is equal to

the step height b divided by the circumference 2at , of a cylindrical element of radius r,

Uy, ™ co. (2.
The corresponding stress
Uaz'oze'Jz% ..o (2.2)

il



Fig. 6(a) Elastic distortion of a cylindrical ring simulating the distortion produced by the screw

dislocation.
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Fig. 6(b) Elastic distortion of a cylindrical ring simulating the distortion produced by the edge

dislocation.
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where g is the shear modulus. Since the displacement of the ring is produced by a shear in the
z-direction there will be no displacements in the x- and y-directions and the other stress

components will be zero.
G, = Ogg = Oy = Og, = Oy =0y, =0, =0 .. (2.3)

Thus the stress field consists of two pure shears; ag,, in radial planes parallel to the z-duzction
and o,, in planes normal to the z-axis perpendicular to the radius.

The stress fields has radial symmetry around the dislocation, ie. 0, = ub/2T and is
independent of 6. This is closely related to the fact that a screw dislocation has no extra haif
plane and cannot be identified with a particular slip plane.

In rectangular coordinates the components of stress and displacement of a screw

dislocation are

g =a -—-EQ Y
2T

xz 44 r
X2+_V2

u, = 2—iarctan—§ ... {2.4)

Edge Dislocation

The stress field is more complex than that of a screw dislocation but can be represented

13



in an isotropic ring in a similar way. Consider the edge dislocatica in Fig. 2. The same elastic
strain field can be produced in the ring by a rigid displacement of the faces of the slit by a
distance b in the x-direction (Fig. 6(b)). The strain in the z-direction is zero and the deformation

is basically planar. The stress and displacement components determined using isotropic theory

are

__ pb  y(3x%+y?)
- 2 (1-v) (x%+y%)?

pb  yix%-y?)
had 2w (1-v) (X2+Y2)2

pb  x(x2-y?)
x¥ 2 (1-v) (X2+y2)2

G,, - vig,+o,) ,

. b Ay Xy
u, o [tan x+ TS
- _.__.b_ 1-2v 2 2 XZ_YZ
u, 5 [———4(1_V)1n(x +y )+4(1—v)(x2+y2)] ...{2.5)

where » is Poisson’s ratio. The stress field has, therefore, both dilational and shear components.

The largest normal stress is o,, which acts parallel to the slip vector. Since the slip plane can

14



be defined as y=0, the maximum compressive stress (o, is negative ) acts immediately below
the slip plane. This observation is implied qualitatively by the type of distortion iliustrated in
Fig. 2.

The equations listed above have been used widely in studying dislocations problems.
There are a number of limitations which must be realised. First, the elastic solutions apply to
a ring of isotropic materials and not to a solid cylinder. Equations (2.4) and (2.5) show that
stress varies inversely with distance from the centre of ring, ie. as 1/r, and therefore it will rise
to infinity at r=0. Clearly infinite stresses cannot be supported at the centre of a dislocation and
there is a limiting radius r, below which the elastic solutions do not apply. Estimates of r,
suggest that it is of the order of 1nm. The central region of the dislocation of radius r, is
referred to as the core of the dislocation. Secondly, a real crystal is not an isotropic continuum
and in the core of the dislocation continuum elastic theory is not applicable, it is necessary to
consider the displacements of individual atoms and their interactions. These can be studied by

computer simulations.

2.2.4 Strain Energy of a Dislocation
The existence of an elastically distorted region around a dislocation implies that a body
containing a dislocation has an extra strain energy anc the strain energy per unit length of the

screw dislocations in the region from the core to the radius R is

R
_ (mb% . pb? R
E, 411:rd.r in ln(r ) ... (2.6)

I, o

15



If R is taken to be the external diameter of the crystal it follows that the elastic energy in a
crystal containing a single dislocation will depend on the size of the crystal. The corresponding

equation for the strain energy of an edge dislocation is

- BP® gp (R
E, 4n(1—v)ln(ro) .. (2.7)

Thus the elastic energy of an edge dislocation is more than that of the screw dislocation by 1/(1-
¥). For a mixed dislocation, where the Burgers vector makes an angle 6 with the dislocation line,

by superposition one finds

_ pb? [ sin’8 2 R
E, in l (l_v)+cose]ln(ro) ...{2.8)

2.2.5 Interaction Energy Between Two Parallel Straight Dislocations
Consider two dislocations parallel to each other with Burgers vectors b,and b,. £isa

unit vector along the dislocation line. The energy of the interaction per unit length is

pi{b,E) (by§) . Ry, " . R,
12 = " S 1n z, 37 (1=V) [ {(byxE) - (b;xE) ] ]_nT;_
- B b ) )
Ty ag | D) Rual [(Bx®) Rl - ...(2.9)

This equation was first developped by Nabarro {23] and is very useful in the discussion of
interactions between parallel dislocations. Note that Ry, is the distance vector between two

paralle! dislocations.
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2.3 Peierls-Nabarro (PN) Model

Begin with the edge dislocation in Fig. 2; above the slip plane the atoms are squeezed
together (in the direction of slip ), below the slip plane, the atoms are pulled apart. The shear
stress acting across the slip plane hold the upper and lower halves of the crystal in equilibrium,
Peierls [18] and Nabarro [19] treat the parts of the crystal above and below the slip plane as
elastic continua; they take account of the periodic structure of the crystal by recognizing that the
shear stress  acting across the slip plane (x direction } is a periodic function of the relative
displacement f of the adjoining atomic planes. For example, when f=b ,the atoms are again in
register across the slip plane; hence the period is b.The condition of equilibrium leads to a

relation between 7(f) and f(x) called the PN integro-differential equation

b1 dEE) . .
21r(1—v)£(x_t) Eae - < (8 ... (2.10)

In their original papers [18,19], the force law 7(f) was chosen to be the simplest form having

elastic limit for small displacement (7 = uf/d) and the periodicity of the lattice; that is a

following sine function;

. Bb ip(2n
T 21td81n( Jbf) .- (2.11)

d is the distance between the neighbouring slip planes. In this special case, the solution of (2.10)

is found by Cauchy principal to be

- Prant X, P
f(x) ntan C+2

.. (2.12)
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The parameter

d

-—2_(]-_———\;7 ...(2.13)

characterizes the dislocation width. The stress required to move the dislocation is called the

Peierls stress o, and is given by

1 _ A%
a, (l_v)exp( 5 ...(2.14)

The screw dislocation can be treated similarly to the edge dislocation. The PN integro-

differential equation is

_I-L_ 1 dfix) _
Zﬂ__x-t de dt ":(f) --.(2.15)

where the relative displacement f is perpendicular to the x direction. Proceed as outlined above

for the edge dislocation and the results for the screw dislocations are the following:
£00) - 2tant X, 2 ... (2.16)
T n 2

where

d
n- = ... (2.17)

The only notable difference for the screw dislocation is that 5 replaces ¢, where n=(1-»){. Thus

the width of the screw dislocation, 2y is less than the width of the edge dislocation.

18



Dislocation Density p(x)
The PN model has been derived by taking displacements along the slip plane as an

equilibrium continuous distribution of infinitesimal dislocations with Burgers vector density o

{241,

p(x) - % ... (2.18)

so that the Burgers vector of dislocations between x and x+dx is db = p(x} dx and

fp(x)dx-b ... (2.19)

The solution of (2.12) corresponding to the sine force law leads to one maximum on the p(x)
curve.

The advantage of the PN model is that it takes into account the periodic nature of the
crystal and yet is simple enough to apply to imperfect crystals. The chief limitation concerns the

simple sine law, which is too crude an approximation for real crystals (as will be discussed

later).
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Chapter 3. Dislocations in Monolayers

3.1 Introduction

In contrast with three dimensional (3D) solids where two types of dislocations can be
found, there is only one kind of dislocation in two-dimensional (2D) systems. It is the edge
dislocation, and it essentially corresponds to a missing or extra half line of atoms. Therefore this
kind of dislocation is low-energy thermal defect. For this reason dislocations are likely to play
an important role in 2D phase changes [25-28].

Earlier papers [29-33] reported studies on dislocations in rare gas monolayers which have
an interparticle interaction essentially of the Lennard-Jones potential (LIP) form. The
dislocations were found to have extended cores. And 60° vacancy dipoles, which can be
considered as linear arrays of vacancies, have energies quite lower than those predicted by
elasticity theory. In this thesis 1 further investigate the vacancy and interstitial dipoles in LIP
system to compare their properties with those of a system with a very short range interparticle
interaction, the nearest-neighbour piecewise linear force (PLF) interaction {33]. The emphasis
is on the asymmetry between vacancy and interstitial dipoles and the angular dependence of their
energy. | chose these two interparticle interactions because they have been and are still
extensively used to explore new properties of materials whether 2D or 3D. In 2D the LIP has
been used in particular to model melting behaviour [28,34], whereas the PLF system has been

used in a variety of problems related to the plasticity of solids [33,35-38] including melting [39].
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The LJP and PLF systems are still the first systems which come to mind when a simple model
for a new property of materials is being sought [40,41]. The PLF system is in particular
attractive because, with the triangular lattice in which it usually condenses, it behaves as a
continuum model discretized by the finite element method. For these reasons it is important to
understand well the properties of the dislocations in these two systems. The fact that one
potential is very short range (PLF) and the other relatively long range (LJP) will allow us to

comment on the effect of the range of the interparticle interaction on dislocation properties.

Elasticity Theory in 2D

As in 3D, the edge dislocation in 2D can be quantified using the notion of a Burgers
vector. First, one follows a closed circuit in the perfect crystal. One then does the same thing
on the dislocated crystal. The vectorial difference between the two paths is the Burgers vector
as in section 2.2.2. The dislocation is a structural type of defect which distorts the lattice up to
infinity. Two dislocations of opposite Burgers vectors (see Fig. 7) form a dislocation dipole.
The defect can be viewed as one or more rows of vacancies or interstitials and is a local defect.
Dislocations and dislocation interactions have been described by the continuum elasticity theory.
For example, the interaction energy between two dislocations of Burgers vectors b, and b, and
of separation R,, is given by equation (2'9)7

Because dislocation dipoles are low-energy defects in 2D, it is particular easy to create
a dislocation dipole with opposite Burgers vectors, particularly one with b, = -b,, b, = a, where
a is the lattice parameter and 6 is the angle between R;, and b. The energy then takes the

following form:
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Fig. 7 A dislocation dipole in a triangular lattice. The burger’s vectors are indicted in the

figure. This is a sample taken from a 91 x 91 system with LIP interactions. The dipole contains

17 vacancies.
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B, = 2E,,bz+Jb2[1n(5;—2) —cos?(8) ] L (3.1)

where E.is the core energy, J = K/4= where K is the 2D Young's modulus which can be

expressed in terms of the two elastic constants X and g known as the Lamé constants:

Kiﬂif%ll*—)— L (3.2)

The lowest energy dipoles have a Burgers vector b equal to a, the lattice parameter.

3.2 Computer Simulations

We first discuss some general features of computer simulations, which are included in
our calculations. The detail simulation models used are presented in the next section. We
assume that the system under consideration has a classical model Hamiltonian H. We denote a
state of the system by r = ('(t),P¥(1)), where P is the momentum and N is the number of
particles in the system. The property A to be calculated should be a function of the states of the

systen. The quantity A is then given by

_ 1
@ =2 !A(x) £(H(D)) dr . (3.3)

where Q is the phase space constituted by the set of states, Z is

z=ff(H(r)) dr .. (3.4)
Q
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And f is the distribution function of the system. The equation (3.3) is the ensemble average
with the partition function Z. The distribution function f specifies the appropriate ensemble for
the problem at hand.
The ensemble average is, however, not accessible in computer simulations. What we are
computing is a time average
t

A, - (t-t,)™ fa(z(e))de .. (3.5)

to
According to ergodicity, we allow the replacement of ensemble averages by time averages

<A> = A ...(3.86)

At this point, one of the two major limitations of computer-simulation methods arises. Clearly
a computer simulation cannot follow a path over an infinite time. The observation time is
limited to a finite path length so that actually the available phase space is a sample of the whole
space.

As well as the finite observation time, computer simulation is faced with a second major
limitation: finite system size. In general, one is interested in the computation of a property in
the thermodynamic limit, i,e., the number of particles tends to infinity. Computer simulations
allow, however, only system sizes small compared to the thermodynamic limit so that there are
possible finite size effects. In order to reduce the finite-size effects an approximation is made
that has thus far been suppressed, namely the introduction of the boundary conditions. Boundary

conditions clearly affect some properties.
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3.2.1 Periodic Boundary Conditions (pbc)

Periodic boundary conditions (pbc) are the most popular ones in a simulation of N atoms
confined to a volume V, we imagine that volume V is only a small portion of the bulk material.
The volume V is called the primary cell ; it is representative of the bulk material to the extent
that the bulk is assumed to be composed of the primary cell surrounded by exact replicas of
itself. These replicas are called image cells. The image cells are each the same size and shape
as the primary cell and each image cell contains the same N atoms, which are images of atoms
in the primary cell. Thus the primary cell is imagined to be periodically replicated in all
directions to form a macroscopic sample of the substance of interest. In order to fill all the
space, it is important that the shape of volume V is regular. This periodicity extends to the
positions and momenta of the images in image cells.

In the course of the simulation, as an atom moves in the primary cell, its images move
exactly the same way in the neighbouring image cells. Thus, as an atom leaves the primary cell,
one of its images will enter through the opposite face. There are no walls at the boundary of the
primary cell. A two-dimensional version of such a periodic system is shown in Fig. 8. The
rhombic shape primary cell is labelled A.

It is important to make sure that contributions of the image atoms have only a slight
effect on the properties of the primary cell which we are interested in. In this case, we have
to choose the size of the primary cell carefully to make it big enough to exclude the image
effects and small enough to be manageable. The correct size of the primary cell depends both
on the range of the interaction potential and the properties under investigation. For long range

interparticle interactions, the size of the cell tends to be larger. However, if we are only
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Fig. 8 A two-dimensional periodic system showing the rhombic shape primary cell A. Atoms

can enter and leave each cell across each of the four edges. In a three-dimensional system atoms

would be free to cross any of the six faces.



concerned about the average energy of the cell, we can use a smail cell. But if what we
investigate involves in part of the cell, say, the energy of the dipole, the size of the cell needs
at least to be 2-3 times the length of the dipole.

The use of pbe inhibits the occurrence of long-wavelength fluctuations. The periodicity
will suppress any atom arrangement on the boundary of the cell. Thus, it would not be possible
to simulate a complicated motion of the dislocation which is assisted by extra atoms such as

dislocation nucleation.

3.2.2 Calculation of the Forces
The correct calculation of the forces resulting from a given potential model is essential
in the construction of a proper simulation program. In general, the potential energy may be

divided into terms depending on the coordinates of individual atoms, pairs, triplets etc. :

Ve Y vz + Y v (2T ¢ Y wlrazgry ¢ .. (3.7)
1 i,7 llJlk
i>3 i>irk

The X with i>j at the bottom indicates a summation over all distinct pairs i and ] without
counting any pair twice (i.e. as ij and ji); the same care must be taken for triplets etc. The first
term in equation (3.7), v,(r;), represents the effect of an external field (for example, the substrate
field in a two-dimensional system), which is not included in our calculations. The remaining
terms represent particle interactions. The second sum over v, is the pair potential which is most
important, The pair potential depends usually only on the magnitude of the pair separation r; =
| IT; l , and is then written as v,(ry). The v, term in equation (3.7), involving triplets of atoms,

depends not only on the magnitude of the pair separations ry, Iy, I but also the bending angles
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between those pair separations. The configuration of an arbitrary set of three atoms is shown in
Fig. 9 . Atoms are labelled by i, j, k and their position coordinates r;, Tj, r,. The vectors which

separate the centres of the atoms are defined as

Lap = La~Tp . -1 4
IIE,J a*b; a,b=1,7,k ...{3.8)

Iaib

The angles between the separation vectors are 6, 8y, 6,;- Then the general form of v; can be

expressed as
V3 (I_ifrjf rt) = V3(Iij, I'jk, rki, cOos Bjik, cOSs ekjl, COSBlkJ) . or s (3 .9)

The cosine functions of those angles may be easily calculated from:

La: ' Ty
- — Ji ki
cos Bjik = cO8 Bkij = =
1 " Tki
Tos * Tos
cos B;; = cos 8, = L ——H ... (3.10)
Tiz " Lk
ST &
cos B;,; = cos B, = ==X
L. ' I;
ik ik

since the position coordinate of atom i appears in the potential energy expressions for pair and
three-body terms. Hence there will be contributions to the force on atom i from these two

sources. These contributions are evaluated by simple differentiation:

E -V, Vo (r;) + Y —Vriva(rij,rjk,rki,cosﬁjik,cosﬁkji,coseikj)
1>j
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av. Bv ov. ov-
'E‘——ZVI"‘“E: 3V 3VJ: + —32-V, I
F Pl ] r .13 Jk ry- ki
& or;; ™ i3k ! arjk I, 1
ird i»ji»k
ov. av. ov,
3 3
v — 73V cosb,, + =V _co36,, + ———V, cose ]
r Jik r kil ik,
0 cosBy; ™ dcosB,,; dcosB,; * 4

..(3.11)
We assume that the derivatives of the potentials with respect to pair separations Ty, Iy, [y and
cosine functions cosé,, cosfy;, cosby; may be readily calculated. The evaluation of the gradients
of cosine functions is more complicated. But we first calculate the gradients of pair separations

with respect to the r;

Vzil'jk-o -n-(3-12)
Tt
V.t,riu -~ Iy
i

and the gradients of the scalar products of pair separation vectors with respect to r;

Ve (Tyqg " Tyg) = ~Tyq = Iy
Vzi(rij'r”) - 2'” --.(3-13)

Vx,(r.u: TIg) = Iy
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Fig. 9 Configuration of the three atoms i, j, k with position coordinates r;, rj, Ty The angle B

is the angle between the r; and ry, ( or r; and ry). The pair separation vectors and bending

angles are used in calculating the force.
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These relations are derived with the help of the identity
V(Aa-B) = (BV)A+(AV)B+Bx (VxA) +Ax (VxB) ... (3.14)

in which the two terms involving vX vanish for the vectors involved here. The expressions

required in equation (3.11) are then

-ry-T r r
-—d1 7K . 34 k1
V€080, gt T3t [— + -]
Jitki X1 Ly I3 Thki
r r
Vp cos8;;; = —‘i’_—— + Xy ey [-Ti:!—] ... {3.15)
Tii ks T35 Ths
r r
VIICOSBJ-_IU - T ?k + ra‘rjk {"_3_"1'.*—]
ikrjk rik'rjk

The terms in equation (3.15) are easily evaluated during a simulation. In this way the force on

each atom i can be calculated.

3.2.3 Pressure

The pressure is another important thermodynamic quantity in the computer simulation.

it can be easily calculated from the virial theorem

1 Py, P
P- I ;m(—ﬁ‘-) (=2) + iz;fu-ru] ...(3.16)

33
where P, is the momentum of atom i , f;;is the force acting on atom i due to atom j and V is the
volume of the system. In general, the pressure is composed of two parts: (a) the kinetic part due

to the momentum carried by the atoms themselves and the (b) static part due to the momentum

transferred as a result of forces acting between atoms. The two-dimensional version of equation
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(3.16) is given by

1 Py . Ps .
P - “‘2—A[Zl:m "H) ("H) +§fijru] ...(3-17)
i3y

where A is the area of the system,

3.3 Computer Models in Two-Dimensional (2D) Systems

I first describe the two systems used in the calculations, they are the Lennard-Jones
potential (LJP) system and the nearest-neighbour piecewise linear force (PLF) system. The size

of the models, the boundary conditions, and the retaxation algorithm is then discussed.

3.3.1 The LJP System and the PLF System

The LIP or 6-12 pair potential in Fig. 10 is well known. It is given by

V= 4802 - (2)"] ... (3.18)

The LJP provides a reasonable description of the properties of rare gases, via computer
simulation, if the parameters € and o are chosen appropriately. The potential has a long-range
attractive tail of the form -1/r°, essentially due to corrections between the electron clouds
surrounding the atoms ('van der Waals’ or "London’ dispersion ). In addition, for charged
species, Coulombic terms would be present. There is a negative well of depth € at 2'%0,

responsible for cohesion in condensed phases. Finally, there is a steeply repulsive wall at short
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Fig. 10 The Lennard-Jones potential (solid line) and force (dashed line). The unit for potential

is € and for force is e/o.
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distances less than r ~ g, due to non-bonded overlap between the electron clouds. See in Fig. 10,

the force that results from the LIP is

av 1 -
Lt € 2(237- (2] . (3.19)
r Ir

By convention, repulsive forces are positive while artractive forces are negative.
Another system which has been studied is the nearest-neighbour picewise linear force
(PLF) potential (see Fig. 11). The PLF potential is a simple albeit physical interparticle potential

which yields a linear restoring force between the nearest-neighbour particles. The potential is

given by
Vak(r-dg)*-kw’, r<d,+w,
Vorel(r) = {' 1/{2"(r"d<:;'2c'3)2. d0+w<l"5do+2u. ...(3.20)
0, r>d,+2w.

w is taken to be 0.15d, as in Ref. [38). There is no strong core repulsion in this potential and
this leads, as we will see, to some peculiar properties of the dislocations. The well-depth is
0.0225xd,” at equilibrium lattice constant d, And the attractive part is very short only 0.3d,
long. For this short range potential the interactions between the atoms include only the nearest
neighbours.

The PLF potential consists of two parabolic functions and the force derived from this

potential is continuous and formed by two linear segments:

"‘(r'do)a rs d'0+ui
s = { 20, du<r=detdo,  ..{3.21)
0, r>dy+2w.

As seen from Fig. 11, for all values of r < 1.15d,, this potential is equivalent to a purely

harmonic Hooke’s-law interaction.
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Fig. 11 The nearest-neighbour piecewise linear force (PLF) potential (solid line and force

(dashed line). The unit for potential is xd,? and force is xd,.
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3.3.2 Reduced Units
The parameters € and o are used as units of energy and length. respectively in the LIP
system. It is also natural to use the mass of the atom as another fundamental unit. From these

definitions, units of other quantities (pressure, force etc) can be determined.

energy E'=E/e
length L'=L/o
mass m=1
density p'=pld
pressure P'=Pd*/e
force f=fo/e

For the PLF system, the parameter xd*, d,, mass of the atom are used as units of energy,

length and mass respectively. The list of other quantities is

energy E'=E/xd,’
length L'=L/d,
mass m'=1
density o' =pldy’
pressure P'=Pdy*/x
force £ =f/xd,

The use of reduced units avoids the possible embarrassments of conducting essentially
duplicate simulations. There are also technical advantages in the use of reduced units. If
parameters such as € and ¢ in the LIP system have been given a value of unity, they need not

appear in a computer simulation program at all; consequently some time will be saved in the
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calculation of potential energies, forces etc. Of course. the program becomes numerically

identical for the thermodynamic variables.

3.3.3 Simulation Model

The Bravais lattices of the system that I have studied are hexagonal. Periodic boundary
condition (pbc) is used. It might be noted that when using pbc significant influences on the
energy from dipole-image dipole interactions occur only when the dipole separation exceeds
about 60% of the block size. To minimize this problem, my computer model consisted of a
periodic array of lozenge-shaped disks with atoms from 51 to 91 on the side.

The LJP System

I used a slightly compressed sysiem with a lattice parameter a=1.09 ¢ (equilibrium lattice
constant is a,=1.120) in order to compare with previous results [29]. This corresponds to the
situation occurring for Xe adsorbed on graphite.

The potential was truncated at 3a, where the potential is just about 0.28% of the well
depth. Of course the penalty of applying a circular cutoff is that the thermodynamics properties
of the model will no longer be exactly the same as for the non-truncated LJP system. Since the
potential is real small when the pair separation is greater than the cutoff distance, I am not
surprised that the results of the system in which the potential was truncated at 5a, are almost the
same as those truncated at 3a,.

A dipole was placed in the middle of the system by supposing that the displacements of
the atoms from perfect lattice positions are given by elasticity theory--equation (2.5) with

Burgers vector b = a. The zero temperature elastic constants for the central LJP interactions are
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given by the well known formulae 30].

_ R(1) -T(1) i

R JEAL LSl Cih Ly BIZU 22 () (% (D) 2% (D]
-y 2 Ly RO -TUD g Z . (3.22

A 13,2 T(I)r (l)+2AO ] 27 D) r2 (1) r? (1) ( )

where A, is the atomic area, t{l) is the distance of the /th neighbour and ri(l) its ith component.

A and p are Lamé constant, and v is Poisson’s ratio defined with the additional relation.

A

22—(?;?1-)_ .(3.23)

The force constants R(l) and T(l) are given in terms of the potential V(r) by

2
Ry = 2¥L T(1) v o (3.24)
dr r=ril) r=r(l}

Hll—‘
n.‘a.

The displacements produced by the two dislocations forming a dipole are added linearly.
Applied to a lozenge shaped disk the formulae (2.5) and (3.22-3.24) produce an additional row
of atoms on the edge (for the vacancy dipole ) which is removed or a missing row of atoms on
the edges (for the interstitial dipole ) which is filled. The size of a dipole is decided by the
numbers of atoms removed or filled. And the angle of a dipole refers to the angle between the
Burgers vector b and Ry, the vector joining the two dislocations. Fig. 12 shows the
configurations of dislocation dipoles of various sizes and different angles. () and (b) in Fig.
12 correspond to a 30° and a 60° vacancy dipole with the same size 11 and (c) corresponds to

a 60° interstitial dipole with size 13.
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Fig. 12 Configurations of dislocation dipoles with various angles 6 , which is the angle between
the Burgers vector of the dislocation and the R, the vector joining the two dislocations, and
different sizes the numbers of atoms removed or filled between the dipole. (a) 30° vacancy
dipole with size 11 (b) 60° vacancy dipole with size 11 and (c) 60° interstitial dipole with size

15.
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The PLF System

The calculations use the same simulation model as in the LJP system - Bravais lattices,
boundary conditions. A slightly compressed system with a lattice parameter a=0.971 d,
(equilibrium lattice constant is a, = do) in order to compare with the LIP system. The Lame

constants are given by [37]

b= (L) (4-3F)

yo Dy sEea L 3025)

where p is the density relative to the stress-free density, i.e. 1.000 and 1.061 for the equilibrium
and the compressed system. These elastic constants were used t0 set up the starting
configurations for the dislocations as outlined for the LIP system.

Calculations also used groups of four dislocations placed in the corners of a lozenge so
that total Burgers vector of the dislocation group is zero. A typical arrangement of dislocations
is showr. in Fig. 13. The size of the lozenge is 17a. The arrows in the figure correspond to the

Burgers vectors of each dislocations.

3.3.4 Dipole Energy

Since the system simulated is compressed , an artificial external pressurizing fluid is
necessary (0 maintain the system in equilibrium. Calculations must be performed at constant
area. while the experimental environment is one of constant pressure p,. The starting point of

ali calculations are the solutions given by elasticity theory, which ensures that to leading order
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Fig. 13 A Typical dislocation arrangements of a lozenge. Arrows represent Burgers vectors

of each dislocation. As we can see that the total Burgers vector is zero for this configuration.
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the pressure is maintained at p,. However, because of contributions from the core region and
inelastic behaviour in general, the assembly relaxed at constant area will have an internal
pressure p which is not equal to the external pressure p,, and to allow for this a correction to
the constant-area defect energy is necessary. A Tayor expansion with respect to area change aA

of the total energy E of the imperfect assembly yields an energy change

- 9Eps. 1 OF 2
AE = SZAA S =2 (AA) +p AA ... (3.26)

The last term is the work done by the external pressurizing fluid. Equation (3.26) can be

rewritten as

AE = - (p-p,) AA+—2% (AA)?2 ... (3.27)

where K is a constant. This expression is easily minimized with respect to aA to determine the

area change to convert to constant-pressure condition yielding

A
AA = —I—{(po—p) ... (3.28)

It can be verified that the internal pressure after applying the correction (3.28) equals the
external pressure p,. The constant K in correction (3.28), however, depends on the
characteristics of the dipoles. A lot of effort have been put into deciding the K for each
individual dipole. The energy of a defect E; is obtained by taking the difference between the
energy of a defected system E, and a perfect system E, with the same number of atoms and at
the same pressure and subtracting the work done by the pressurizing environment to deform the

system. This work is simply equal to pressure times the area change. In other words, as
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illustrated by the following equation, if we take a perfect system and deform it to produce a
defect, the energy change E,-E, measured by a simulation consists of the energy of the defext

plus the work done by the pressurizing environment:
E,-E, - Ep+p(-AA) ... (3.29)

If upon introduction of the defect the area change is negative, positive work is done by the
environment. On the other hand, if the area change is positive, which is the expected behaviour,
negative work is done by the pressurizing environment, and this has to be added to the energy
difference between the defected and the perfect systems. The sign in equation (3.29) is easy 10
understand. If a defect was created the energy difference would simply reflect the energy

increase or decrease due to the change in the lattice constant.

3.3.5 Relaxation Techniques

The calculations were performed using stztic relaxation techniques. During the relaxation
procedure, each atom was displaced through a distance proportional to the force until the
maximum force fell below a critical value. The area of the system was then adjusted to restore
the pressus. f the perfect system. The system was considered to have reached the ground state
when the maximum atomic motion decreased below 0.00001a immediately after a surface change
required to get the exact value of the pressure. Normally, for the LIP system, 8000 relaxation
steps were sufficient for a large angle dipole containing 21 vacancies but 20000 steps were
required for small angle dipoles. The typical CPU time required for one relaxation procedure
is approximately 20000 seconds (5.5 hours) for a LJP system with 91x91 atoms in our

mainframe computer system. However, only one fifth of CPU time is required for the same
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relaxation procedure in 2 PLF system. To avoid settling into a metastable state, the system was
disordered with random displacements. All the results remain the same.
Neighbour Lists

The most time-consuming part of a computer simutation program is the calculation of the
forces on the atoms. For a system of N atoms, forces are computed by sampling, at each time
step of the simulation, tAN(N-1) unique r; distances. But when a truncated potential is used, the
force equals zero for any T; > T, (where t_ is the potential cutoff distance described earlier which
is 3¢ for LIP); consequently, evaluating distances r; that are greater than r, wastes computer
time.

This wasted time can be saved by using a bookkeeping scheme such as that originally
devised by Verlet [42]. The computer cell is divided into numbers of small mesh cells with
length slightly larger than the cutoff distance shown in Fig. 14, for the LJP, the length of the
side of the mesh cell is 3.3¢. For each atom i, say in mesh cell a, the forces acting on the atom
i are nonzero only from atoms in cell @ and in the neighbouring mesh cells, for 2D, 8
neighbouring mesh cells. The list of those atoms is kept for each atom i, which identifies those
atoms that contribute to the force on the atom i. The same neighbeur list is used during the
simulation and it is updated only when there is an atom crossing the boundary and reentering
from the other side of the cell due to pbc. The length of the mesh cell is larger than r_ so that

atoms can cross I, and still be properly considered in evaluating the force on atom i.

3.3.6 Finite Size Effects

As we discussed in 3.2 section, to eliminate the finite size effects is an important
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Fig. 14 In the force calculation, the primary cell is divided into smaller mesh cells with size
slightly larger than cutoff distance. Contributions to the force f, on atom i in mesh cell a are

nonzero only from atoms j in cell @ and the 8 neighbouring cells.
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consideration in computer simulations. During the computer simulation, we found that the
dislocation dipoles in the LJP are mobile whereas for the PLF system they are pinned. This
gives us an opportunity to estimate the importance of finite size effects on the energies of dipoles
in the PLF system. Our calculations involve atoms, from 2601(51x51), 5041(71xX71) to
8281(91 x91) in the PLF system, for the same dislocation arrangements. The anergies of various
sizes of 30°,60° vacancy dipoles and dislocation lozenges in three different PLF systems are listed
in Table 3.1.

Plots of energy vs 1/N are shown for 30° vacancy dipoles (Fig. 15(a)) and dislocation
lozenges (Fig. 15(b)), where N is the number of atoms. The sizes of vacancy dipoles are from
3 to 21 and the sides of the lozenges are from 5a to 21a. It can be seen that the dislocation
energy is essentially linear in 1/N as predicted by Ref. 43. The N dependence is large and varies
strongly with the dislocation separation and arrangements. For the dislocation dipoles, the N
dependence with 1/N has the positive sign and energies of dislocation lozenges have a negative
1/N dependence. And the larger the dipole sizes or the lozenge sizes, the stronger the N
dependence. Thus, to get precise values of the energies, extrapolation to the infinite system is
required.

However, for our calculations, we are only concerned with the lattice configurations and
the general features of the energy variations not the precise energy values of the individual
dipoles. As we investigate the dislocations in the different sizes of systems, we found that the

configurations and energy variations for both LIP and PLF system remain the same.
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TABLE 3.1 Energies of dislocations in finite size PLF systems. N is the number of aioms.

(a) 60° vacancy dipoles

dipole size | dipole energy (xd,?) | dipole energy (xd,’) | dipole energy(xd,?)
N = 8281 N = 5041 N = 2601
1 0.1069 0.1067 0.1069
3 0.2733 0.2733 0.2734
5 0.3169 0.3169 0.3174
7 0.3421 0.3423 0.3427
9 0.3615 0.3614 0.3623
11 0.3769 0.3774 0.3785
13 0.3901 0.3907 0.3921
15 0.4018 0.4021 0.4041
17 0.4116 0.4132 0.4151
19 0.4206 0.4218 0.4253
21 0.4293 0.4305 0.4347
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(b) 30° vacancy dipoles

dipole size | dipole energy (xkd,?) | dipole energy (xd,?) | ipole energy(xdy’)

N = 82381 N = 5041 N = 2601
3 0.2835 0.2837 0.2844
S 0.3210 0.3216 0.3236
7 0.3471 0.3484 0.3521
9 0.3672 0.3697 0.3760
It 0.3848 0.3883 0.3981
13 0.3994 0.4050 0.4196
15 0.4132 0.4208 0.4411
17 0.4263 0.4361 0.4634
19 0.4386 0.4512 0.4867
21 0.4508 0.4669 0.5106
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(c) dislocation lozenges

size of total energy (kdy?) total energy {xd,") total energy(xd,’)

lozenge (a) N = 8281 N = 5041 N = 2601
5 0.6173 0.6163 0.6146
7 0.6787 0.6773 0.6742
9 0.7245 0.7218 0.7172
il 0.7545 0.7506 0.7456
13 0.7795 0.7756 0.7683
15 0.8004 0.7957 0.7873
17 0.8183 0.8129 0.8036
19 0.8341 0.8280 0.8178
21 0.8479 0.8413 0.8300

3.4 Dislocation Dipoles in the Lennard-Jones Monolayer

3.4.1 The Core and Interaction Energies
We first looked at the dependence on the size of the dipole. The starting configurations

were 60° elastic dipoles which are linear arrays of interstitials or vacancies. In the process of
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relaxation the small residua! stresses in the core were sufficient to permit the glide of the
dislocation away from the starting 60° direction: a consequence of the high mobility of the core
in this system [32]. Since the quantities of interest were the core energy E and the interaction
parameter J we plotted the dipole energy E;,as a function of In(R,,/a)-cos’d or In(nsin60°/sind)-
cos?, where n is the vacancy content of the dipole (see Fig. 16). This eliminated the effect of
the glide noticeable in particular for larger dipoles. For our 91X91 size samples, to minimize
the effects from the images dipoles in the periodic cells the maximum size we considered was
n=21. The results of Ref. [29-32] are reproduced. In that reference the full Aziz potential was
used for the Xenon and Krypton interparticle interactions which is essentially a Lennard-Jones
type of potential. The large departure in the vacancy dipole energy is observed over many lattice
sites (~15) and appears to remain significant over twice that length. The interstitial dipole
becomes rapidly elastic. The difference in behaviour is explained by the asymmetry in the
potential between expansion and compression. The hard repulsive core in the interaction potentiai
is to be contrasted with the softness of the large distance interaction. These make the energies
of vacancies much lower than that of interstitials. The lowest energy vacancy dipole
configurations exploit the low energy of the vacancy. Gliding of the dipole by one atomic line
away from the 60° configuration creates a five- fold coordinate vacancy (FCV) configuration in
each core (see Fig. 17). At smaller angles more usual core structures are found (see Fig. 7) but
the vacancy character is still quite noticeable. In Fig. 7 a clear linear interface between expanded
and compressed regions can be observed which extends over quite a few lattice sites along the
Burgers vector. The energy in this core region is mainly in the form of a misfit energy. These

are precisely the assumptions inherent in the Peierls-Nabarro model [22].
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The interstitial dipole energy can be used to extract a core energy (Ep). If the elastic
value 10.63¢ is used for J. Eca’ = 8.82¢ for our system under slight pressure. The quantities

E. and J are sensitive function of the lattice constant [29-32].

3.4.2 Angular Dependence of the Vacancy Dipole Energy

Dislocations glide along the direction of their Burgers vector. In a dipole the two
dislocations interact strongly. Elasticity theory predicts, as follows from equation (3.1), that the
minimum in the dipole energy occurs at angles 45° and 135°, symmetric with respect to the 90°
orientation. The FCV configuration competes with the elastic forces to produce a much weaker
angular variation than predicted by elasticity theory for angles between 45° and 135° (see Fig.
18 and 19). Fig. 18 shows the angular variation predicted by elasticity theory. It is a quantity
independent of the size of the dipole. There is a local maximum at 90° and the rise below 45°
is fairly rapid. The energy difference between the 45° and 9Q° configurations is 0.15]. With the
elastic value J = 10.63¢ this is 1.59¢. What is called "pseudo-elastic” in Fig. 18 is the variation
predicted by using the elastic formula of equation (3.1) with E¢ and J parameters obtained from
the energy variation in the vicinity of the dipole size being considered.

The results of our numerical calculations are shown for a particular size in Fig. 18 and
for a variety of sizes of vacancy dipoles in Fig.19.

The same overall behaviour is observed from 21 vacancy dipoles down to sizes as small
as 9 vacancies. Between 45° and 135° the energy variation is significantly smaller than the
prediction of elasticity theory. There is still a broad maximum centred around 90° but the energy

rise is about 0.05J varying little for the different sizes of dipoles (for a 19 vacancy dipole the
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energy rise is 0.49¢ = 0.0461), and the minimum is closer to 60° than to 45°. The dipoles rest
in a broad potential well and the key parameter for the above range of angles is their vacancy

content rather than their angles.

3.4.3 The Small Vacancy Dipoles

The small vacancy dipoles have been studied previously [29-32]. Here I discuss some
new results obtained by considering different starting configurations with displacements predicted
by elasticity theory. The trivacancy when started at a small angle @ relaxes into a triangular
configuration but for larger angles (45° to 90°) it relaxes into a linear defect oriented along the
60° direction. Interestingly the two defects have exactly the same energy within the accuracy of
our calculation. At finite temperature the linear defect is expected to be favoured because of its
higher entropy. For the pentavacancy, all initial configurations from 20° to 90° relaxed into a

single arrangement, the 60° line of vacancies.

3.5 Dislocation Dipoles in the PLF Monolayer

3.5.1 Dipole Energies

Fig. 20 shows the variation of the energies of 60° dipoles for the monolayer with the
equilibrium lattice parameter and Fig. 21 for the compressed monolayer. As for the LIP system
vacancy and interstitial dipoles do not have the same energy. In this case it may appear a little

surprising since the interparticle potential is parabolic and previous studies give no hint of
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significant departure from elastic behaviour [38]. Pressure also changes the behaviour of the
system considerably. In general interstitial dipoles are lower in energy than vacancy dipoles. A
common feature in this system is that the lattice compresses upon introduction of the dislocation.
a result of the weak core repulsion in the PLF force system. The short vacancy dipoles in the
uncompressed system are an interesting anomaly very reminiscent of the vacancy dipoles in the
LJP system. They are lower in energy than the interstitial dipoles and exhibit a more standard
positive area correction. These results can be explained by comparing the energies of the single
vacancy and interstitial defects.
The Zero Pressure Lattice

[n the zero pressure lattice the monovacancy has a very low energy about half the
interstitial defect value. This leads to a situation comparable to that observed in the LIP system.
The small vacancy dipoles displace slightly to form a FVC (see Fig. 22(a)) and these dipoles
have a lower energy than the interstitial dipoles (see Fig. 22(b)). These latter differ from their
counterparts in the LJP system because the weak core in the interaction potential makes the
interstitial itself of relatively low energy. The interstitial dipole energies are below the elastic
line instead of above as in the LIP system. For dipoles with more than 9 vacancies an abrupt
jump in energy is reported in Fig. 20. This reflects a change in character in the vacancy dipole
to a behaviour more typical of the PLF system with energies higher than for the corresponding
interstitials dipoles. as stated in Ref. [33] with w =0.15 or a range of 1.30d, the core of the
dislocation has one broken bond. This broken bond is on the vacancy side of the core. So it will
be on the inside of a vacancy dipole. There will therefore be increased disorder in the region

separating the two cores in a vacancy dipole compared with the more ordered configurations
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observed for interstitial dipoles. We attribute the higher energy of the large vacancy dipoles to
this disorder. By carefully choosing the dipole angle in the initial configuration the FCV
configuration can be reproduced even for large dipoles yielding energies falling on a curve
extending continuously from the small dipole values but these now are special configurations
anomalous to the typical behaviour. Except for that very specific configuration the vacancy
dipoles will have energies above the corresponding interstitial dipoles with energies close to the
60° configuration reported in Fig. 20. This is in contrast with the LIP system where the FCV
configuration is a smooth minimum.
The Compressed Lattice

With the application of pressure on the lattice, the vacancy energy rises and the
interstitial energy decreases. For the lattice parameter that we have considered 0.971d, the two
elemental defects have energies very close to each other. The interstitial dipoles now show
energetic behaviour similar to that observed in the vacancy dipoles of the LJP and zero-pressure
PLF systems, The five-fold coordinate interstitial is a natural feature of the core so there is no
special configuration to comment on (see Fig. 23b). The interstitial dipoles are lower in energy
than the vacancy dipoles with the exception of the monovacancy. Fig 23a shows a typical
vacancy dipole. Our choice of lattice parameter is the beginning of a reversal in role between
interstitial and vacancy dipoles.

Except for the monovacancy all defects show negative area corrections.

3.5.2 Core Energies

The core energies Ec in this system are large compared with the interaction parameters
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Fig. 23 Typical configurations for small dipoles in the compressed PLF system: (a) vacancy and

(b) interstitial dipoles.
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J. The ratios E./J are consistently higher than one. For the two lattice parameters considered d,
and 0.971d, using J paiameters obtained from elasticity theory, we find E¢ equai to 0.1018 xd,’
and 0.0963 xd,? , respectively (in accord with Ref. 38 where for lattice parameter of 0.953d, and
E. of 0.0896 «d,” is reported.) If our numbers are compared with the corresponding J values
0.0919 «d,? and 0.0820 «dg’, Ec/] is equal to 1.11 for the zero pressure system and 1.17 for the
compressed system. The variation of ail these energies with pressure differs with the behaviour
observed in the LIP system. In the LJP system both the core energy E. and J increase with
pressure [29-32], whereas in the PLF system they decrease, a consequence of the soft core. This
suggests that when dealing with problems involving high pressure waves it will be easier to

create dislocation pairs in the PLF system.

3.5.3 Angular Dependence of the Dipole Energies

Except for the anomalous configurations involving a FCV the angular dependence is what
is predicted by elasticity theory with a minimum at 45°. Fig. 24 shows a typical result for the
compressed lattice. A constant shift is observed from the results of the simulations because the
asymptotic elastic regime is not fully reached. The "pseudo-elastic” curve (obtained by using the
elastic formula of equation (3.1) with E¢ and J parameters obtained from the energy variation)

reproduces more faithfully the observed angular dependence of the energy.

3.5.4 Dislocation Lozenges
If we apply the principle of superposition to a dislocation lozenge (see Fig. 14), we

expect the energy of the complex to be equal to the sum of the energy of a 30° dipole plus the
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energy of a 60° dipole plus twice the interaction energy of two dislocations with their Burgers
vectors at angle 60° and plus twice the interaction energy of two dislocations with their Burgers
vectors at angle 120°. Since the latter two terms cancel each other, the energy of a lozenge is:
E (lozenge) = E( 30° dipole) +E(60° dipole)
The extrapolated energies of dislocation lozenges, 30° vacancy dipoles and 60° vacancy dipoles
are listed in Table 3.2 along with the energies of the sum of two kinds of dipoles.
As we can see from column 4 and column 5, the results of the elastic superposition and

the computer simulation of dislocation lozenge are in good agreement.

3.6 Relevance to Melting (if any)

It is interesting to comment here on the debate of the melting of the two-dimensional
solid [28,34]. One possible mechanism involving dislocations was proposed a few years ago in
a theory developed by Kosterlitz and Thouless [25), Halperin and Nelson [26], and Young |27]
(KTHNY) which predicted that the melting of a 2D solid occurred by the unbinding of the
dislocations dipoles and proceeded via an intermediate hexatic phase where long range positional
order was lost but orientational order was preserved. This was quite unlike the melting transition
observed in 3D bulk solid, which is first order. The theory caused a great deal of interest,
spawning numerous experimental studies and computer simulations on a variety of 2D systems.
But the two types of studies do not agree on the nature of the phase transition [28]. Experiments

indicate in some cases a second-order phase transition. Computer simulation however reveals
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Table 3.2 Energies of dislocation lozenges (EJ), 30° dipoles (E{30%) and 60°

The units of energies are xdy’.

dipoles (E(60%).

size of lozenge or E(30% E(60% E(30%) +E(60% E,

the size of dipole
5 0.3200 0.3168 0.6368 0.6187
7 0.3451 0.3417 0.6868 0.6808
9 0.3635 0.3617 0.7252 0.7289
11 0.3795 0.3761 0.7556 0.7606
13 0.3906 0.3891 0.7792 0.7857
i3 0.4014 0.4011 0.8025 0.8078
17 0.4111 0.4092 0.8203 0.8269
19 0.4188 0.4187 0.8375 0.8436
21 0.425% 0.4274 0.8533 0.8582
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a more complicated picture. The nature of the phase transition is found to be dependent on the
potential used. Melting becomes smoother as interaction potential becomes smoother. The
question is whether the trend to smoother melting transitions also coincides with dislocations
properties closer to those predicted by elasticity theory.

Several reasons have been pointed out to account for the discrepancy between
experiments and computer simulations [28]. T will mention two. First the existence of a third
degree of freedom in the experimental studies raises the possibility that the observed continuous
transition is not of the KTHNY type. Secondly, the KTHNY theory implicitly relies on two
assumptions. The first assumption is that elasticity theory accurately describes dislocation
interactions. The second assumption is related to the fact that for the dislocation dipoles to
unbind, they have to be able to move freely. Thus the Peierls stress (PS), which is the stress
necessary to move one defect by one lattice site, has to be negligible. According 10 our
calculations, we found that in the LJP system dislocations are mobile whereas for the PLF
system they are pinned. This means that the PS in the PLF system is much higher than in the
LIP system, which indicates that only the LIP system is a suitable candidate for a KTHNY type
of melting. Other melting mechanisms have also been proposed such as the grain-boundary
theory of melting by Chui [44]. The predictions of these theories also depend on the properties
of the dislocations.

If equation (3.1) holds, and if Ec ~ J, then it will be energetically favourable for the
dipoles to aggregate. The logarithmic dependence of the dipole energy cn the separation of the
dislocation favours an increase in their sizes and density when the temperature increases. After

reaching a critical temperature, the dislocations unbind, effectively destroying the long-range
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positional order, but atlowing the solid to kecp a long-range orientational order. Then, at a
second critical temperature, the dislocation cores separate into disclinations, and the solid turns
into a true liquid.

Through Monte Carlo simulations on a dislocation vector system, Saito [45] showed that
for the small core energy Ec/J =0.57, the melting was first order whereas for the larger core
energy 0.82 it was continuous. These are, however, not the actual parameter values used by
Saito because in his simulations he used a grid with a lattice parameter of 2a. At a given
temperature there is a competition between the creation of new dipole pairs which each require
an energy 2E+JIn2 when the lattice parameter is 2a and growth of existing pairs which require
an energy JIn(1+2/R;y) =2]/R,, (for large R, for an increase of one lattice site. The
corresponding values for a lattice parameter of a are 2Ecand J/R,,. The coarsening of the grid
in Saito’s simulations would tend to require large core energies to obtain continuous melting
behaviour. The values 0.57 and 0.82 correspond to 0.46 and 0.58 in a simulation for a grid of
jlattice parameter a instead of 2a. What Saito seems to have shown is that for Ec/J =(.46 the
melting is first order while for 0.58 it is continuous placing our value of 0.83 of the LIP system
decidedly among large core energy values. Within this framework LIP systems are then expected
to have a continuous melting transition when they are sufficiently large. If a Saito [45] type of
simulation was performed on the PLF system with E./J = 1.17 a continuous melting transition
would also be predicted. However, such a transition is not observed in the molecular dynamics
simulations performed by Combs [39]. His simulations support the grain boundary theory of
melting of Chui [42]). The possible reason for this discrepancy is that the PS is too high in the

PLF system to prevent the simply applying the Saito’s results. The question remains as to what
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role the extensive core region would play beside the finite size effects {28]. and whether the

melting kinetics are well represented by the type of Monte Carlo simulation done by Saito [43].

3.7 Conclusion

The first overall conclusion is that departures from elastic behaviour are more significant
than one would have expected. Even in a system such as the PLF system where the forces are
all harmonic, the region where the dipoles behave nonelastically is fairly extended and the
asymmetry between interstitial and vacancy dipoles significant. Comparison between the
properties of the dislocations in such different systems as the LJP and PLF monlayers shows that
the key parameters are the energies of the vacancy and interstitial defects. When the vacancy
energy is lower than the elastically predicted core energy value, the lowest energy configuration
for a vacancy dipole is a FCV configuration. In the LJP system vacancy dipoles are lower in
energy because the LIP system is softer under expansion than compression whereas interstitial
dipoles tend to be lower in energy in the PLF system Decause of its soft core. The non-elastic
behaviour is larger in both range and magnitude in the LJP system but it is far from being
negligible in the PLF system. In the longer range LIP system the dislocations are harder to form
than in the PLF system but easier to move. In the short range PLF system they are easy (0 form
in particular in the compressed systems but hard to move.

These studies therefore reveal that in two dimensions dislocation properties depend

sensitively on the nature of the interparticle interactions.
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The implications of these results on the melting of two-dimensional solids are mainly in
helping to better define the source of the controversy existing on the nature of this transition in
two well studied systems. Dislocation core energies are found to be large in both the LJP and
PLF systems, in particular in the latter one. A Monte Carlo simulation on a dislocation vector
system similar to what has been done by Saito [45] would lead to continuous melting scenarios
for both systems. This is, however, not what is observed (see Ref. 34 for LIP systems and Ref.
19 for the PLF system). Maybe the specific properties of the dislocations which are ignored in
the Monte Carlo simulation such as the Peierls stress play a key role in the melting kinetics. For
LJP system an argument has been made in terms of finite size effects because of the large core
region [28]. In the PLF system the short range of the potential inhibits dislocation mobility and
could favour the clustering of defects and hence a grain boundary type of melting [42]. The lack
of agreement in the predictions of the different approaches demonstrates also the difficulty in
simulating the melting of systems where macroscopic defects such as dislocations are expected

to play a key role.
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Chapter 4. Peierls-Nabarro model of dislocations in

silicon with generalized stacking-fault restoring forces

4.1 Introduction

There are several reasons why the study of dislocations in silicon is important. In Si, an
elemental covalent semiconductor crystallizing in the diamond structure (Fig. 25), the
dislocations have a high-energy and high-frictional resistance. This makes it rather easy to grow
crystals with a low dislocation density. Since plastic glide occurs by dislocation motion, Si and,
as a matter of fact, the other elements in the same column of the Periodic Table having the
diamond structure, are ideal systems for the study of plastic deformation. On the other hand,
over the last few years a new generation of optoelectronic devices has been developed from
heterostructures made from lattice mismatched Si-Ge alloys [46]. The performance of these
devices can be severely impaired by the presence of dislocations. Understanding the properties
of these defects is therefore crucial in the design of the new devices.

Quite a few reviews discuss dislocations in Si (see Refs. 47-52], which have been studied
for many years. Although the experimental studies are extensive, a comprehensive picture of
dislocation generation and mobility is not yet available. The overall geometry and topology of
the core structures are understood, but little has been done quantitatively on the microscopic

properties such as the Peierls stress of the dislocations and the shuffle-glide controversy [50,51].
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Fig. 25 A diamond cubic unit cell.
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The recent first-principles calculations of the generalized stacking fault (gsf) energies
[53,54] have provided reliable values for the restoring forces occurring close to the core of
dislocation. We have replaced the sinusoidal restoring force in the original PN model with the
restoring force calculated from gsf and used these results to compute the low-temperature
dislocation profiles, core energies, and Peierls stresses for the full and partial dislocations of Si
within the framework of the Peierls-Nabarro model [18,19,22]. Vitek and co-worker [55-57]
have compared the results of this model with those of atomistic calculations and have shown that
for planar dislocations it gives reasonable results. Meanwhile the modern potentials [58] fitted
to larger data bases and nominally including electronic effects are expected to provide a better
description of dislocations in silicon. In the next chapter, various dislocations are studied by
using atomistic relaxation on a silicon lattice modelled by an empirical potential - Stillinger-

Weber potential [58]. The comparison of the results from these two models is discussed.

4.2 Dislocations in Silicon

The diamond cubic structure into which Si crystallizes is formed of two interpenetrant
face-centre-cubic (fcc) lattices (see Fig. 25). The dislocations are, therefore, expected to be
similar in these two crystal structures. In the fcc lattice the main slip plane is the {111} plane
and the major slip direction is (110). The smallest Burgers vector is 1/2(110). At high
temperatures slip has also been observed in the {110} and {100} planes along the same (110)

directions. There is a low-energy stacking fault in the {111} plane for the displacement of
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1/6{112). This permits the dissociation of perfect dislocations into two imperfect dislocations

with partial Burgers vectors. For instance,

L 7oT) -L 711+ L
—5[101] 6[211]+6[1 2] L. a1

Such decomposition reduces dilation and compression on both sides of the slip plane. The
imperfect dislocations obtained are glissile on the (111) plane and are known as Shockley
partials. These partials are separated by a stacking fault, whose size is determined by the balance
of 1/r repulsion between the partials with the attractive force resulting from the stacking fault.

The above characteristics are also found in the diamond lattice. The stacking-fault energy
is, however, expected to be even lower than in the fcc lattice. In the diamond-lattice atomic
layers come in pairs. So instead of having distortions in the second-nearest-neighbour planes the
distortions in the bonds occur in the fourth nearest-neighbour planes. And since, ina covalently
bonded structure such as the diamond lattice, atoms interact mainly with their nearest
neighbours, these interactions will be weak. For Si one typically quoted value for the intrinsic
stacking fault energy is 69 mJ/m? or 55 meV/unit cell area [22,501].

In both the fcc and diamond cubic lattices there are two perfect dislocations with Burgers
vectors and dislocation lines along (110) directions, a pure screw and a 60°dislocation, the later
term arising from the 60°angle between the direction of the dislocation line and the Burgers
vector. The difference is that in the diamond cubic lattice there are in principle two distinct
{111} glide planes (see Fig. 26), one called the glide plane, situated in between two close-packed
planes of different index, and the other the shuffle plane, separating two planes of the same

index cutting through bonds oriented perpendicular to the {111} plane. These two planes
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Fig. 26 A diamond cubic lattice projected normal to a (1 -1 0} plane.
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lead to two sets of dislocations. The glide set, with properties very similar to those observed in
the fec lattice, can dissociate into two partials separated Dy a low-energy stacking fault; for the
screw two 30° partials and for the 60°, a 30°, and a 90° partial. The dissociation of a 60° glide
dislocation into two partials is shown in Fig. 27. They derive their name from the fact that they
are believed to undergo glide in the sense of continuum dislocations. In summary, the glide
dislocations could dissociate into partials [49,59] and glide in dissociated form {49,60]. This is
not the case for the shuffle set, which breaks up two planes of the same index and has no low-
energy stacking fault. The dissociation into partials in this case is more complex, and their
motion has been argued to be akinto a shuffling motion involving movement of interstitials [22].

Because of covalent bonding, which requires high energy to break or to distort the bond
angle, dislocations are expected to be narrow in the diamond structure. Dangling bonds in the
core are reconstructed as on surfaces. The width of the stacking fault separating the two partials
in a dissociated dislocation is about 40 A for the screw dislocation and 65 A for the 60°
dislocation [59]. We would expect partiais to be nearly decoupled. Experiments by a group in
Kéln [61,62] and later by another in Poitier [63,64] put them in an intermediate regime between
"hound” and "torn away" {using terminology of Ref.[22]). Under applied stress the width of a
60° glide dislocation is observed to be increased if the 90° partial leads and to be narrowed if the
30° partial does. The screw dislocation formed of two 30° partials seems to remain fairly narrow
[63,64]. The dissociation width depends on the orientation of the stress. One clear conclusion
can be drawn, the 90° partial is more mobile than the 30° partial.

In spite of difficulties to distinguish the glide and shuffle set configurations through high

resolution images calculations [65], experimental studies seem to favour glide set dislocations
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Fig. 27(a) The 60° glide dislocation BC.

Fig. 27(b) The dissociation of BC into 30° partial (left) and 90° partial (right).
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over shuffle sets [66-68]. No report so far has been published about the dissociation and motion
of the shuffle dislocation. The core structures have also been discussed in detail in several
review articles (in particular in Ref. [49] ), but the accepted models are not fully consistent with
images in high-resolution electron microscopy. Measuremenis of dislocation mobilities and of
electrical activities do not clarify the situation but bring added confusion. We will not discuss
these points here but refer to two recent reviews [50,51].

Another important quantity characterizing a dislocation is the Peierls stress, the minimum
stress required to move the dislocation from one lattice site to the next. From an experimental
point of view, it is usually difficult to obtain the Peierls stress at low temperature due to brittle
fracture especially for silicon with high Peierls stress and it is even harder to distinguish the
contributions of the different dislocations to the Peierls stress. Nevertheless, attempts have been
made to measure the Peierls stress of silicon at a variety of temperatures ( as low as 300°C )
[69]. The Peierls stress can only be estimated by extrapolating the yield stresses to the absolute
zero temperature {70,71] yielding values of about 0.1 to 0.5u, where u is the shear modulus of
silicon. But this procedure is really crude and brings in a lot of errors.

In the study that follows 1 will look at the full dislocations in both the glide and shuffle
planes and the two partials in the glide plane. These are the dislocations whose glide are

expected to be controlled by the Peierls-Nabarro mechanism.
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4.3 The Peierls-Nabarro Model

To facilitate the presentation I will adopt the following conventions in all that
follows (see Fig. 28). In a Cartesian set of coordinates xyz, the x0z plane is the glide plane
{111}. The z axis is the direction of the dislocation line ( a {110} line). the x axis the direction
perpendicular to it within the glide plane (a {112) direction) and finally the y axis is the normai
to the glide plane. The Burgers vector, which is actually the glide direction of the dislocation,
lies in the glide plane making an angle # with the z axis. The dominant direction of displacement
of the atoms around the dislocation line is along the Burgers vector. For a pure edge dislocation
the Burgers vector would lie along the x axis ( or § = 90° ), while for a pure screw dislocation
along the z axis ( or § = 0°). A dislocation with any other angle would be mixed, partly edge
and partly screw. Its Burgers vector can be decomposed into two components, one along the x
axis, the edge component bsind, and the other along the z axis, the screw component bcos.

A continuum theory has been developed, which can be fuily solved ( see section 2.3 ).
For future purposes, let me just note that for an isotropic crystal an edge dislocation produces
in its glide plane, whose normal is along the y axis, a stress field g, along its Burgers vector;

here the x direction ( and hence the two suffixes xy ):

- pb 1
O, TR (L) % ... (4.2)

where u is the shear modulus and v = AM/(A+p), the Poisson ratio expressed in terms of the

conventional Lamé constants A and p.
Similarly, for a screw dislocation, whose Burgers vector is along the z direction, the

stress along the z direction in the glide plane is
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Fig. 28 A Cartesian set of coordinates showing the directions relevant for dislocations in

silicon. With the above choice of axes, § = 60° gives b along [-101] and & = 30° along [-211}
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Equation (4.2) and (4.3) can be easily deduced from equation (2.5) and (2.4) respectively. For
a mixed dislocation with a Burgers vector b making an angle # with the z axis, the component

of its siress field along the Burgers vector is given by

B sin?0

% ox - (1-v)

, = 0., sind + o, cosB =

+coszﬁ]-1; ... (4.4)

In the continuum model a dislocation can be displaced without any application of force
because the effects of the lattice periodicity are not included. In the Peierls-Nabarro (PN) mode!
they are included, for their essential part, in the following way. When a dislocation is present
there is a natural interface defined by the glide plane in which the dislocation line lies. The PN
model balances at this interface the stress fields predicted by continuum theory with the crystal
restoring forces across the interface. The implicit assumption is that the core, the region of
inelastic displacements, is spread along the glide plane. This is known to be a Jgood
approximation for fcc-type lattices [52]. Specifically, at each point at a distance x from the
dislocation line, the stress generated by the displacement f of the upper half of the crystal (y>0
) with respect to the lower half (y <0) is viewed as being due to a continuous distribution of
infinitesimal dislocations at every points x’ of Burgers vectors p( x’ )dx’ = {df/dx],. dx’. The
component of this resultant stress o,,(x) along b is balanced by the corresponding component of
the periodic restoring stress 7,(f) acting between atoms on either side of the interface. This
equilibrium condition leads to the integrodifferential equation known as the PN equation (see

section 2.3 for detail )
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+ o0

K 1 df(.?("') dix’ = T (£(x)) e (103
2nJd (x-x)  dx’

with the normalization condition

fp(x’)dx’-fi‘%%)—dx’—b .. (4.6)

K depends on the type of dislocation and the crystalline direction of the Burgers vector. For an

isotropic crystal, K follows from equation (4.4):

sin?d

K= pl (1-v)

+ cos?B] L. (4.7)

In the original PN model the restoring stress was taken 10 be sinusoidal with an amplitude
determined by imposing the proper elastic slope. The problem has for this case an analytical
solution worth mentioning because it is a reference and a starting point for the general case. The
forms used in the original model for an edge dislocation and the general sinusoidal restoring

stress are given below

pb i 28f(x) _ o o5 2RE(X)

U (%:0) = 5rd b max b

... (4.8}

where d is the interplanar spacing in the direction perpendicular to the interface, and 7, is the

maximum stress that can be geneiatsd at the interface. This gives the following PN equation:

Tl df(e) o 2WTpay . 2WE(X)
J x-t dt dt K sin b

...(4.8)
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fts solution is

flx) = 2rantX o+ . 4.10)
% {

vl o

or

df(x) _ __ Bt
dx n ({2+x%)

p(x) = .. (4.11)

where { = Kb/ = d/[2(1-»)] can be viewed as the half width of the dislocation, the
region wherein the disregistry is greater than one-half its maximum value at x = 0. This is
similar to the solution for the Erenkel and Kontorowa [72] or the Frank and van der Merwe [73]
model of dislocations (see also Ref. 74). It gives a solitonlike profile with f(-0) = 0, f0)=
b/2, and f(e) =b (similar shapes are found in our solutions, see Fig. 32). With the above
choice of solution, the lower half plane has an additional plane of atoms. With a negative sign
on the tan! term, the upper half plane is compressed.

It is to be noted that for every dislocation with sinusoidal restoring forces a solution
identical to the one above will be obtained. What changes is only the direction of the
displacement field, which is along the Burgers vector and, hence, the elastic constants, which
govern the response of the lattice and the interface.

In an actual crystal the restoring forces may be quite different from sinusoidal. Foreman,
Jaswon and Wood [75] first considered the effect on dislocation properties of modifying the
functional form of the restoring force. The major breakthrough was to derive the restoring force
from the gsf energies as had been suggested by Christian and Vitek [76] and applied to bic

crystals by Lejcek {77] and Kroupa and Lejéek [78]. The gsf of interest to us is obtained by
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cutting the crystal along the {11 1} plane displacing one half with respect to the other by a vector
f and then rejoining them. The energies of the gst generate what is known as a y surface y(H

(energy per unit area). The restoring stress is simply

- _ 9
T(f) 3f .. (4.12)

Figure 29(a) and (b) show the gsf energies surfaces for unrelaxed glide and shuffle planes
respectively. The unit of energy is eV/unit area of {111} which is equal to 0.0783 eV/A®. The
unit of x is 1/12(110), while y is 1/12(112). Those v surfaces , which I am using, have been
obtained from a local-density approximation (LDA) to the density-functional theory (DFT), a
first-principle calculation (for details see Refs. 53 and 54). Such calculations are computationally
demanding. For this reason fully relaxed atomic configurations were considered for only two
points, the lowest-energy barriers in the glide and shuffle planes, known as the unstable stacking-
fault energies. In the glide piane this occurs at a displacement of 1/12(112) in units of the repeat
distance along this crystallographic direction. The metastable stacking fault or intrinsic stacking
fault is at 1/6(112). For the shuffle ptane the preferred slip paths are along {110) directions and
the unstable stacking fault occurs for a displacement of %(110). To construct the variation of
the gsf over the two directions of interest, we have scaled the unrelaxed gsf energies by the
decrease of the unstable stacking-fault energy for each surface. It is an approximation whose

consequence would be hard to assess quantitatively ' . But [ expect the relaxation to be the

1 More recently Juan and Kaxiras obtained the fully relaxed vy
surfaces. They find little change in the <112> directions of the
glide plane with the scaled ¥y surface but significant changes in
the other directions. The fully relaxed shuffle plane y surface is
very similar to its scaled counterpart.
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(a)




Fig. 29 {111} 4 surfaces (a) for glide planes and (b) for shuffle planes. The energy unit is

eV/(unit area in {111} plane) = 0.0783 eV/AZ. x axis is from O to %4(110) and y from 0 to

14(112).
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largest at the unstable stacking fault. Consequently my scaling procedure would tend to
overestimate ~ for small displacements. The impertant thing for my purpost is that the
conclusions are unchanged whether unrelaxed or "relaxed”™ 7 surfaces are used in the
calculations, only the absolute values of the quantities are different as we have checked. Figure
30 gives the scaled gsf energies for the shuffle and glide planes along the directions of interest.
The energy variations are seen to be mainly sinusoidal with comparable magnitudes for the
segments relevant to the shuffle dislocations and glide partials [ Fig. 30(b)], while the gsfenergy
variation relevant to the glide dislocations is an order of magnitude larger. The most important
guantities are given in Table 4.1.

To solve the PN equation (4.5), the analytical expressions for the v surfaces are needed.
v surface sections for the glide and shuffle are periodic with respect to the Burgers vector b
('4(110)) (Fig. 30), it is natural for me to fit the graphs by Fourier series. This part of the work

can be done by using any commercial fitting software. The fitting result for glide planes is

y, - 0.469543 - 0.565621 cos zzf +0.109131 cos2EE
_ 6nf _ 8nf
0.015514 cos 7 0.000079 cos 5 L (4.13)
-0.000098 COS 10;“‘5 ~ 0.000467 cos 12;f

and for shuffle planes
Y, - 0.049001 - 0.050395 cos 22’-’ + 0.003815 COS 42’3
... (4.14)

-0.001516 cos sgf -~ 0.000024 cos Bzf

87



TABLE 4.1. Key parameters characterizing dislocation properties. K measures the stiffness of
the Si lattice for a given direction of distortion { see Eq. (4. D). . 18 the maximum of the «y
surface in the relevant interface along the direction ot the Burgers vector {110} for the full
dislocations and {112) for the partials. 7,,, is the corresponding maximum restoring stress and
2( is the calculated dislocation width but obtained using the criterion given in the text ( 1 eV/A®

= 1.6 x 10" dyn /em’®).

dislocations K Y max T max b 20

eVIA) | eV/AY | eV/AY ] (A (A)
glide 60° 0.501 1.159 1.11 3.84 0.37
glide screw 0.400 1.159 1.11 3.84 0.30
shuffle 60° 0.501 0.105 0.08 3.84 3.95
shuffle sCrew 0.400 0.105 0.08 3.84 3.14
glide partials 30° 0.433 0.118 0.15 2.22 0.92
glide partials 90° 0.536 0.118 0.15 2.22 1.16
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(a)

0.00 T T T T T ‘A_‘
0 0.5 1

f(borb )
Fig. 30 « surface sections (a) along a(110} direction in the glide plane and (b) dashed line along
the same direction in the shuffle plane. Both cover a total displacement of a full Burgers vector
b = 3.84 A. The full line in (b) along a{112) direction of the glide plane is shown; atb, = 2.22
A, the Burgers vector for a glide partial, the stacking-fault energy is the energy of the intrinsic

fault 0.006 ev/ A,
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However for the glide partial dislocation, I fitted it with a power series due to the stacking fault
energy at f = b,, where b, ( 1/6(112) ) is the Burgers vector for glide partial dislocations. And

note that v is minimum when f = 0 and b, (see Fig. 29(a) and Fig. 30(b) ). The final result is

given below

y. = 1.857788(=5)2 - 3.212537(<£)3 - 0.319585 (-5 )¢
P bp bp N

... (4.15)
+ 3.408031(—5—)5 - 2.25354;4(—};’)—5-)5 + 0.525926 (=L)7

P P bP

The restoring stresses 7,2(H),r,* () and 7,°(f) are derived from -~ surface +,, v, and v,

respectively, with the help of the relation (4.12).

4nf

1,9(f) = -0.92559%4 sin 5

+ 0.357169 sin

2rf
b

. 611;f . Bﬂf
-0.076162 sin2FL - 0.000517 sin—p . (4.16)

-0.000802 sin22®f _ 0.004585 sin22RL

b b
t,5() - -0.082467 sin ZEf + 0.012486 sin 41;)1:
... (4.17)
_0.007442 sin 8% _ 0.000157 sin 2EL
b b
T, P(f) = 1.676108 (-2) - 4.347556 (-2)2 - 0.576663 (==-)?
bP bP bD
...(4,18)

_f. 4 _ _f_ 5 8 _f__ 6
+7 .686867 ( 5 ) 6.099484(b Y5 + 1.66072 (b )

P P P

90



Where superscripts g,s and p represent glide. shuffle and glide partial dislocations and subscript
b indicates that the restoring stresses are along the direction of Burgers vectors {110} for full
dislocations and (112} for partials. The results of restoring stresses are shown in Fig. 31. The
stresses show departure from sinusoidal behaviour, and their magnitudes are in direct correlation
with the corresponding vy surface energy variations ( see Fig. 30). Table 4.1 shows the input data
for the six dislocations considered and their calculated width. Not surprisingly, since the width
¢ is essentially inversely proportional to the maximum of the restoring SITess 7o, the shuffle

dislocations widths are an order of magnitude larger than the glide dislocation widths.

4.4 Solving the PN Equation

The solution to the PN equation, Eq. (4.5), requires knowledge of the K parameters and
the restoring forces. The K parameters measure the elastic response of the lattice to
displacements along the Burgers vector direction. Silicon is an anisotropic crystal, so procedures
outlined by Hirth and Lothe [22] for such a situation had to be followed. For the Burgers vectors
of interest, which all lie in the {111} plane, the K values obtained are given in Table 4.1. The
K values can still be expressed in terms of effective elastic consiants p ’ and ¥’ for the {111}
plane using equation 4.7). In other words, within the {111} plane, silicon is essentially
isotropic. The vaiues derived within the {111} plane are g’ = 6.375x10" dyn/cm’ and »* =
0.2561. This is to be compared with quoted averaged values for Si, p = 6.81x 10" dyn/cm® and

y = 0.218 [22].
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Fig. 31 Restoring forces 7 corresponding to the -y surface section of Fig. 30.
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A pair of functions, f(x) and r,(f), which is a solution of equation (4.5) can be obtained
in the following way: if f(x) is chosen then the left side of equation (4.5) gives, after integration,
a function of x, Ty(x), which can be expressed as Ty(x) = 7,(f(x)). The disregistry was chosen

in the form

X-Xi +§ L (4.19)

N b N
£(x) =Y, £;(x) - = ¥ a;arctan
i1 T

i

where «;, x;, and ¢, are variational constants and N is an integer [63,69]. The normalization

condition given in equation (4.6) leads to the sum rule

N
Yoo, -1 . (4.20)
i-I

where every «; is a positive number. The disregistry f(x) is chosen as a sum of elementary
functions f,(x) introduced first by Foreman, Jaswon and Wood [75]. These elementary functions
describe here the individual partials which are placed at x;, with the Burgers vectors b, = ab
and dislocation widths characterized by parameters ¢;. Substituting the trial function (4.19) into
the left-hand side of the PN equation gives
Kb X-X;
T, (X) -3;2 aim ... (4.21)

where the residue theorem is applied. The constants N, ;. ; and ¢; can be obtained from the

equation

T (X, N, & ;, Cyr %5} = Tl flx,N,a; c; x;) ) v (4.22)
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where expressions for restoring stresses r.(f) are given by equations (4.16-4. 18).

If the constants N, &, .., can be found in such a way that Eq. (4.22) is fulfilled exactly
for all x then f(x) given by Eq. (4.19) represents an exact solution of the PN equation
corresponding to 7,(f) given by Eq. (4.17-4.18). However, for our complicated restoring
stresses. the equation (4.22) can only be solved approximately. The method of the least squares

has been chosen for the numerical caiculation of the constants. The expression

AZ - f[ T (X, N,e ;,CsiX;) — Tyl Fix,N,a;, c;x;) 1?7 dx c..(4.23)

has been minimized by an iteration method described underneath for fixed N and 3N constants
a,,C,,X; found from the condition A* 0.

I showed above that to solve the PN integro-differential equation (4.5) is equivalent to
finding minimum of a function of several independent variables.

A minimum point of a function can be either global (iruly lowest function value) or
local (the lowest in a finite neighbourhood and not on the boundary of that neighbourhood).
Virtually nothing is known about finding global minimum in general. There are two standard
heuristics that everyone uses: (i) find local minimum starting from widely varying starting
values of the independent variables and then pick the least of these (if they are not all the same).
(ii) perturb a local minimum by taking a finite amplitude step away from it, and then to see if
your routine returns you to a better point, or "always” to the same one. This is so-cailed
"annealing methods”.

I first discuss the simplest method for one-dimensional minimization and then [ trn to

the multidimensional case. Since I cannot easily calculate the derivatives for my functions [
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stayed away from the methods which use these information.
Golden Section Search in One Dimension

This method is to bracket a minimum without calculation of the derivative. A minimum
is known to be bracketed only when there is a triplet of points, a<b<c, such that f(b) is less
than both f(a) and f(c). In this case we know that the function (if it is nonsingular) has a
minimum in the interval (a,c).

We then choose a new point x, either between a and b or between b and ¢. Suppose, to
be specific, that we make the latter choice. Then we evaluate f(x). If f(b) <f(x), then the new
bracketing triplet is a <b <x; contrariwise, if f(b) > f(x), then the new triplet is b<x<c. We
continue the process of bracketing until the distance between the two outer points of the triplet
is tolerably small.

Downhill Simplex Methods in Multidimensions

This method has a geometrical naiuiainess. A simplex is the geometrical figure
consisting, in N dimensions of N+ 1 points and all their interconnecting line segments, polygonal
faces, etc. In two dimensions, in which a function has only two independent variables, a simplex
is triangular. In three dimensions it is a tetrahedron. In general, we are only interested in
simplexes that are nondegenerate, i.e. which enclose a finite inner N-dimensional volume. Since
this method needs N+1 points to start, if we think of one of these points as being our initial

points P,,then we can take the other N points to be

P,=P,+ e ..(4.29)

95



where the e’s are N unit vectors, and where X is a constant which is our guess of the problem’s
characteristic length scale.

The downhill simplex method now izkes a series of steps, most steps just moving the
points of the simplex where the function is largest through the opposite face of the simplex to
a lower point. These steps are called reflections, and they are constructed to conserve the
volume of simplex (hence maintain nondegeneracy). When it can do so, the method expands the
simplex in one or another direction (o take larger steps. When it reaches a "valley floor”, the
method contracts itself in the transverse direction and tries to ooze down the valley. If there is
a situation where the simplex is trying to "pass through the eye of a needle” it contracts itself
in all directions, pulling itself around its lowest points.

The method requires only function evaluations, not derivatives. However, 1 find that it
is not very efficient in terms of the number of function evaluations that it requires. And N+1
initial points are indeed a computational burdex ard the minimum somehow depends on those
initial points.

Direction Set Methods in Multidimensions

We know how to minimize a function of one variable. If we start at a point P in N-
dimensional space, and proceed from there in some vector direction n , then any function of N
variables f(P) can be minimized along the line n by our one-dimensional methods. The detailed
calculation can be taken as:

(i) Given an input P and n,and function f
(ii) Find the scalar A that minimizes the f(P+An)

(iii) Replace P by P+X\n, replace n by An
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{iv) Goto (i), repeat.

The most efficient way to decide the direction n along which the function minimizes is
to use the gradients of the function. But this being to complicated to be considered. [ use the
following algorithm: take the vectors e,.e,....ey as a set of directions. Move along the first
direction to its minimum, then from there along the second direction to its minimum, and so
on, cycling through the whole set of directions as many times as necessary, until the function
stops decreasing.

This simplest method may not work for other applications. But it works in my

calculations and it is very efficient compared with the downhill simplex method.

4. 5 Dislocation Profiles

Some typical dislocation profiles are shown in Fig. 32. The positions x;, Burgers vectors
b, ( & ) and characteristic widths ¢, of each term in equation (4.19) are given in Table 4.2. N
=3 was found to be sufficient to provide a good fit.

Corresponding dislocation densities appear in Fig. 33. This figure also shows the
contribution of each term in Eq. (4.19) for three of the dislocations. As we can see from Table
4.2 and Fig. 33(b) and (c) , the splittings for the perfect dislocations are symmetrical, those for
partials are asymmetrical. The shuffle dislocation profile is nearly that of a PN dislocation with
sinusoidal restoring stress. The glide partials have slightly larger widths than the full glide
dislocations. The departures from sinusoidal behaviour in the restoring stresses are reflected in

the dislocation densities most visibly in the one for the 90° partial in Fig. 33(d).
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Table 4.2 The solution to the PN equation for various dislocations in the form of Eq. (4.19).

a is the lattice constant of silicon (a = 5.43 A ).

disloca- oy x,/a | c/a a, X,/a c./a o X;/a Ca

tions

glide 0.576 | 0.0 | 0.017 (0212 | 0.0 0.144 | 0.212 [ 0.0 0.144

600

glide 0.576 | 0.0 [0.012 j0.212 [ 0.0 0.099 |0.212 | 0.0 0.099

screw

shuffle | 0.558 | 0.0 |0.226 }0.221 | -0.501 {0.645 | 0.221 | 0.501 | 0.645

600

shuffle 0.558 | 0.0 {0.156 |0.221 |[-0.345 | 0.444 |[0.221 |0.345 |0.444

screw

partial 0.692 | 0.0 | 0.134 {0.137 |-0.185 | 0.107 | 0.171 | 0.217 ; 0.145

30°

partial 0.692 | 0.0 |0.083 [0.137 |-0.115 | 0.066 | 0.171 |0.134 | 0.090

900
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Fig. 32 Typical dislocation profiles. Displacements along the Burgers vectors plotted as a

function of the distance from the dislocation line.
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Fig. 33 Some dislocation densities p(x)=df(x)/dx; (a) compares the distributions for three
dislocations: (b),(c) and (d) show the contributions from the three terms in Eq. (4.19) (dashed
lines) for the 60° glide, 60° shuffle and 90° partial, respectively. {full lines are the sum of the
dashed lines).
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4.6 Misfit Energies, Peierls-Nabarro Energies and Stresses

Although a periodic restoring force has been incorporated into the PN model, it still
considers the crystal above and below the glide plane as an elastic continuum medium. As in the
Frank and van der Merwe model [73] the dislocation is free to glide in the crystal. If f(x) is a
solution to the displacement field, so is f(x-u), where u is any constant [ f(x-u) corresponds to
a dislocation translated by u ]. This "continuum-mass” dislocation has no PN stress. However,
a stress can be defined by noting that the displacement function f(x-u) corresponds to a real
displacement only where an atomic plane is present. In the absence of a dislocation the spacing
of atomic planes in the direction x is a’. With the x axis along a(112} direction 3’ = (/6)a/4
= 3.33 A, where a is the Si lattice constant 5.43 A. When the dislocation is introduced, the
planes, in the upper half of the crystal at a position ma’ in a direction perpendicular to the
dislocation line, will be displaced with respect to the lower half by f(ma’-u). The misfit energy
can be considered as the sum of misfit energies between pairs of atomic planes and can be
written

w(u) = ¥ y( f(ma’-u) ) &’ ... (4.25)

ot
This formula focuses on the variation of the disregistry as one moves across the dislocation core
along the interface in a direction perpendicular to the dislocation line. It has the correct period
a’ (see Fig. 34), and the right limit for very narrow dislocations for which the amplitude of

variation of W(u), W, , the PN energy, is the energy barrier for motion of the dislocation. ( Our
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Fig. 34 Misfit energies W(u) for (a) full dislocations in the glide plane and (b) full dislocations

in the shuffle plane and partials in the glide plane.
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formula is the same as the one suggested by Christian and Vitek [76] but is different from the
one discussed in Ref. [22] and originally due to Peierls [18] and Nabarro [19]. That formula is
based on a slightly different atomistic basis of the continuum model leading to sums for the
upper and lower half planes with coordinates differing by a’/2. The disadvantage of that formula
is that both u=0: and a’/2 correspond to maximum energy configurations and the minimum
energy configuration is an asymmetric configuration with u=a’'/4, resulting in a period for W{u)
of 2’/2 instead of a’.) A physicaily related quantity is the Peierls stress o, the maximum stress
required to overcome the barrier. Two energy barriers may be comparable, but if the distances
are quite different over which this energy rise has to be realized, the corresponding Peierls
stresses can be quite different. A longer repeat distance will usually necessitate a smatler Peierls
stress. Our formula has the correct period for W(u) and hence is expected to give a reasonable
value for o,. o, is defined as the maximum in the variation of the interface stress, o, the scaled

slope of W(u) for a given position of the disiocation:

o, = max[o] -max[—-];ﬂ’ ...(4.26)

p al! du

g, is obtained from Fig. 35.
An estimate for very narrow dislocations, where the core is less than one lattice site wide
can be easily derived using the continuum dislocation profile given in Eq. (4.11) with an

adjustable width {. Since only one term in the sum in Eq. (4.25) will contribute significantly:

o = max[ Y {EL-w) (£(-u)
P du

... (4.27)

- _dy df, b . 4 Smax’
max (-G£ gg) = gy “ 47k
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Fig. 35 Interface stresses o corresponding to variation of the misfit W(u) energy with position
u. The maximum corresponds to the Peierls stress o,. As in Fig. 34, (a) for full dislocations in
the glide plane and (b} for full dislocations in shuffle plane and partials dislocations in the glide
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Whereas the PN energy depends in this limit only on the potential barrier to be overcome
in the ~ surface, the Peierls stress is very sensitive to the '\.\‘/idth of the dislocation or the relative
strength of the lattice with respect to the energy barrier.

Typical variations of W(u) are shown in Fig. 34. The minimum W(a'/2} can be viewed
as the misfit energy. It is the total energy stored across the glide surface. It is the nonelastic part
of the dislocation energy and provides an estimate for the core energy of the dislocation, which
takes into account the discreteness of the lattice. It is different from the obvious definition of this
quantity in the PN model, which is the integral of the disregistry energy over the whole

interface:

o= [ ¥C£00) ax ... (4.28)

This last quantity can be shown to be independent of the restoring force. Integration by parts and

use of the PN equation gives
W, = —T X—aldx
n J T ox

Oy (f(x)) of ... (4.29)
fx or de

ff xxx’ g}f’ gj: dx dx!

Separating this last integra! into two equal parts with an interchange in the roles of x and x’

yields

L ...(4.30)

w5 e -
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W,, depends only on the elastic properties of the material and the Burgers vector. The integral
reflects the fact earlier noted that the material on each side of the glide plane is taken as a
continuum. The restoring forces determine the spreading of this energy over a larger or smaller
area but, since the medium is elastic, the total remains unchanged. W, therefore, does not
distinguish between glide or shuifle plane dislocations. It is interesting to note that W, is the
average of the function W(u), since

%{W(u) du -[ ¥ ¥ (f{ma’-u))du

M= —oo

...(4.31)

)

- [ v(£w)rdu - W,

W, is, hence, an average misfit energy for all positions of the dislocations as it is displaced
through the lattice. As mentioned earlier W(a'/2), an estimate of the core energy, is the
minimum and W,, the PN energy, the amplitude of the variation of W(u).

The results for all these quantities are shown in Table 4.3 for the Si dislocations. As this
table shows for a particular dislocation, glide and shuffle sets have the same average misfit
energy because that energy depends only on the elastic response of the lattice. For the narrow
glide set, this energy has a larger amplitude than for the wide shuffle set. Consequently glide
dislocations have larger PN energies and Peierls stresses than the shuffle dislocations. Another
consequence is that, since more atomic planes are deformed in the shuffle dislocations, its total
minimum misfit or core energy is larger than that of the glide dislocations, where only a couple
of planes are affected. These results follow from the relationship developed above between W,

and the core energy W (a’/2).
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TABLE 4.3. Properiies of dislocations in Si obtained from the Peierls-Nabarro model (u =

0.426 eV / A?)

dislocations W W(a’'/2) W, o,
(eV/A) (eV/ A) (eV/A) ()
glide 60° 0.588 0.169 3.77 16.92
glide screw 0.468 0.110 3.74 21.29
shuffle 60° 0.588 0.538 0.116 0.083
shuffle screw 0.468 0.408 0.148 0.112
glide partial 30° 0.169 0.062 0.343 0.351
glide partial 90° 0.210 0.093 0.323 0.282
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Chapter 5. Test of the Peierls-Nabarro Model with a

Stillinger-Weber Potential Model of Silicon

5.1 Introduction

The last chapter presented studies on a zero temperature model for dislocations in silicon
constructed within the frame work of the Peierls-Nabarro (PN) model [also see Ref. 79] using
generalized stacking fault energies obtained from first principle density functional calculations.
Peierls stresses for various possible perfect and imperfect dislocations were obtained. The
question is how reliable is this model. In this chapter, I calculate the Peierls stresses for the
different dislocations using an atomistic relaxation technique on an empirical potential model of
Si. The simulations are extended to the dislocation profiles. I also investigate the dissociation
and motion of glide and shuffle dislocations. These results will be compared with those obtained

from the PN model.

5.2 Model and Simulation Procedure

5.2.1 Stillinger-Weber potential
To assess the validity of the PN model, we wanted to test it within an atomistic model.

The Stillinger-Weber potential (SW) [58] was chosen for several reasons, it is the most widely
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used empirical potential for silicon and it produces an overal similar generalized stacking fault
(GSF) energy surfaces as those obtained from first principal density functional theory
calculations ( in the local density approximation, LDA) [53]. Cross-sections of the GSF energy
surface for the glide plane (without atomistic relaxation perpendicular to the glide plane ) are
shown in Fig. 36a and b for <110> and <112> directions, which are the principal interest.
In each case, except for LDA, results of other empirical potentials such as SW potential,
Kaxiras-Pandey potential (KP) and Tersoff potential(T) [58] are also displayed. As we can see
from Fig. 36 the SW potential is in reasonable agreement with the LDA curve especially in the
< 110> direction.

SW potential has proven to be valid in many studies, such as the phase diagram of
silicon [80], the critical layer thickness [81], the silicon surface [82] and silicon indentation [83].
Some questions have been raised about its validity in reconstructions in Si in details {84]. The
emphasis at this point is using an atomistic model which is compatible to the PN model. The

SW potential contains both two-body and three-body interactions

¢(1:---:N) 'sz(i!j)"’.z V3(i,j,k) ...(5-1)
i3 g

where pair and triple potential v,, 5 are as follows

... (5.2)

I r x
Vs(ri,rj,l'k) -efa('f:_‘i;"f)
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Fig. 36 Cross-sections of the GSF energy surface in the glide plane with Stillinger-Weber
potential (S-W), Tersoff potential (T), local density approximation (LDA}) and Kaxiras-Pandey
potential (K-P) for (@) <110> and (b) <211> directions (no atomic relaxation perpendicular

to the glide plane ). a is the lattice constant of Si.
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where ¢ is chosen to give f, depth -1, and ¢ is chosen to make f,(2"%) vanish.

g = 50kcal/mol = 3.4723x10° % erg/at.pair (5.3)
g - 2.0951A o
f, is a function only of scalar distance, and f, possesses translational and rotational terms. In
simulations, ¢ and o are used as energy and length unit. The reduced pair potential can then be

written as

A{(Br-P-r-9 -b)1
£,(z) -1 (BrP-r~9 exp[(r-b)~1],z<b (5.4
0 ,rzb

where A,B,p,q and b are positive parameters. The cutoff distance is at b.

A =7.049556277, B = 0,6022245584,

... (5.5)
p~4, g=0, b=1.80

The same cutoff distance is extended to the three-body interactions

£z, 24,1, = |
0, rzb ... (5.6}

where 8, is the angle between r; and r, subtended at vertex i, etc. The function h belongs to a
two-parameter family. Provided that both r; and ry are less than previously introduced cutoff b,

it has the following form:

h(r;50 2500055 = Aexply(r;;-b) 4y (r;-b) 1x(cosByy, + %)2 ... {5.7)
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with
A=21.0, y=1.20 ...(5.8)

otherwise h vanishes identically. The "ideal” tetrahedral angle 6, is such that

1

cosBr-—? ... {5.9)

so that the trigonometric part of expression (5.7) clearly discriminates in favour of pairs of

bonds emanating from vertex i with the desired geometry.

5.2.2 Three-body Forces

The pair interactions for the SW potential can be calculated by using the derivative of
expression (5.4) with respect to r. However evaluation of three-body forces are much more
complicated. Let us define F3[i] as the three-body force acting on atom i due to the contributions
of j, k atoms. These contributions are evaluated by simple differentiations of three h functions
(5.7 of equation (5.6):

YV Lij . YVe Lk
(r;-b)%  (z;-b)?

Ve B0 L3r 0550 = -hexp (1K) [ ] (cosejik+%)z

+2Aexp (ijk) (cosBjik+%)Vricosejik ... (5.10)

va','rji + Yvr‘rjk
(I'Jl-b)z (Ijk—b)z

] (cos.eij,-l,gl)2

+2Aexp (jik) (cosBijk+%)VﬂcosBijk <. (5.11)
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v YVe Tk YV Ty
Ve P(Ths0 Ti500555) = -Aexp (kij) [ (r,:ib)lz + (I_:“_b)JZJ (cosB,,;+=)?2
1 J
+2Aexp (kij) (CosBikj+%)VncosBikj .. {5.12)

where exp(ijk) is the abbreviation of the following terms

exp (17k) = exply (r;;-b) t+y (r;—b) ]
The evaluation of the gradients of the cosine functions and the pair separations may be readily
calculated with the help of the equation (3.13) and (3.15). Substituting these equations along with
equation (5.10-12) into the left-hand side of the expression (5.6), we get the three-body force
F3[i}

F3[4] = -V, £5{(r;, T, Ty) ... {5.13)

YTy . YTy

-3 ik
oxp (170 (r;;-b)? Iy lry-b)?

1
— ] (e:o'saﬁjl.kq-_j)2
ij

. i+ -Xr ~-r
-2iexp (iik} (cosejik+%) [_ri-’r.—“ +cosejik(_..2:‘_-1+_i*)]
ij=ik rij Ik
‘. =YX
+Aexp (Fik) [#

- 2
IJ.T.(IJ’.I )

-2Aexp (jik) (cosB,,+ L [—_ﬁ'— +COos eijki]

+Aexp (kij) [—1ZEt___q

Iy; (Zpy=b)?

y -r
-2iexp (kij) (cosBy,;+ Ly——=x +co88,,,—
37 IiTyy
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Note that € and o are units of energy and length respectively. And the gradient of pair separation
ry Of r; with respect to I vanishes here.

| calculated the F3[i] as follows. The j and k atoms are chosen from the neighbour list
of atom i. The minimum image pair separations ry, Iy and Iy (see section 3.3 for detail) and
cosine functions can be readily evaluated during a simulation. These results are substituted into
equation (5.13) to get the three-body force F3[i]. Repeat above procedure for every atom i. A
typical piece of C code is

For(i=0; i<total_atom pumber; i+ +)
For(J=0; J < i_neighbour_list -1; J+ +)

For(K=J+1; K< i_neighbour_list; K+ +)

......

sort the index of j and k atom;

calculate pair separations;

apply periodic condition;

minimum pair separations and cosine functions
F3[i] + = left side of equation (5.13);

......

As we can see from equation (5.13), since there are so many terms involved in F3[i], it
is very easy to make a mistake and it is hard to debug later when coding the program. Another
approach is taken due to the fact that the three h functions in equation (5.6) are symmetric with
respect to i, j and k. Instead of evaluating the three-body interaction force F3[i] for only atom
i inside the triple loops, three forces f3[i], f3{j], f3[k] are calculated for each atom i,j,k, but

through gradients from only one h function with respect to r;, I and r, respectively
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£30i] = -V, h(r;5 T 8550

- Aexp(ijk) [— 174, YT ) (cosB.  +1)2

202 rulr,-b)? 3Ky (5.14)
—2xexp (i7k) (cosejik"'_:;‘) [%‘{% +cosf,;, ( _?.J+_Tr;£)1
i ik
£3{51 = —Vr,b(rijfrik'ejik)
-yr
- Aexp{ijk) [_r_ﬁ(;.{};_mfg)_z] (cosﬂjik+%)"’ L (5.15)
-2iexp (i7k) (cosB;,, + 1) ( . "'cosejik('f'%i)]
iitik rij

£3[k] = -V h{r;;, T4,8;5)

- Aexp (17K) [T ] (cosB,y+ 1)

r;;(r;;-b)? . (5.16)

-2Aexp (ijk) (cosejip%) [T +cos6,;, ( it)]
ij-ik I'Jk

The C code for this algorithm is
For(i=0; i<total_atom_number; i+ +)
For(J=0; I < i_neighbour list -1; J+ +)
For(K=J+1; K< i_neighbour list; K+ +)

sort the index of j and k atom;

calculate pair separations;

apply periodic condition;

minimum pair separations and cosine functions
f3{i] + = left side of equation (5.14);

fi{jl + = lefi side of equation {5.15);

fi[k] + = left side of equation (5.16);

After simulation, the second algorithm will give the same three-body forces f3[i] for each atom
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i as that of the first algorithm F3[i]. In the second method, even though when i = i (first loop)
f3[i] only counts the contribution of one h function from equation (5.6), the other two
contributions of the remains of h functions will be added when i = j ( when i and k are the
neighbour atoms of atom j) and when i = k (when i, j are the neighbour of atom k). In this
case, as long as the two algorithms produce the same results, I am quite confident that the code

for the calculation the three-body forces is correct.

5.2.3 Static Relaxation

The relaxation technique used in the present calculations was the saimc as in chapter 3
(for details see Ref. [85]). The crystallites were rectangular parallepipeds with a certain number
of repeat units surrounded by (-1 -1 2), (11 1) and (-1 1 0) plziies (see Fig. 37(a) ). The
dislocation line was always aligned along the z [-1 1 0] axis with pericdic boundary conditions
along this axis so that effectively an infinite dislocation was studied. Atoms were displaced from
their equilibrium (perfect laitice) positions as given by elasticity theory for the given Burgers
vector (partial or perfect dislocations ) and the position of the slip plane (for the glide plane
see Fig. 37(b) and the shuffle plane see Fig. 37(c)). The boundaries of the x and y directions
were fixed while the rest of the atoms were relaxed by minimizing the atomistic potential
energy. By fixing the boundary along the x and y directions no major reconsiruction, such as
a Peierls type reconstruction, is allowed. Although reconstruction is known to occur in Si,
imposing these conditions allows a more direct comparison with the results of the PN model.

Studies of the Peierls stresses for various dislocations were performed using a procedure

outlined by Vitek etc. [86,87]. The stress was imposed by introducing a homogeneous shear
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Fig. 37 (a) Four layers of the perfect silicon lattice with the x, y, z directions used in the
simulations. (b) and (c) indicate the glide and shuffle plane (surrounded by the dashed line)
respectively. (d) The same plot but with different symbols for each layers. Asterisks, open
circles, squares and solid circles represent atoms of the top glide plane, the first shuffle plane,

the second shuffle plane and the bottom glide plane respectively.
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strain over the entire region containing the relaxed dislocation. Then again, keeping the atoms
in the x and y boundaries regions fixed, the remaining atoms were relaxed. When fully relaxed,
the resultant configuration was examined for any change in the location of the dislocation.
Starting with the relaxed unstressed dislocation each time, the stress imposed was varied until
the change in the location of the dislocation was one exact repeat lattice distance. The
corresponding stress was taken as the minjinum stress required to move the dislocation. The
Peierls stress for that particular dislocation and orientation was deduced by projection onto the
Burgers vector. Different sizes of models with atoms from 3000 to 15000 were tested in order

to eliminate finite size effects.

5.3 Simulation Results

A view of the perfect silicon with four layers of atoms and the x, y and z directions used
in the simulations is presented in Fig. 37(a). To make the plots easy to read, different symbols
were used for each layer (Fig. 37(d) ). Asterisks, open circles, squares and solid circles
represent what I decided to call the top glide plane, the first shuffle plane, the second shuffle
plane and the bottom glide plane respectively. The shuffle dislocations were introduced between
the open circles and squares (see Fig. 37(c) ) that is between the two shuffle planes, and the
glide dislocations between the second shuffle and bottom glide plane ( Fig. 37(b) ), which is
between the squares and the solid circles. The projections of those atoms along the y {111]
direction is shown in Fig. 38. Fig. 38(a) shows the projection of two shuffle planes where the

atoms of the first shuffle plane ( open circles ) and the second shuffle plane ( squares ) are on
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Fig. 38 The projections of Fig. 37(d) along the y or [111] direction. (a) shows the projections
of the two shuffle planes. The open circles and squares repreéent atoms of the first and the
second shuffle planes, respectively. Note that for the perfect lattice, atoms of those two shuffle
planes are on top of each other along the y direction. (b) shows the projections of the two glide
planes. The asterisks and solid circles represent atoms of the top and the bottom glide planes,
respectively. In this case, atoms of those two glide planes are in the centres of each other along

the y direction.
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top of each other and Fig. 38(b) is the projection of two glide planes where the atoms from the
different planes (asterisks and solid circles) are in the centres of each other. In the following part
of this chapter, I will use these kinds of two dimensional [111] projections (2dp) to present the
simulation results. For shuffle dislocations, only the first and second shuffle planes are used to
display the configuration of atoms while for glide dislocations, the top and bottom glide planes
are used.

Bearing in mind that, in 2dp, different symbols represent different planes and for the
perfect lattice, atoms from two shuffle planes are on top of each other whereas the atoms from
two glide planes are in the centres of one another. Let us look at an example of this kind of
plotting but with one dislocation. Fig. 39 shows the 2dp of two ideal partial dislocations, 30°
and 90° partial dislocations. In each graph, the dislocations are in the middle of the grabhs with
the dislocation lines along the z directions. Every arrow appearing in the plots is drawn from
the atoms’ original positions to their displaced positions on the bottom glide plane. Dislocations
are created by moving half planes of atoms from the bottom glide plane a small distance with
respect to the top glide plane. The arrows in this case are the displacement vectors which are
also the Burgers vectors b, of the partial dislocations. Note that the b, (= aiV6) is shorter than
the repeating distance of atoms from the same plane which is the Burgers vector b (= ahV'2) of
the perfect dislocations in silicon. That is why these dislocations are called partial dislocations.
Here a (= 5.43 A) is the lattice constant of silicon. The angles between arrows and the
dislocation lines, which are the connecting lines of the ending points of arrows, will determine
the characteristics of dislocations, 30° or 90°. The advantage of 2dp is that the position of the

dislocation can be easily determined. As we can see from Fig. 39, the dislocation line is
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Fig. 39 (a) A silicon lattice with an ideal 30° partial dislocation on the glide plane projected
normal to the (111) plane. Two layers of atoms are shown here the top glide plane (asterisks)
and the bottom glide plane (solid circles). (b) The same lattice but with an ideal 9%0° partial
dislocation. Every arrow appearing on the plots is drawn from the atoms’ original positions to

their displaced positions on the bottom glide plane.
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factually the boundary between the perfect lattice, where atoms from two glide planes are in
the centre of each other, and the displaced lattice, where the atoms are on top of each other. If
the introduced dislocations are perfect ones, except for the region near the dislocation core, the
configuration of atoms on two sides of dislocation line looks the same as that of the perfect
lattice since the relative displacement of the top and bottom glide plane is one exact repeating
distance of lattice. In this way, in 2dp, by examining the relative positions of atoms from two
different planes, we can decide the characteristics of a dislocation, whether it is a partial, screw,

or 60° one.

5.3.1 Dislocation Profile

One of the important assumptions of the Peierls-Nabarro model is that the dislocation
distribution is planar [22]. Under this assumption, the dislocation only spreads along its Burgers
vector direction. It is easy to verify this assumption by using lattice configurations calculated
from simulations. T use the screw dislocations as examples. Fig. 40 shows the silicon lattices
with the screw dislocations projected normal to (111) plane. Two layers of atoms in which the
dislocation is introduced are shown for each plot. Fig. 40(a) shows a 2dp of a shuffle screw
dislocation with atoms from the first shuffle plane (open circles) and the second shuffle plane
(squares). Before introducing the dislocation, a series of atoms (squares) A,B,C,...,K on the
solid line in the second shuffle plane were chosen along with their nearest neighbour atoms
a,b.c,....k on dashed line (open circles) in the first shuffle plane. The pair separations of
Aa,Bb,Cc,..., Kk are zero for the perfect lattice. After introducing a screw shuffle dislocation

between two planes, it is seen that these pair separations have been changed (Fig. 40(a) ). For
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Fig. 40 The silicon lattices with the screw dislocations projected normal to the (111) plane. Two
layers of atoms are shown for each plot. (2) A shuffle screw dislocation with the first shuffle
plane (open circles) and the second shuffle plane (squares). The screw dislocation is introduced
between those two planes shown right in the middle of the plot along the z direction. (b) A glide
screw dislocation introduced between the second shuffle plane (squares) and the bottom glide
plane (solid circles). Before introducing the dislocation, a series of atoms A,B,C,...on the solid
line in the second shuffle plane for the shuffle dislocation , or the bottom glide plane for the
glide dislocation were chosen along with their nearest neighbour atoms a,b,c,... on the dashed
line in the first shuffle plane for the shuffle dislocation or the second shuffle plane for the glide
dislocation. The changes of the relative pair separations such as Aa: Bb; Cc; ... are used to

calculate the displacement profile of the screw dislocation shown in Fig. 40.
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the configuration above the dislocation line, the positions of atoms such as A,B or C are just
slightly displayed away from atom a,b or c. As soon as crossing the dislocation line, the atoms
of the second shuffle plane move one repeating distance away from those on the first shuffle
plane (-z direction). Take pair Kk for an example. Without any dislocation Kk is zero. Right
now, K atom (square) is displayed -b away from k atom (open circle). Since the displacement
is parallel to the dislocation line (z direction), this is a screw dislocation. The variation of pair
separations is used to calculate the displacement field of the shuffle screw dislocation. A similar
graph of a glide screw dislocation is shown in Fig. 40(b). This projection is not exactly the 2dp
discussed earlier. Instead of using projections of the two glide planes, I used the projection of
the second shuffle plane (square) and the bottom glide plane since the glide dislocation is
introduced between these two planes. As we cai. see from Fig. 40(b), it is a little bit harder to
study the changes of pair separations such as Aa, Bb,..., Kk. Even for the perfect lattice they
are not equal to zero. However, we still can find that for pair Kk, K atom (solid circle) moves
from the right side of k (square) to its left. Again displacement is along the -z direction. To
understand this result, we should remember that, without the dislocation, the configuration of
pair Kk would be the same as that of Bb. Since Bb is the periodic counterpart of Kk as we
follow the zig-zag solid-dashed lines along the x direction.

From the above projection graphs, I can only indirectly show the displacement
components along the x and z directions. However, the displacement vector has three
components. Displacements along the x, y, and z directions plotted as functions of the x
positions of the atoms are shown in Fig. 41. The solid lines represent the results of the glide

screw dislocation while the dashed lines for the shuffle screw dislocation. As we expect, for the
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Fig. 41 Dislocation profiles of the screw dislocations. The x,y z components of displacement
plotted as functions of the x positions of the atoms. The solid lines represent the results of the

glide screw dislocation and the dashed lines for the shuffle screw dislocation.
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screw dislocations, the dislocation displacements are seen to be mainly constrained along the
Burgers vectors, which is the z direction, for both glide and shuffle dislocations. Above the
dislocation line, (+x direction), such as pair Aa,Bb, the z component is very small, and below
the dislocation line (-x direction), such as pair Kk the z component gradually becomes the
Burgers vector b. The shapes of the dislocation profiles also give a measure of the extent of the
core region that can not be described by linear elasticity. The width of the screw dislocation can
be approximately determined by the region where the z component is greater than half of
Burgers vector [22]. The width of screw shuffle dislocation is found to be 3A. The
corresponding width of screw glide dislocations is quite narrow, only about 0.3A. Theose results
are in good agreement with our Peierls-Nabarro model calculations. In addition to the z
direction, the displacements also spread along the x (glide screw) or y {shuffle screw) direction.
But those symmetric distributions are quite small compared with those of the z direction which

is the Burgers vector direction.

5.3.2 Peierls Stress

To maintain periodic boundary conditions along the z-axis the shear stress was applied
within the (111) plane. It was found that the Peierls stress (PS) is isotropic within that plane.
In other words the minimum stress required to move the dislocation in any direction within that
plane has the same projection unto the Burgers vector, the PS of the dislocation.

The possible effect of the finite size of the block upon the calculated PS has been tested
by carrying out some calculétib'ns for different block sizes, but the differences were found to be

negligible.
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5.3.3 Shuffle Dislocations

The 2dp of a relaxed core configuration of a 60° shuffle dislocation is shown in Fig.
42(a). It is seen that the dislocation has a core region with atoms (open circles) on a,c dashed
lines in the first shuffle plane and atoms (squares) on A,B,C solid lines in the second shuffle
plane. Line B (solid squares) on the second shuffle plane is an extra line of atoms since it
doesn’t have the corresponding neighbour atoms on the first shuffle plane. The Burgers vector
is at 60° with line B. The dislocation has been created by cutting between two shuffle planes,
and moving half of the second shuffle plane by one Burgers vector and rejoining the atoms on
either side of the cut. The line B is the dislocation line. In the silicon lattice, the line B is
actually an extra half plane. When stress reaches the PS value, the following transformation
occurs. First, atoms of line A move toward those of line a. Then atoms on line B glide along
the Burgers vector direction toward those on line ¢, thus pushing the atoms on C away to form
a new extra line of atoms shown in solid squares ( see Fig. 42(b) ). Eventually the dislocation
moves down one repeating lattice distance. The Peierls stress was found to be 0.075u, where
p is the shear modufus for Si (p = 0.426 eV/A® [22]). For the case of the screw shuffle
dislocation, the relaxed core is shown in Fig. 43(a). Seven lines of atoms are shown in this
graph. Since there is a shuffle screw dislocation in the graph, starting from the first line, we can
observe that the atoms on the second shuffle plane (squares) move away from those on the first
shuffle plane (open circles). The direction of displacement is along the -z direction. The
dislocation line is right between the third and fourth line. Note the changes in positions of the

atoms (squares), from the left side of open circles (atoms in the first shuffle plane), to the right.
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o the first shuffle plane
0 the second shuffle plane

8 the extra line of aloms

Fig. 42 Gliding of a 60° shuffle dislocation. (a) The (111) projection of a relaxed dislocation
with the core region consisted of atoms on dashed lines a and b in the first shuffle plane and
atoms on solid lines A,B and C in the second shuffle plane. Line B is a line of extra atoms
represented by solid squares. (b) The same dislocation under an applied shear stress of 0.075u
on (111) plane. Note that dislocation moves one repeat lattice down and line C on the second

shuffle plane becomes the new extra line of atoms.
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Fig. 43 Gliding of a screw shuffle dislocation. (a) The (111) projection of a relaxed dislocation

and (b} the same dislocation under an applied shear stress of 0.086u on (111) plane,
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Fig. 43(b) shows the configuration ot the lattice under the Peierls stress. The dislocation line
here is between the fourth and fifth line. The dislocation moves down one repeating distance.
The stress was found to be 0.086 which is higher than one for the 60° shuffle dislocation.
During the relaxation procedure, shuffle dislocations were introduced at different
positions in the block and various shear stresses were applied. However, both shuffle
dislocations started to move if the stress were greater than the Peierls stress. No dissociation was
found. Fig. 44 is the 2dp configuration of a dissociated 60° shuffle dislocation with a 90° and
30° partials calculated by elasticity theory. The dashed lines and arrows represent the positions
and Burgers vectors of the two partials respectively. We used this configuration as our starting
point, after the relaxation was completed, the dislocation collapsed into a single 60° shuffle
dislocation as shown in Fig. 42(a). The same situation happened to the screw shuffle dislocation

as well,

5.3.4 Partial Dislocations

To obtain the Peierls stresses of the partial Jislocations, the simulation was carried out
on either one of the two sets of partials--30° & 30°partial (dissociated screw dislocation), or 30°
& 90° partial (dissociated 60° dislocation), which are separated by a stacking fault on the {111]
plane. Since a single partial dislocation is not observed in experiments. A relaxed 90° partial
dislocation obtained from 2dp configuration is shown in Fig. 45(a). The dislocation line £ is the
boundary between a layer of stacking fault above, where the atoms on the top glide are on top
of atoms on the bottom glide plane, and the perfect lattice at the lower part. The Burgers vector

is perpendicular to the line £. Under a proper stress, the relative distances of atoms on line A
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0 the first shuffle plane
O the second shuffle plane -

Fig. 44 The (111) projection of the configuration of a dissociated 60° shuffle dislocation
calculated by elasticity theory. Between two dashed lines is a layer of stacking fault with a
9Q° partial at lower part and a 30° partial at upper part. The arrows represent the Burgers vectors

of two partials.
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Fig. 45 Gliding of a 90° partial dislocation. The dashed line § represents the dislocation line and

the Burgers vector is perpendicular to §. (a) The projection of a relaxed dislocation along the

[111] direction. Two solid lines A and a are on the bottom and top glide plane respectively. (b)

shows the result of (a) under an applied shear stress of 0.25x. Note that line A and line a form

the new dislocation line ¢ due to the changes of their relative positions under the stress.
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in the bottom glide plane and those on line a in the top glide plane decrease until they reach the
same configuration of atoms on line £ . This new line (dashed) becomes the boundary between
the stacking fault and perfect lattice shown in Fig. 45(b). The Peierls stress to initiate this kind
of motion was found to be 0.25u. At a stress level of 0.31u, a relaxed 30° partial dislocation of
Fig. 46(a) moves one repeating lattice down (note the dislocation line £) into Fig. 46(b). The
changes of the relative positions of atoms on the two glide planes are the same as for the 90°

partial.

5.3.5 Glide Dislocations

Fig, 47(a) shows a 2dp of a core of glide screw dislocation. Dashed line £ is the
dislocation line. Open circles near the dislocation line were the original positions of atoms on
the bottom glide plane without any dislocation. Arrows on the plot indicate the displacements
of the atoms (solid circles) after introdution of a screw dislocation. When a shear stress is
applied to Fig. 47(a), the core of dislocation starts to dissociate into two 30° partials ( Fig.
47(b) ). The area between the two dashed lines is a layer of stacking fault whose width is only
one repeating lattice distance. Arrows indicate the directions of the two Burgers vectors. As the
stress increases, no dislocation movement is found until the stress is greater than the Peierls
stress of one of the partials such as the lower one for our case. This partial starts to glide one
repeating lattice down and expand the area of the stacking fault between two partials, which is
the area between the two dashed lines in Fig. 47(c). When the stress building on the trailing
partial also reaches its Peierls stress level, the trailing partial begins to move as well. The

analogous behaviour was found in the 60° glide dislocation as well. The only difference is that
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Fig. 46 Gliding of a 30° partial dislocation. Notations are the same as Fig. 45 except that the

Burgers vector is at 30° with the distocation line § and the shear stress for (b) is 0.314.
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Fig. 47 Dissociation and motion of the glide screw dislocation. (2) The (111) projection of a
relaxed core configuration of a glide screw dislocation. Dashed line £ is the dislocation line.

Every arrow on the plot shows the displacement of the atoms from their original positions (open
circles) to their final displaced positions (solid circles) on the bottom glide plane. (b) Applied
shear stress of 0.16¢ to (a). Note that dislocation starts to dissociate into two 30 partials which
are tepresented by two dashed lines with their Burgers vectors indicating by the arrows. (c)
When the shear stress reaches the Peierls stress level of the lower partial, this partial starts to

move down and the stacking fault area (between two dashed lines) is expanded.
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the dislocation dissociates into a 30° and a 90° partial.
In summary, the slipping of the glide dislocation is accomplished by dissociation into
partials and the movement of partials. In other words, the glide dislocation can only glide in

dissociated form.

5.4 Discussion and Conclusion

The first conclusion is that dislocations in Si are quite planar. In the core region, the
displacements away from the Burgers vector direction are very small.

We also found that, if no reconstruction is allowed, the motion of the shuffle set
dislocations in Si at OK is easier than one would have expected. Actually, they are very stable
against any dissociation. On the other hand, the glide set dislocations can only move in
dissociated forms. In other words that the motion of a glide distocation is accomplished by, first,
dissociation into partials on the glide plane, and then gliding of the partials.

The results of obtained Peierls stresses for all the dislocation are shown in TABLE 5.1
along with those calculated by Peierls-Nabarro model [79). Despite of the limitation of the PN
model, which treats the dislocation as planar and our SW potential which is not the potential
constructed by the first principle density calculation, the agreement between these two methods
is very good. These agreements indicate that the PN model can give the correct relationship
between generalized stacking fault energy surface characteristics and the properties of

dislocations at low temperatures.
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TABLE 5.1, Comparison of Peierls stresses in Si obtained from Peierls-Nabarro model g, and

with those from relaxation on the SW potential model osy. (2 = 0.426 eVIA®)

dislocation Osw (1) 0, ()

glide 60° dissociated 16.92 |
| glide screw dissociated 21.29

shuffle 60° 0.075 0.083

shuffle screw 0.086 0.112 Jx

glide partial 90° 0.25 0.282 1\

glide partial 30° 0.31 0.351 J\

Both our PN and SW potential mode! calculations suggest that, in Si at 0K, shuffle-set
dislocations should be easier to form and move than those belonging to the glide set. However,
experimental observations show that total dislocations in Si are dissociated into partial
dislocations separated by an intrinsic stacking fault. Since this fault can only exist on the glide
planes, the general wisdom is that mobile disiocations belong to the glide set ( although it has
been argued that this inference is not without question [S1]). It is possible that finite temperature
effects may alter the conclusions of the calculations. Kaxiras and Duesbery [54] have shown that
if entropy is taken account, then above a critical temperature and in the presence of a tensile
stress, the free energy of the unstable stacking fault vy, can become lower on the glide planes

than on the shuffle set. It is also possible that complex reconstruction of the dislocation core,
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which lies beyond the PN model and is excluded from the SW potential model, is responsible
for this difference. But both our two models do show that 90° partials have lower Peierls
stresses than those of 30° partials.

The calculated Peierls stresses and their isotropy in the glide plane can be used to
explained the available experimental data on the mobility of partial dislocation in silicon
[49,63,64]. It is known that, under the applied stress, the response of dissociation width of 30°
& 90° partial with 90° leading, 30° & 90° partial with 30° leading and 30° & 30° partial are quite
different. For the 90° leading case, the dissociation width is widened, while for the 90° trailing,
the width is narrowed. and for 30° & 30° partials, the dissociation width would most likely be
the same. The reasons behind these differences are illustrated in Fig. 48. The Fig. 48(a) and
(b) are the dissociated 60° dislocation with the 90° partial trailing and the 90° partial leading,
respectively and Fig. 48(c) is the dissociated screw dislocation. According to our calculation,
the most efficient way to move a dislocation is to apply the stress along the Burgers vector
direction b. For Fig. 48(a) and (b), if we apply the external stress along b, even though 30° &
90° partial get the same resolved shear stress along their Burgers vector directions, the 90°
partial will start to move first no matter whether it is trailing or leading partial because it has
lower Peierls stress than the 30° partial. If it is a leading partial the width of the stacking fault
will be wider, and if it is trailing, the width will be narrower. These different mobilities of the
two partials will become more significant if the external shear stress is applied perpendicular to
the stacking fault, which is often the case in experiments. In this situation, all of the external
stress is used to move the 90° partial while only part of it is used to move the 30° partial which

already has a higher Peierls stress. These factors will make the 30° partial even harder to move.
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Fig. 48 (a) A dissociated 60° dislocation with a 90° partial leading. (b) A dissuciated 60°
dislocation with a 30° partial leading. (c) A dissociated screw dislocation with two 30° partials.

The shadow areas are the stacking fault layers.
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For the two 30° partials of the screw dislocation, they get the same amount of shear stress
component if the external stress is along the Burgers vector of a screw, they are more likely to
move at the same time and keep the width between them unchanged.

Mainly what this study has shown is that the PN model can give quantitative estimates
of dislocation properties. What needs to be seen now is the effect of the reconstruction. Will it
explain the glide-shuffle controversy? And what effect will reconstruction have on the PS of the

dislocations in particular the shuffle set?
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Chapter 6. Misfit Dislocations in Epitaxial Strained

Layers (ESL)

6.1 Introduction

Structures of epitaxial strained layers (ESL) represent a major extension of the class of
semiconductor materials. These structures form the basis for a new field of semiconductor
research, which offers the prospect of novel solid-state devices with new or improved
characteristics. ESL are grown as layers of semiconductor materials with lattice mismatches of
as much as several percent. If the ESL are sufficiently thin the lattice mismatch is accommodated
within the layers by uniform biaxial strain. The result is a high quality structure with coherent
interfaces in which the structural modulation creates a new electronic band structure. ESL
structures allow previousiy unknown freedom in the combination of lattice mismatched materials
that, when combined with the effects of strain on the band structure, provide an unprecedented
ability to tailor optical and electronic properties [88].

As is often the case in nature, however, the same feature of ESL that provides new
possibilities, the mismatch strain, also presents limits to realization of this potential. In this case,
the limit is associated with the structural stability of ESL. Briefly the critical thickness h, that
separates a regime of stable ESL structures from those in which the ESL structure is
thermodynamically unstable is a function of the lattice mismatch and the details of the overall

structure [89]. ESL thinner than the critical thickness are stable when strained into interfacial
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coherence, whereas thicker layers possess enough strain energy to force the interfaces to become
incoherent (shown in Fig. 49). This occurs by formation of misfit dislocations that interact
strongly with the electronic carriers and may render the resulting structure unsuitable for device
applications.

The magnitude of this critical thickness has been calculated using equilibrium theory by
a large number of authors [89-92]. However, recently there has been a growing recognition that
in practice, strain relaxation is kinetically limited. Finite misfit dislocation nucleation and
propagation rates ensure that when the critical thickness is exceeded, the structure does not
instantaneously achieve its equilibrium strain state at finite temperature [93). Rather, the
structure may be grown to substantially greater thickness than equilibrium critical thickness
predictions, before detectable densities of misfit dislocations are observed {93,94]. This
"metastable” growth regime is encouraged by lower growth temperature, higher Peierls stresses
to dislocation motion, and higher energy barriers for dislocation nucleation. A classic example
of this metastable growth regime is in the Ge,Si,.,/Si(100) system at a growth temperature of
550°C [95], where for relatively dilute Ge concentrations, ESL thickness may be grown to an
order of magnitude greater than equilibrium predictions of h, before misfit dislocations are
present in substantial densities. Increasing the growth temperature (e.g. to 750°C in Ge,Si, ,/Si
system [96],), decreasing the Peierls stress (e.g. by comparison to another system such as In,Ga,.
/GaAs [97]), increasing the available dislocation source density [98] or increasing the
experimental sensitivity to dislocations [99], ali compress the apparent metastable regime.

Much theoretical and experimental progress in modelling and understanding the kinetic

of strain relief has been made in the last few years, particular in Ge,Si,,/Si(100) system {93,
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(a) | (b)

Fig. 49 Schematic illustration of (a) a epitaxial strained layer with h<h, and (b) with h>h,.

Note that two misfit dislocations are formed in the interface.

147



100-104] and to a lesser extent in the In,Ga, /GaAs(100) system [105-107]. But the precise

mechanisms of nucleation of misfit dislocations still remain elusive and controversial. The

generic candidates for misfit dislocations are

1. Multiplication mechanisms arising from dislocation pinning and/or interaction processes [108-
113].

2. Heterogeneous nucleation at specific local stress concentrations due, for example, to growth
artifacts or preexisting substrate defects [114-118].

3. Homogeneous or spontaneous nucleation of dislocation loops or half-loops [22, 115, 117, 119-
122].

The idea of a regenerative dislocation source goes as far back as the Frank-Read source
[108]. Probably the first application of this concept to ESL was reported by Hagen and Strunk
[109]). They proposed a mechanism for which intersections of particular dislocations act as
sources of dislocation multiplication. The experimental evidence for this mechanism 1 was quite
compelling ( for a review see ref. {123] ). Mechanism 3 cannot occur on laboratory time scales
for strains of practical interest [115,121,124].  The remaining major source of misfit
dislocations is mechanism 2. However, growth artifacts and substrate defects can be reduced to
very low concentrations.

Another possibility is that uniform strained layers are unstable against modulation of the
surface profile [125-130]. The driving force for the surface instabilities is that, although it
increases the surface area, it also allows a partial relaxation of the strain by purely elastic
deformation of the film and substrate. These provide points of large stress where the barrier to

nucleation of dislocations is extremely small [131-133].
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In this part of the thesis, I study the conditions for two competing relaxation mechanisms
of ESL. One is the surface roughening which allows easy nucleation of dislocations. Another
is nucleation of misfit dislocations at specific stress concentrations such as the edges of the ESL.
The roles of various lattice mismatch and layer thickness on misfit dislocation nucleation and
propagation have been investigated. Calculations also extended to the detail strain relaxation

process for a certain ESL at various lattice mismatches.

6.2 Existing Models of ESL

In this section 1 review existing understanding of misfit dislocation microstructure,

energetics and kinetics for ESL.

6.2.1 Equilibrium Critical Thickness

The concept of a critical thickness for the lattice mismatched ESL, above which mismatch
stress is partially relieved by misfit dislocations and below which the structure is stable against
misfit-relieving dislocations is several decades old [89]. The simplest conceptual illustration and
calculation of this critical thickness, and the one most commonly applied to ESL, is the
Matthews-Blakeslee (MB) " Mechanical Equilibrium” model [91]. This mode! balances an
applied stress ¢,, acting on a threading dislocation traversing the ESL with the stress due to the
"line tension”, o of created interfacial misfit dislocations (see Fig. 50).

The lattice mismatch stress experienced by the dislocation threading arm is given by:

- (1+v)
g, = 2p¢E, 1) cosicos¢ ... (6.1)
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Fig. S0 Schematic diagram of a dislocation in a epitaxial strained layer with a glissile threading

segment and its trailing interface misfit segment.
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In equation (6.1}, u is the ESL shear modulus, &, is the lattice mismatch strain between ESL and
substrate &, = (a.-a,)/a,, where a,and a, are the latiice parameters of the substrate and ESL, and
» is the Poisson ratio of the ESL. The angular factor in equation {6.1), coshkcos¢, is often
referred to as the Schmid factor. Here A is the angle between the dislocation Burgers vector and
the line in the interface which is normal to the misfit dislocation line direction, and ¢ is the
angle between the glide plane and the interfacial normal.

The restoring stress due to the dis]o;:ation "line tension” is given from standard

expressions for the self energy of a straight dislocation in equation {2.8):

oy - pbcos¢(1—vcoszﬁ) ln({i) . (6.2)

4anth(i-v)

The parameters are the same as defined in equation (2.8).

Equating equations (6.1) and (6.2) and solving for h = h,then yields the critical

thickness:

_ _b(i-v cos®6) b,
€ gr{l+v)e coskln(ro) ... (6.3)

Because of the core radius r,, we can not apply equation (6.3) to the uitra thin ESL.

6.2.2 Kinetic Strain Relaxation

The MB model is generally accepted as being formally correct for predicting that the ESL
thickness at which creation of interfacial misfit dislocations is first energetically favoured. It says
nothing, however, about strain relaxation rates at finite temperatures. When the critical thickness

is exceeded during ESL growth, strain relaxation rates will depend upon the dislocation
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nucleation rate, the dislocation propagation velocity and the dislocation interactions.

Dodson and Tsao (DT) [93] created a theoretical framework to describe finite sirain
relaxation rates based upon the concept of "excess stress”, o, = o, -o¢, see equation {6.1) and
(6.2). By analogy to measured dislocation velocities during deformation of bulk semiconductors
[134,135], they assumed that dislocations propagate with a velocity, v, approximately
proportional to the excess stress, and controlled by thermal activation over the inter-atomic

Peierls stress, such that:

_ Bla),
v=-v,6,¢e X o (6.04)

The activation energy, E,,for 60° a/2<110> dislocations is measured in bulk semiconductors
to be of the order 2.2 eV in Si [134,135], 1.6 ¢V in Ge [136] and 1.0 eV in InAs and GaAs

[50].

6.3 Simulation Models

The model system used in the present study is a two-dimensional triangular lattice with
interactions defined by the Lennard-Jones potential (LJP) as defined in equation (3.18). The
interactions between the various atoms are modeled using one of three potentials: V,, V., V,,,
all of which are LJP with three parameters e (e,, €., and €,.) and three parameters ¢ (g,, 0., and

a,.). Potential V, and V, model the interactions among ESL and substrate atom. V.. simulations
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the interactions of atoms at interface. ¢, and o, are used as the units of energy and length. I
chose the parameter ¢, = 0.9 ¢, for the ESL taking into considerations thai silicon and
germanium have different properties [137} and the fact that the most common structures for ESL
are Si,,Ge,. Since for LIP the equilibrium lattice constant is proportional to the parameter o,
I select the o, = (1+x) o, By changing the input value of x, [ can the vary the misfit ¢, =
x/(14x) = x of the system. The parameter ¢, and o,. are given by the Lorentz-Berthelot rule

[138] for the mixtures

...(6.5)

The relaxation technique used in this part of the calculations is the same as discussed in
chapter 3. The simulation cell is a parallelogram composed of two parts. The bottom part is the
substrate with equilibrium lattice. It consists of 50 rows time 95 columns of atoms. The top part
is the ESL with the lattice constant x% larger than that in the substrate. The bottom two rows
of the substrate are held fixed while free boundary conditions are imposed on the other three
sides. These conditions effectively model the ESL on a large substrate, in order to investigate
the effects of the lattice mismatch and layer thickness of ESL on its relaxation mechanism. A
representative structure of the 5 ESL on the substrate is shown in Fig. 51. Only half of the

substrate atoms are displayed in the graph.
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6.4 Simulation Results

I only focus on the ultrathin ESL whose layer thickness is smaller than 10 layers owing
to the limitations of the computer relaxation time. We also know from the discussion in section
6.2.1 that this is the range for which the well accepted MB model fails because of the core of
the dislocation. And the ultrathin ESL is the initial stage of the epitaxial growth. To fully
understand the mechanism of strain relief in this stage will help to control the growth process
to get the defect-free ESL.
6.4.1 Strain relaxation process

We first look at the dependence on the misfit of the ESL. The starting configuration was
the 5 layer ESL with various misfits. The ESL in this case is compressed. In the process of
relaxation the internal stress of the ESL will push the atoms to the side of the layers. I plotted
on Fig. 52 the average energy per atom, the main part being the strain energy, as a function of
misfit. The misfits I considered were from 1% to 12%. As we can see from Fig. 52, for the
small misfit such as 3% to point a, the ESL is stable. The strain energy increases linearly with
respect to the misfit, which is predicted by elasticity theory [22]. As soon as the misfit reaches
point a, the coherent ESL becomes incoherent with one misfit dislocation appearing at the right
side of the system. This dislocation is nucleated by pushing one line of ESL atoms out of the
substrate (see the right side of Fig. 53). As the misfit increases to point b, another misfit
dislocation appears at the left side of system (see the left side of Fig. 53). These two misfit
dislocations start to move towards the centre part of the ESL as the misfit passes b. This kind
of dislocation movement becomes energetically favourable. It brings the strain energy down. The

arrows in Fig. 53 indicate the new positions of the misfit dislocations. Later, the gliding of these
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Fig. 52 The strain energy change as a function of misfit. Points a & b are the misfits for which
the first pair of dislocations nucleated from the edges. At point c, the first pair of dislocation
stops to move toward the centre. Points d & e are the misfits for generating the second pair of
dislocations. At point f, the surface becomes unstable and at point g the dislocation starts 1o

nucleate from the rough surface.

156



-smoLe AQ paiedipul oIe SUOIEDO[SIP Wsiw Jo suonisod feuty AL, “ISH 3@ jo

$93pa 91 WOJJ PIIBI[ONU SUOIESOSIP IYSILI OM} Yiam uoneIndiyuoo saneuasades oyl €S iR

-
L]
G-.'..........l...'....'.....'......".'..ﬂ'.....‘.l.'........

157



two misfit dislocations becomes sluggish and stops completely when the misfit equals ¢, where
the right misfit dislocation is only about 22a from the edge and the left one is about 18a from
the left edge and leaves the large part of centre unrelaxed. Here a is the lattice repeating distance
at the interface. From the c to d, the strain energy increases linearly with respect to misfit again.
We can further verify that during this period the two misfit dislocations actually do not move
at all. Note that the slope of cd is almost the same as the initial 3% to a. This indicates that
from ¢ to d, the gain of the atom energy is all fr.om the strain energy. At point d, another misfit
dislocation is formed at the right side of the ESL and at point c, the fourth misfit dislocation is
formed from the left. Since the strain at two sides of system has been partly relieved by the first
pair of misfit dislocation, there is not enough room for the second pair of dislocations to
advance toward the centre. The second pair of dislocations stops at only 5~ 6a from the edge.
The corresponding energy is not reduced as much as the first two misfit dislocations. It can only
hold the rising energy curve at a small plateau (de in the graph). As the misfit continues to
increase after point e, the stress in the centre part of the ESL becomes much higher than those
at the two sides which are alleviated by nucleating two pairs of misfit dislocations. It is not
surprising that the surface of ESL becomes unstable in the centre when the misfit is at point f.
Fig. 54(a) is the relaxed configuration of the system at point f. Only the centre part of the
system is displayed. One atom has been squeezed out of the surface to ease the large compressed
stress at the ESL. As the misfit becomes even higher (at point g), the surface becomes very
rough, allowing easy nucleation of dislocations (see Fig. 54(b)). The roughening process is
energetically favourable which reduces the strain energy dramatically (see fto g in Fig. 52). And

the substrate also becomes rough at the interface,
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Fig. 54 The configurations of surface roughness with (a) misfit at point f and (b) at point g in

Fig. 52. ® and O represent the atoms of ESL and substate respectivley.
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6.4.2 Misfit Dislocation

As [ discussed above, at small misfit, the strain ESL will relax by nucleation of misfit
dislocations at existing sources such as the edges of the system where the stress is concentrated.
It is interesting to study in detail the nucleation conditions of this kind of dislocation.

In addition to the misfit of the layers, this nucleation mechanism also depends on the
thickness of the ESL. The critical misfit for nucleating a dislocation from the edges as a function
of thickness of the ESL is shown in Fig. 55. F.ig. 55 indicates that the critical misfit decreases
linearly as the thickness increases. This suggests that this relaxation process may be more likely
to operate in ESL with ten or more layers since the bigger the layer thickness the larger the
strain in the ESL. And the higher stress concentration at the edges will make it easy to overcome

the energy barrier to nucleate the dislocations.

6.5 Discussion and Conclusion

Here comes the conclusion of this chapter. We find two competing mechanisms of
relaxation for the ESL. At smalil misfit, the strain relaxes by nucleation of misfit dislocation at
the existing points of stress concentration. In our case, these are the edges of the system. And
this relaxation mechanism is favourable for the thick ESL layers. However misfit dislocations
generated by this mechanism can not glide to its ideal position in the ESL due to the kinetic
barrier. This is quite undesirable for the relaxation of the strain. On one hand, it leaves a large

part of layer, which is far from the defects, unrelaxed. And on the other hand, it reduces the
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driving force to nucleate more misfit dislocations from those defects since misfit dislocations are
Just piled up around them. At large misfit, the surface becomes unstable which provides a low-
barrier path for formation of dislocations to relax the strain.

LeGoues and co-workers [102,132] found that the growth of Ge islands on the Si(001)
is associated with dislocation nucleation at the edges of the island following sudden enlargement
of the size of the island. They also found the two similar competing mechanisms for the ESL.
Since the LIP is a weak potential including oﬁly two-body interactions, the misfit values we
used are relatively high compared with theirs. However, our results seems to be in qualitatively

agreement with their experimental ones.
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Chapter 7. Conclusion

Dislocations have been studied in two types of systems, monolayers and bulk Si. In
monolayers the emphasis was on departure from elastic behaviour. Two interparticle potentials
were considered, the Lennard-Jones potential (LJP) and the piecewise linear force potential
(PLF). Elasticity theory predicts a logarithmié dependence of the interaction energy on the
distance between 2 dislocations, a minimum in dipole interaction for a 45° angle and no Peierls
stress. However for the two potentials considered departures from elastic behaviour are more
significant than one would have expected. Even in a system such as the PLF system where the
forces are all harmonic, the region where the dipoles behave nonelastically is fairly extended and
the asymmetry between interstitial and vacancy dipoles is significant. Comparison between the
properties of the dislocations in LIP and PLF monolayers shows that the key parameters are the
energies of the vacancy and interstitials defects. When the vacancy energy is lower than the
elastically predicted core energy value, the lowest energy configuration for a vacancy dipole is
a five-fold coordinate vacancy (FCV) configuration. In the LJP system vacancy dipoles are lower
in energy because the LJP system is softer under expansion than compression whereas interstitial
dipoles tend to be lower in energy in the PLF system because of its soft core. The non-elastic
behaviour is larger in both range and magnitude in the LJP system but it is not negligible in the
PLF system. In the longer range LIP system the dislocations are harder to form than in the PLF
system but easier to move. In the short range PLF system they are easy to form in particular in
the compressed systems but hard to move. Except for the anomalous configurations involving

a FCV the angular dependence of the dipole energies in the PLF is what is predicied by
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elasticity theory with a minimum at 45°. However the angular dependence in the LIP system is
significantly smaller than the prediction of elasticity theory. There is still a broad maximum
centred around 90° but the energy rise is only about one third of that predicted by elasticity
theory, and minimum is closer to 60° than 45° These studies therefore reveal that in two
dimensions dislocation properties depend sensitively on the nature of the interparticle

interactions.

For bulk Si, we first constructed a zero-temperature model for dislocations within the
framework of a Peierls-Nabarro (PN) model using generalized stacking-fault (GSF) energies
obtained from first-principles density-functional calculations. Core width (2£), core energies
(W(a’/2)), PN pinning energies (W) and stresses (o,) are calculated for various possible perfect

and imperfect dislocations. Those results are listed in TABLE 7.1,

The Stillinger-Weber potential (SW) model simulations are also performed for various
dislocations in silicon. We find no evidence of dissociation in the shuffle dislocations. Within
this model shuffle dislocations glide along their slipping planes. On the other hand, glide sets
are shown to glide only in dissociated form. The dislocation displacement fields are shown to
be mainly constrained along the Burgers vector. The Peierls stress (PS) is found to be isotropic
within the (111) glide plane. In other words, at 0K, the minimum stress required to move the
dislocation in any direction within that plane has the same projection unto the Burgers vector,
the PS of the dislocation. Our PS are in agreement with those obtained from PN mode] listed

in TABLE 7.1. These agreements indicate that our PN model can give the correct relationship
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TABLE 7.1 Properties of dislocations in Si obtained from our PN model (¢ = 0.426 eV / A%

Dislocations 2¢ Wi(a’'/2) W, 7,

(A) (eV/A) (eV/A) ()
Glide 60° 0.37 0.169 3.77 16.92
Glide screw 0.30 0.11¢ 3.74 21.29
Shuffle 60° 3.95 0.538 0.116 0.083
Shuffle screw 3.14 0.408 0.148 0.112
Glide 30° 0.92 0.062 0.343 0.351
Glide 90° 1.16 0.093 0.323 0.282

between GSF energy surface characteristics and the properties of dislocations at low temperature
in the absence of reconstruction’ .

Both the PN model and SW simulations show that in Si, at 0K, shuffle set dislocations
should be easier to form and move than those belonging to the glide set but experiments do not
show that. Temperature may explain the difference through entropy effects [54] or maybe some
complex reconstruction is responsible. OQur modeis do show that 90° partials have lower Peierls

stresses than those of the 30° partials in accord with experiments.

! The effects of reconstruction are not considered in the PN
model because it assumes homogeneous displacements along the
dislocation line.
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Finally, using a simple two dimensional LJP system, we found two relaxation
mechanisms in the epitaxial strained layers (ESL). At small misfit, strain is relaxed by nucleating
the misfit dislocations from the points of stress concentration. This process is easier for thicker
layers. Due to the kinetic barrier of the misfit dislocations, they can not evenly release the stress
in the strained layers. At large misfit, the surface where the stress is relatively high becomes

rough, and misfit dislocations are generated from the surface to relax the stress.
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